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ABSTRACT 

 This thesis explored the susceptibility of ferritic/bainitic, advanced high strength steels to 

zinc-based liquid metal embrittlement (LME).  The understanding of the causes and effects of 

LME is critical because of the common use of zinc coatings for corrosion protection and an 

increased used of advanced high strength steels in industries such as automotive.  Transformation 

induced plasticity steels, TBF 1180 and TRIP 700, and a complex phase steel, CP 1200, were 

studied to assess their susceptibility to LME during hot tensile tests.  Comparisons between 

stress versus strain curves collected with and without zinc coatings at various temperatures and 

strain rates were used to determine the effect of the zinc-based embrittlement on the mechanical 

properties of these steels.  The stress versus strain curves were collected using uniaxial hot 

tensile tests in a Gleeble 1500D thermal-mechanical simulator from Dynamic Systems Inc.  The 

fracture modes were studied using scanning electron microscopy and energy-dispersive X-ray 

spectrometry (EDS).  From the results it was determined that all three steels demonstrated LME 

at temperatures between 800 °C and 900 °C and nominal strain rates of 1.3 and 0.13 strain per 

second.  The fracture mode for all LME cracks was found to be intergranular. 
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BACKGROUND AND MOTIVATION 

The need for research, development, and implementation of advanced high strength steel 

(AHSS) has increased to meet consumer and manufacturing demands and expectations.  Three 

reasons have been identified for the current trend to use more advanced high strength steels (De 

Cooman, 2004).  The first reason is the need to reduce the weight of the automobile by 

increasing the use of higher strength, thinner gauge materials which leads to reduced fuel 

consumption and emissions.  The increase in strength from using AHSS means that the thinner 

gauge steel could be used to achieve the same strength and passive safety with less material.  A 

reduction in material reduces the weight of components and of the vehicles as a whole.  The 

lesser weight of the vehicle from use of lightweight materials, composites, and high strength 

steels have been proven to reduce the life-cycle energy use and greenhouse emission of vehicles 

when compared to the conventional automotive steels (Kim, Kim, Kim, Chung, & Choi, 2014).  

The second reason is the improvement of passive safety of vehicles which contributes to better 

passenger safety and crash worthiness.  As regulatory agencies put increased pressure to improve 

passenger safety in frontal offset and side impact crashes a stronger steel is needed in the 

automobile frame specifically the passenger safety cage (De Cooman B. , 2004).  The passenger 

safety cage, the part of the frame that surrounds the occupants, is to remain rigid during impact 

as compared to the crumple zones of the car.  The requirement to remain rigid during impact 

naturally inclines this section of the car to be made using AHSS.  The third reason for increased 

use of AHSS has come from increased competition from other light-weight alternative materials 



 2 

such as aluminum and magnesium alloys and composites.  This move to lightweight materials is 

driven by consumer expectations and weight reduction but limited by the production costs 

associated with these diverse materials.  For this reason, advanced high strength steels (AHSS) 

are the best mix of manufacturability and cost while still reducing the overall weight of the 

automobile to match manufacturer and consumer expectation.  AHSS are classified as having 

yield strengths greater than 300 MPa and tensile strengths greater than 600 MPa (De Cooman B. 

, 2004). 

 During the development of new metallic materials, increases in strength or ductility have 

been considered in conflict with an advance in one coming at the expense of the other (Chen, 

Zhao, & Qin, 2013).  However, the new generations of advanced high strength steels are shown 

to have high strength in combination with good formability, but the mechanisms used to achieve 

these properties vary (Bachmaier, Hausmann, Krizan, & Pichler, 2013).  From the literature three 

generations of AHSS have been classified by which microstructure and strengthening 

mechanisms are used (Lee & Han, 2015).  The first class includes dual phase (DP) steels, 

complex phase (CP) steels, and low alloy transformation induced plasticity (TRIP) steels.  The 

second generation introduced twinning induced plasticity (TWIP) steels which contain high 

levels of manganese and the third generation added quench and partition (Q&P) and medium 

manganese steels.   

First Generation of Dual Phase, Complex Phase and TRIP steels 

The first generation including dual phase, complex phase and TRIP steels have strengths 

of over 600 MPa with relatively low ductility of 20% (Lee & Han, 2015).  The microstructure of 

dual phase steel consists of a ferrite matrix with martensite as the secondary phase.  While 

complex phase steels typically have a fine ferrite or bainitic matrix with a high-volume fraction 
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of martensite.  Complex phase steels are shown to exhibit high grain refinement from alloying 

additions of niobium, titanium, and vanadium which gives them a tensile strength of greater than 

800 MPa. The first generation is restricted in its automotive part applications by its low ductility. 

Those TRIP steels considered to be in the first generation of advanced high strength 

steels are low alloy, specifically low manganese, TRIP steels.  These low alloy TRIP steels 

ideally contain only three phases: ferrite, bainite, and retained austenite.  The total alloying 

compositions of first generation TRIP steels only reaches 3.5 wt.% (De Cooman B. , 2004).  

Manganese is a key alloying element in the development of TRIP steels as it improves 

hardenability as well as acts as an austenite stabilizer.  The combination of all the three different 

phases allows TRIP steels to act as a composite material from a mechanical standpoint.  During 

deformation of the multiphase TRIP steels, work-hardening and temperature related softening 

effects occur simultaneously in both the retained austenite and the ferritic matrix which allows 

for a combination of strength and ductility.  When the material experiences plastic deformation 

the retained austenite transforms to martensite which results in a strain hardening effect.  This 

transformation is known as the TRIP effect and is the main mechanism by which TRIP steels 

have improved strength (De Cooman B. , 2004).   Martensitic transformation induced by the 

local stress relieves stress concentrations and delays necking.  The other major contribution to 

ductility is from the enhanced work hardening coefficient of the steel due to the formation of 

hard martensite.  The strain produced by the volume change from austenite to martensite also 

induces dislocations into the ferrite which strengthens it. (Bhadeshia & Honeycombe, 2006). 

Second Generation TWIP Steels 

 The second-generation high manganese twinning induced plasticity (TWIP) steels 

possess both high strength of over 700 MPa and superior plasticity exceeding 50% uniform 
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ductility (Lee & Han, 2015).  The basic model for strain hardening in TWIP steels assumes the 

dominate deformation mode is dislocation glide.  Therefore, the strain hardening is controlled by 

the kinetics of the material’s dislocation storage during plastic deformation.  When the material 

experiences deformation induced twinning,  this process causes a decrease of the effective 

dislocation glide distance or mean free path.  This reduction in mean free path results in a 

dynamic Hall-Petch effect, an increase in strain hardening rate, a high tensile strength and greater 

uniform elongation (De Cooman, Estrin, & Kim, 2018).  TWIP steels’ microstructure consists of 

a single austenite phase or multiple phases like that seen in TRIP steel but with a high content of 

austenite phases.  To obtain the austenitic microstructure a large amount of alloying elements, 

most importantly manganese, are required (Chen, Zhao, & Qin, 2013).  The high amount of 

alloying elements increase the cost per tonnage of second generation AHSS produced (Lee & 

Han, 2015).  While TWIP steels show desirable mechanical properties the high cost of alloying 

is expensive for high volume production. 

Third Generation Q&P and Medium Manganese Steels 

TRIP assisted bainitic ferritic (TBF) and Quench and Partitioning (Q&P) steels are two 

examples of third generation Advanced High Strength Steels which contain retainined austenite 

to utilize the TRIP effect (Hausmann, 2014).  Q&P steels describe C-Si-Mn, C-Si-Al or 

hypoeutectoid iron-carbon alloy systems that are subjected to recently-developed quench and 

partition heat treatments (Wang & Speer, 2013).  These steels can show ultrahigh strength of 

1000 to 1400 MPa and ductility of 10 to 20%.  Q&P steels are produced using a heat treatment 

that produces a microstructure of ferrite and carbon-enriched, stabilized austenite from the 

austenite partially quenched to martensite rather than transformed to carbide free bainite 
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(Edmonds, et al., 2006).  The ultrahigh strength of Q&P steels results from martensite laths while 

its good ductility is attributed to retained austenite and the TRIP effect (Wang & Speer, 2013). 

 TBF (TRIP assisted bainitic ferritic) steels’ microstructures consist of a baintic and 

carbon enriched retained austenite in a matrix of polygonal ferrite (Sugimoto, Kobayashi, & 

Hashimoto, 1992).  The harder bainitic matrix compared to other TRIP steels produces a higher 

yield strength in TBF steels while the TRIP affect of the retatined austinite leads to excellent 

formability (Bachmaier, Hausmann, Krizan, & Pichler, 2013).  In contrast to first generation 

TRIP steels, the TBF steels have a lower manganese content, often considered to be medium 

manganese steels (Lee & Han, 2015).  TRIP steels are processed using five stage thermal cycle 

with a phase change occuring at each of the five stages, Figure 1.  The first stage is rapid heating 

from cold rolled ferrite to a temperature that dissolves cementite and is above the austentization 

temperature (Ac3).  During this time the austenite inherits the manganese content from the 

pearlite.  The second stage known as intercritical annealing is used to achieve the austenite 

microstructure.  The formation of the austenite is first controlled by the diffusion of the carbon 

and then by manganese and other alloying elements such as silicon.  After intercritical annealing, 

the steel is rapidly cooled, during which new ferrite forms on the existing ferrite phases.  The 

steel is cooled to a temperature in which the next phase is carried out known as austempering.  

During austempering, the critical parameters of cabon content, volume fraction of austenite, and 

size of retained austenite are determined.  The steel is held at a temperature between the bainite 

start temperature and the martensite start temperature which provides time for the development 

of bainitic matrix and the even distribution of carbon (Hausmann, 2014).  The carbon distribution 

and partitioning enriches the austenite and prevents the transformation to martensite during 

cooling (Zaefferer, Ohlert, & Bleck, 2004).  The steel is then slowly cooled, but some of the 
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retained austenite may transform to martensite (De Cooman B. , 2004).   This microstructure is 

achieved by heating above the austenization temperature and holding before quenching to room 

temperature.  The third generation show promising characterstics but their dependence on careful 

heat treatment can be altered during production processes such as welding and joining. 

 

Figure 1. Schematic heating and quenching processing cycle for TRIP steels 

Liquid Metal Embrittlement 

All generations of AHSS have shown potential applications for structural components in 

automotive manufacturing.   However, these alloys must be coated with a zinc layer for 

corrosion resistance which can lead to decreased mechanical properties during manufacturing 

processes in the form of liquid metal embrittlement (LME).  Since it discovery in 1874, (Gorse, 

Goryachev, & Auger, 2003) for lead-bismuth systems, LME has been of interest because of its 

ability to degrade the mechanical properties of a material that can lead to failure at much lower 

loads and life cycles than expected.  This phenomenon is of concern as a variety of conditions 

can cause the failure of parts from complex nuclear applications to basic hot forming of steel 

components. The liquid metal embrittlement phenomenon has been seen in many metal systems 
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including solid aluminum with liquid gallium, solid copper with liquid bismuth, solid martensitic 

steels with liquid lead, and solid austenitic stainless steels with liquid zinc (Beal C. , Kleber, 

Fabregue, & Bouzekri, 2012).   

Many models have been suggested for the embrittlement mechanism which include but 

are not limited to crack tip brittle fracture propagation models, dislocation activity models, and 

grain boundary models (Kang, Cho, Lee, & De Cooman, 2016).  In the crack tip brittle fracture 

propagation models, the base metal experiences bond weakening or decreased cohesive strength 

from the embrittling liquid metal or alloy and is driven by brittle fracture.  The Rostoker-

Rehbinder surface energy model assumes absorption of the surface active embrittling liquid and 

crack initiation occurs sub-surface slip.  This model was then further developed into the Stoloff-

Johnson-Westwood-Kamdar (SJWK) which is often used to explain LME.  In the SJWK model, 

liquid metal located at a crack tip weakens intermetallic bonds which leads to crack propagation 

and reduction in bond strength.  The SJWK model does not provide a way to determine the 

decrease in surface energy.  In the dislocation activity models, the influence of the embrittling 

liquid on the dislocation activity at the crack tip is examined.  One such dislocation activity 

model is the Lynch localized deformation model.  In the Lynch model the liquid metal is 

suggested to facilitate the nucleation of new dislocations which enhances the plastic deformation 

at the crack tip.  This enhanced plastic deformation lowers the stress required to generate and 

move dislocations.   However, this model predicts microvoids and dimples in the fracture surface 

indicative of plastic deformation.  In the grain boundary models, crack growth is driven by grain 

boundary diffusion.  Rather than the crack tip being wetted by the liquid as the other models 

assumed, these models focus on stress assisted diffusion proceeding the liquid metal and crack 

tip.  In the Krishtal-Gordon-An grain boundary model, fracture occurs only after the grain 
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boundaries are embrittled by the stress-assisted grain boundary diffusion of the embrittling 

atoms.  This model assumes the cracking does not involve plastic deformation at the crack tip 

and requires the material to have high grain boundary diffusivity. 

The examination of the various models illustrates that the LME mechanism is not 

understood however its effect on manufacturing processes is well known.  Work by H. Kang et 

al. 2016 was used to disprove a key aspect of the dislocation activity models.  In TWIP steels 

found to be affected by LME no dislocation pile up was found near fracture sites or LME cracks.  

Kang found that under conditions in which TWIP was readily embrittled IF steel showed no 

evidence of embrittlement.  None of the discussed models explains the greater susceptibly of 

TWIP steel as compared to other steels like press hardened and interstitial free steels.  The stress-

assisted grain boundary diffusion model and surface energy models were compatible with 

observations made in zinc embrittled TWIP steel.  The embrittlement of steels by zinc is of 

concern because of the common practice of using electrogalvanized or hot dipped coatings of 

zinc for corrosion protection on all types of steel.  The joining and forming processes such as 

resistance spot welding and hot pressing can create ideal conditions under which materials can 

embrittle and experience failure (Ashiri, et al., 2016).  The combination of applied stresses on the 

parent material during forming processes and molten zinc layer by heating provide the 

combination of conditions required for LME. 

Recent work on zinc-coated, twinning induced plasticity steels has shown its 

susceptibility to LME under various condition (Beal C. , Kleber, Fabregue, & Bouzekri, 2011) 

(Beal C. , Kleber, Fabregue, & Bouzekri, 2012) (Kang, Cho, Lee, & De Cooman, 2016) (Jung, 

Woo, Suh, & Kim, 2016).  Zinc coated TWIP steel samples were mechanically tested using a 

Gleeble thermo-mechanical simulator and reported to show a deterioration of the mechanical 
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properties, specifically ductility.   The work done by Beal et al. suggested that temperature as 

well as strain rate play a significant role in the embrittlement.  Beal found that 22Mn – 0.6C 

TWIP steel experienced embrittlement at temperatures of 700 °C to 950 °C and strain rates 

between 1.3 x 10-2 and 1.3 strain per second.   At slower strain rates such as 1.3 x 10-3 strain per 

second the same steel showed no significant signs of LME.  The work by H. Kang et al. 

confirmed the susceptibility of TWIP steel to LME, tracked the chemical transformations after 

fracture, and examined the feasibility of existing LME models.  His work with TWIP, press 

hardened steel (PHS), and interstitial free (IF) steel suggested that crystal structure did not 

directly relate to their ability to experience zinc-based LME.  Kang found that under conditions 

in which TWIP was readily embrittled IF steel showed no evidence of embrittlement.  Zinc was 

found to penetrate the steel matrix along the austenite grain boundaries through a liquid zinc iron 

manganese alloy (Kang, Cho, Lee, & De Cooman, 2016). 

 As there has been little reported work in the literature on the susceptibility of TRIP steels 

to liquid metal embrittlement caused by a zinc coating, this thesis aims to determine if these 

steels show the same problems as other AHSS. 

Thesis Objectives 

• Determine if ferritic-bainitic advanced high strength steels experience the same type 

of liquid metal embrittlement response as shown by other steels in the literature.  

Previous work done on various steels specifically TWIP steel (Beal 2011 & 2012) and 

PHS steel (Kang 2016) has shown significant decreases in mechanical properties 

attributed to LME.   

• Determine how the conditions under which the steels are mechanically tested affect 

the liquid metal embrittlement response.  Using the thermo-mechanical Gleeble tester, 
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parameters such as temperature, strain rate, and hold time can be independently changed 

to determine the effect on mechanical response. 

• Determine how the liquid metal embrittlement cracks propagate through the 

microstructure.  The LME phenomenon has been shown to be intergranular for all zinc 

steel systems previously tested.  The fracture mode is of interest as the steels tested have 

a common fracture mode despite having different microstructure and strengthening 

mechanism.    
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EXPERIMENTAL METHODS 

Materials & Processing 

 The materials systems investigated in this thesis were TBF 1180, TRIP 700, and CP 

1200.  TBF 1180 and TRIP 700 are both transformation induced plasticity steels while CP 1200 

is a complex phase steel.  The base chemical compositions for these steels is shown in table I.   

 

Table I: Nominal chemical compositions (wt.%) of TBF 1180 (Hausmann, 2014), TRIP 700 and 
CP 1200 (Hausmann 2014) 

Steel C Si+Cr Mn+Mo Nb P S N 

TBF 1180 0.17 – 0.22 1.0 – 1.4 2.3 – 2.7 < 0.05 < 0.01 < 0.01 < 0.007 

TRIP 700 0.1 – 0.25 0.05 1.6 -- 0.05 -- -- 

CP 1200 0.18 – 0.2 0.25 – 0.8 1.6 – 2.2 -- -- -- -- 

 

All samples were cut using wire-cut electro-discharge machining (EDM) from 150 mm x 50 mm 

x 1.5 mm metal coupons.  The samples were received electrogalvanized but were tested both 

with and without the zinc coating.  The zinc coating was removed from the samples by soaking 

in a 1.6 molar solution of glacial acetic acid for 4 hours. 

 A dog bone sample geometry, Figure 2, was used in these experiments whose original 

shape and dimensions were taken from previous work by C. Beal and modified to fit the test 

apparatus.  All measurements shown in the schematic below are measured in millimeters.   
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Figure 2: Geometry of Gleeble dog bone sample used during hot tensile testing 

 Copper grips were used to apply the load and apply resistive heating to the samples.    

The extensometer, used to measure horizontal displacement, was placed on the sample using 

ceramic fiber cords, kept in tension by spring connections.  Thermocouples were spot welded at 

the center of the dog bone in the flat side of the samples.  During testing a ceramic sleeve was 

placed around the thermocouples to prevent electrical shorting and disconnection.  The entire 

testing setup can be seen in Figure 3 which shows the sample in the grips with the extensometer 

and thermocouples attached. 

 

Figure 3: Photograph of configuration for hot tension testing 

Hot Tensile and Ductile Drop Curve Testing 

Uniaxial tension testing was performed at a selected range of elevated temperatures (600 

to 950 °C)  to quantify the effects of the zinc coating on the tensile behavior of the chosen 
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advanced high strength steels.  Each test was performed once with the as-received zinc coating 

and once with a sample that had the coating removed.  The comparison of the mechanical 

response of these tests can be attributed to the zinc coating. 

Thermal-Mechanical Testing 

 The Gleeble 1500D thermal-mechanical simulator from Dynamic Systems Inc. (DSI) was 

used to generate hot tensile stress versus strain curves for all samples.  Each sample was heated 

from room temperature to testing temperature at 80℃ per second and held for a predetermined 

soak time using resistive heating, Figure 4.  The standard soak time used was 30 seconds which 

was designed to all the sample to be a uniform temperature throughout.  A contact extensometer 

was used to measure displacement during testing which was conducted using stroke 

displacement control.   

 

Figure 4. Schematic of testing cycle for hot tension testing 
 

Extensometer Measurements and Calculations 

 The Gleeble thermal-mechanical simulator was programmed using the QuikSim2 

software.  During heating zero-force control was used to remove any load caused by thermal 

expansions of the sample and grips.  After the heating process, all instrumentation was 
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automatically zeroed including the extensometer by the QuickSim2 program which removed any 

contribution that the thermal expansion would have on the stress versus strain curves.  The tests 

were controlled using displacement of the stroke to meet a nominal target strain rate.  Three 

nominal target strain rates were chosen: 1.3 per second, 0.13 per second, and 0.0013 per second.   

The nominal strain rates recorded were calculated by using the initial length of the extensometer. 

As the stroke increased, the force and displacement were measured to calculate the stress 

versus strain.  The fracture energy was calculated by integrating the resulting stress versus strain 

curves (eq. 1). 

Equation 1 𝐹𝑟𝑎𝑐𝑡𝑢𝑟𝑒	𝐸𝑛𝑒𝑟𝑔𝑦 = 	∫ 𝜎𝑑𝜀 

This parameter takes into account any loss in strength as well as reductions in ductility.  By then 

further calculating the relative reduction in this fracture energy (eq. 2), the change in mechanical 

properties between uncoated and coated tests could be compared. 

Equation 2 𝑅𝑒𝑙𝑎𝑡𝑖𝑣𝑒	𝑅𝑒𝑑𝑢𝑐𝑡𝑖𝑜𝑛	𝑖𝑛	𝑓𝑟𝑎𝑐𝑡𝑢𝑟𝑒	𝑒𝑛𝑒𝑟𝑔𝑦 = 	 9:;<	9=>?:
9=>?:

𝑥	100 

When the values of relative reduction in the fracture energy were plotted versus temperature it 

gives a clear view of the embrittlement temperature range.  The curve created using the relative 

reduction versus temperature is known as a ductility drop curve.  By comparing ductility drop 

curves while varying other parameters, such as strain rate and soak time, the effect of the testing 

parameters can be seen.   

Metallography 

 Samples were examined using both light optical and scanning electron microscopy 

(SEM).  Samples viewed in the optical microscope were prepared using standard metallography 

techniques.  Samples were sectioned using a water-cooled cut-off saw and then mounted using a 

phenolic hot mounting resin with carbon filler.  Mechanical grinding was performed using 
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silicon carbide grit paper from 240 up to 2000 grit.  Samples were then polished using 3-micron 

and then 1-micron diamond suspension.  Fractography samples were viewed using an SEM and 

prepared by using cut-off saw, and then viewed unmounted to preserve the fracture surface.  

Secondary electron (SE) micrographs of the fracture surfaces were taken using a TESCAN 

LYRA3 FIB-FESEM.    Samples hot mounted were imaged and an energy-dispersive X-ray 

spectrometry (EDS) spectrum was collected using a JEOL 7000 equipped with Oxford SDD 

EDS detector.  EDS was used for a qualitative examination of the presence of zinc on varying 

parts of the microstructure.  An acceleration voltage of 20 KeV and working distance of 10 mm 

was used.   
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RESULTS 

Stress versus Strain Curves 

 The effect of the zinc coating and LME is demonstrated in the stress versus strain curves.  

For TBF 1180, Figure 5, the stress versus strain curves shows the change in the nature of the 

mechanical behavior at different temperatures.  At lower temperatures, such as 500 °C in Figure 

5 (bottom), the stress versus strain curves of the galvanized and bare sample lie on top of each 

other.  But as the temperature increases, the zinc coated samples exhibit a loss of ductility and 

ultimate tensile strength, Figure 5 (top).   Figure 8 shows that as the temperature increases the 

ductility increases for bare samples.  For electrogalvanized samples the ductility increases until 

at 800 °C there is a 25% drop in strain to fracture.   The electrogalvanized samples do not begin 

to recover ductility until 1000 °C. 
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Figure 5. Stress versus strain for TBF 1180 at strain rate of 0.13 per second (bottom) 500 °C 

(top) 800 °C 
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Figure 6. Stress versus strain for TRIP 700 at strain rate of 0.13 per second (bottom) 500 °C (top) 

800 °C 
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Figure 7. Stress versus strain for CP 1200 at strain rate of 1.3 per second (bottom) 500 °C (top) 

800 °C 
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Figure 8. Strain to fracture versus temperature for TBF 1180 at strain rate of 0.13 per second 

Ductility Drop Curves 

TBF 1180 exhibited an LME response at elevated temperatures and faster strain rates.  

Initial testing showed that TBF 1180 exhibited a minimum in ductility at a temperature around  

800 °C at a strain rate of 0.13 per second, Figure 9.  The red dotted line in the ductility drop curves 

denotes the transition from a ductile fracture to brittle fracture determined to be at a threshold of 

30% fracture energy reduction.  To examine the effect of strain rate, the same ductility drop curve 

was collected at two other strain rates 1.3 and 0.0013 strain per second.  The effect of strain rate 

can be seen in Figure 10, the slowest strain rate of 0.0013 strain per second caused the 

embrittlement response to be decreased to less than the 30% threshold even at temperatures where 

the most severe embrittlement is observed at other strain rates.  The ductility drop curves at strains 

of 1.3 and 0.13 are very similar. The availability of TBF 1180 material for testing allowed for two 

additional points to be added to the ductility drop curve of the fastest strain rate, 1.3 per second.  

The additional points at 750 °C and 850 °C for the 1.3 strain per second showed that the true 
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maximum of relative reduction in fracture energy occurs between 800 °C and 900 °C, Figure 10.  

TBF 1180 began to recover ductility and fracture energy at 1000°C due to the vaporization of zinc 

which occurs at 907°C. 

 

 

Figure 9. Relative reduction in fracture energy versus temperature for TBF 1180 at strain rate of 

0.13 per second 
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Figure 10. Relative reduction in fracture energy versus temperature for TBF 1180 at all strain 

rates  

TRIP 700 had similar results to that of TBF 1180 with the LME response occurring 

between the 800 °C to 900 °C, but its LME response was more strain rate sensitive.  From Figure 

11, the medium strain rate of 0.13 per second showed a greater LME response.  The medium 

strain rate of 0.13 had at least 25% greater reduction of fracture energy at the 800 °C as well 

around 10% greater reduction of fracture energy at 900 °C than that of the fastest strain rate 1.3 

per second.  The bottom of the ductility drop curve for TRIP 700 has shifted toward a higher 

temperature with 900 °C still having a much greater relative reduction of almost 80 and 90% for 

1.3 and 0.13 strain rates respectively as compared to 50 and 60% for TBF 1180.   
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Figure 11. Relative reduction in fracture energy versus temperature for TRIP 700 at all strain 

rates  

Increasing the soak time prior to an applied load caused a decrease in the magnitude of 

the LME response.  In Figure 12, the soak time was increased from the standard test parameter of 

30 seconds up to 300 seconds.  These tests were done under parameters that previously showed 

the greatest LME response, 900 °C and 1.3 strain per second.  As the soak time increased the 

relative reduction in fracture energy decreased until it crossed the 30% transition at 300 seconds. 
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Figure 12. Relative reduction in fracture energy versus soak time for TRIP 700 

 CP 1200 showed a ductility trough at a temperature range of 800 °C to 900 °C like the 

other steels tested, Figure 13.  LME in CP 1200 was also shown to be sensitive to strain rate, as 

observed for TRIP 700, with the medium strain rate of 0.13 per second have a much greater 

reduction in ductility.  When tested at the slowest strain rate of 0.0013 per second, CP 1200 

showed a much greater reduction in the LME response, as none of the tests crossed the 30% 

threshold.  Unlike TRIP 700 however the bottom of the ductility trough is not as shifted toward 

the 900 °C.   
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Figure 13. Relative reduction in fracture energy versus temperature for CP1200 at all strain rates  

Fractography 

The fracture surface shows the transition from a ductile to a brittle fracture.  A ductile 

fracture is marked by microvoid coalescence while the brittle fracture can show an intergranular 

surface.  By examining the samples with an SEM, the transition in fracture morphology, and 

therefore mode of fracture, was determined.  Samples fracture at 700 °C and 800 °C and at the 

fastest strain rate of 1.3 per second were examined for each of the steel types. 

A distinct change in the reduction in area during fracture was observed for all steels.  For 

temperatures less than 800 °C, a noticeable reduction in area was observed for all steels (Figure 

15, Figure , Figure ).  These reductions in area were approximately 87, 93, 73%, for TBF1180, 

TRIP 700 , and CP1200, respectively. 

For TBF 1180, key differences in the fracture surfaces between 700 °C and 800 °C were 

observed, including reduction in area and changes in fracture mode from ductile fracture at 700 

°C to intergranular fracture at 800C.  When the fracture surface is viewed at a low magnification, 
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Figure 14(a), TBF 1180 showed a significant reduction in cross-sectional area from necking 

when fractured at 700 °C.  At a high magnification, the surface shows microvoids associated 

with a ductile fracture.  When a sample fracture at 800 °C is viewed from the macro view, Figure 

15(a), there is no reduction in area.  The surface also shows large facets.  When viewed closer at 

a higher magnification the surface shows intergranular fracture across the facets. 

 

Figure 14. SE images of TBF 1180 at 700 °C and 1.3 /s (a) low magnification (b) high 

magnification 

 

Figure 15. SE images of TBF 1180 at 800 °C and 1.3 /s (a) low magnification (b) high 

magnification 



 27 

For samples of TBF 1180 at 800 °C and the fastest strain rates, there is not a uniform 

fracture mode across the sample surface.  Moving from the zinc coated surface (Figure 16(a)) the 

area’s fracture mode changes from brittle (Figure 16(b)) near the surface to ductile along the 

centerline( Figure 16(c)).  The transition from brittle to ductile is marked in Figure 16(a) by a 

dotted red line.   

 

Figure 16. SE images of TBF 1180 at 800 °C and 1.3 /s (a) transition of fracture mode, at higher 

magnification  (b) intergranular  and  (c) microvoids  

 TRIP 700 showed ductile fracture at both high and low magnifications at the lower 

temperature of 700 °C.  A noticeable decrease in cross section area, Figure 17(a), can be seen 

suggesting a ductile fracture which was then confirmed with the presence of microvoids along 



 28 

the centerline, Figure 17(b).  At 800 °C, the samples showed no reduction in area at low 

magnification, Figure 18(a), and an intergranular surface at high magnification, Figure 18(b), 

consistent with brittle fracture. 

 

Figure 17. SE images of TRIP 700 at 700 °C and 1.3 /s (a) low magnification (b) high 

magnification 

 

Figure 18. SE images of TRIP 700 at 800 °C and 1.3 /s (a) low magnification (b) high 

magnification 

CP 1200 showed ductile fracture at both high and low magnifications at the lower 

temperature of 700 °C.  A noticeable decrease in cross section area, Figure 19(a), can be seen 
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suggesting a ductile fracture which was then confirmed with microvoid along the centerline, 

Figure 19(b).  At 800 °C, the samples showed no reduction in area at low magnification, Figure 

20(a) and an intergranular surface at high magnification, Figure 20(b) consistent with brittle 

fracture. 

 

Figure 19. SE images of CP 1200 at 700 °C and 1.3 /s (a) low magnification (b) high 

magnification 

 

 

Figure 20. SE images of CP 1200 at 800 °C and 1.3 /s (a) low magnification (b) high 

magnification 
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Energy-dispersive X-ray spectrometry (EDS) was used for a qualitative examination of 

the presence of zinc on varying parts of the microstructure.  The known Ka, Kb, and La peaks 

for iron and zinc displayed in table II are used to confirm that zinc is present.  The examination 

of the intergranular microstructure of a TBF 1180 sample tested at 800 °C and 1.3 strain per 

second showed 3 peaks of zinc at the correct line energies, Figure 21.  The microvoids of the 

sample showed a weak La peak and no Ka and Kb peaks. 

Table II. X-ray line energy values for iron and zinc 

                 Peak Type     

Element 
Ka Kb La 

Iron 6.4 KeV 7.1 KeV 0.8 KeV 

Zinc 8.6 KeV 9.6 KeV 1.0 KeV 

 

 

 

 

 

 

 

 



 31 

 

 

Figure 21. EDS spectra of sample of TBF 1180 at 800 °C and 1.3 /s (a) full spectra (b) energy 

range of 6 to 9 KeV 

An LME crack was examined using EDS mapping and found zinc enrichment at the 

crack tip.  A sample of TBF tested at 800 °C and 0.13 /s was hot mounted with the flat side being 

viewed to examine cracks that propagated from the surface but away from the main centerline 

crack.  A crack tip highlighted by dotted circle in Figure 22(a) was imaged using SE(B) and EDS 
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mapping(c) to find areas of zinc enrichment.  The light area in Figure 22(c) is zinc enriched 

which the crack follows. 

 

Figure 22. Sample of TBF 1180 at 800 °C and 0.13 /s (a) SE image of crack overview (b) SE 

image of crack tip (c) Zinc Kα-1 EDS map 

To further explore the distribution of Zn in three dimensions, micro-serial sectioning 

around the tip of a LME crack was performed.  These measurements were made using a FEI 

company xenon-source, plasma focused beam (P-FIB) machine.  An initial flat surface was cut 

using the xenon beam and a backscatter electron (BSE) image was collected in which the crack is 

black, the Zn-rich area is white, and the ferrite grains are grey (Figure 23(a)).  Slices of 100nm in 

thickness were removed using the xenon beam, and a BSE image was taken of each new surface.  

All of these images were combined to create a three-dimensional, volume image of the LME crack.  

A three-dimensional rendering was produced by thresholding the brightness values in the volume 
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image with black representing the LME crack and white representing the Zn-rich regions.  These 

thresholded images were used to render the volume map in Figure 23(b).  In this image, the dark 

blue color is the distribution of zinc-rich phase and the cyan is the LME crack. 

 

Figure 23. 3D FIB-SEM imaging of cross section of LME crack (a) BSE image of single slice (b) 

3D volume rendering of all BSE imaging: cyan color represents the LME crack path; dark blue 

represents Zn-rich regions. 

The crack path for TBF 1180 samples experiencing LME was complex in geometry.  The 

fracture surface of a tensile sample of TBF 1180 fractured at 800 °C and 1.3 strain per second 

examined with SE showed cracks running parallel to the loading direction, Figure 24.  Closer 

examination of a section of the crack highlighted by the box showed the parallel crack was also 

intergranular, Figure 24(b). 
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Figure 24. SE image of parallel LME crack in sample of TBF 1180 at 800 °C and 1.3 /s (a) high 

magnification (b) low magnification 
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DISCUSSION 

 This work showed that ferritic and bainitic steels have a similar LME response as 

those of the current literature on TWIP steels (Beal et al. 2012) (Beal et al. 2011) (Kang et al. 

2016).  The fully austenitic TWIP steel experienced drastic reductions in fracture strain and 

strength at elevated temperatures and faster strain rates with relative reductions in energy greater 

than 90%.  Work by C. Beal found that, under certain conditions such as elevated temperatures 

above 700°C and strain rates of 0.013 strain per second and faster resulted in an LME response 

in TWIP steel.  These same conditions of temperatures above 700 °C and 0.13 strain per second 

also were conducive for an LME response in the three steels tested with similar relative 

reductions in fracture energy of 90% in the worse condition.  At the slowest strain rates, for 

TWIP and all steels tested the LME response could be decreased above the 30% threshold.  

Properties of the steels such as yield strength, ultimate tensile strength, ductility, and fracture 

toughness seem to play little role in the LME response.  The different steels tested as well as 

steels in the literature had little variation in the type of LME response with all experiencing 

relative reductions in fracture as much as 90% in the ideal conditions despite the steels have very 

different mechanical properties. 

The effect of temperature on the LME response can be attributed to several key phase 

transformations.  A peritectic reaction of iron, manganese, and zinc has been suggested to be a 

key requirement for the LME effect to occur rather than just the presence of liquid zinc (Kang, 

Cho, Lee, & De Cooman, 2016).  If the LME response was solely dependent on the existence of 
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liquid zinc, then higher reductions in the fracture energies would be expected at temperatures as 

low as 420 °C, which is the melting point of zinc.  However, greater than 30% relative 

reductions and a transition from ductile to brittle fracture does not occur until well above 700 °C. 

H. Kang et al. studied LME on TWIP steels and suggested that the LME was caused by 

percolation of a Fe and Mn-saturated liquid zinc alloy rather than just a pure liquid zinc (Kang, 

Cho, Lee, & De Cooman, 2016).  This Fe and Mn-saturated liquid zinc alloy forms from a 

peritectic reaction at the zinc steel interface at 782 °C.  The reaction occurs as the solid zinc 

intermetallic (G - (Mn, Fe)3Zn10) reacts to form the constituents of the Fe and Mn-saturated 

liquid zinc alloy and a solid austenite phase enriched with zinc.  This reaction is able to provide 

the liquid zinc required for an LME response either through percolation to the crack tip or by 

solid-state diffusion along austenite grain boundaries.  While Kang’s work was performed on 

TWIP steels with very high manganese content (>17 wt.%) the compositions of the steels tested 

in this thesis also contain varying amounts of manganese, see table I.  The reaction occurring at 

782 °C is also consistent with the results collected for the steels tested here, as substantial 

reductions in the fracture energy were only observed above the peritectic reaction temperature.  

Once the samples were above the vaporization temperature of zinc, they also saw a lack of LME 

response as no zinc was present for the peritectic reaction or any other embrittling mechanism to 

occur.  

A possible requirement for an LME response may be that the deformation take place at a 

temperature at which both liquid zinc and the austenite phase are present.  Those steels that 

contain austenite consistently exhibit LME while those without show decreased effect or no 

LME at all.  The TRIP steels have similarities to TWIP steel in that all contain some amounts of 

retained austenite at room temperature as well as manganese, which is an austenite stabilizer.  
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From the iron carbon phase diagram, the first austenite would appear upon heating at 727 °C, the 

eutectoid temperature.  Therefore, in all elevated temperature tests above 727 °C these steels 

would contain some amount of austenite transformed from the ferrite in the steel starting 

microstructure in addition to any retained austenite.  As the carbon content increases in iron 

carbon systems, the upper austenite transformation temperature (Ac3) decreases (ASM 

International, 2006); therefore, those steels with more carbon would have more austenite at the 

same testing temperature.  In contrast, work by Kang et al. found that an interstitial free steel 

(0.007C-0.079Mn-0.033Al) showed no signs of LME under conditions in which a TWIP steel 

showed severe embrittlement.  This interstitial free (IF) steel contains no retained austenite and 

very low alloying additions.  Having such a low carbon and alloying content, the IF steel would 

remain ferritic until the austenite start temperature of 912 °C, which is above the zinc 

vaporization temperature at 907 °C.  For IF steel, there would be no temperature at which there is 

a combination of austenite in the microstructure and liquid zinc that could then cause LME.  

The results presented in this thesis further suggest the importance of the austenite phase 

and the peritectic reaction for the occurrence of LME.  Figure 25 shows the relevant phase 

transformations in relation to the testing temperatures.  At 750 °C, the tested steels would be 

above the equilibrium eutectoid temperature but below the peritectic reaction and showed no 

evidence of LME.  The additional point added to the ductility drop curve of TBF 1180 at the 

fastest strain rate showed that at 750 °C the reduction in fracture energy was still above the 30% 

threshold for a ductile fracture, see Figure 10.  While at 800 °C the test occurs above the 

peritectic reaction and equilibrium eutectoid temperature and a large relative reduction in 

fracture energy is found in all steels.  At 750 °C, austenite should be present, but not the liquid 

zinc alloy, and no LME is observed.  At 800 °C, the liquid zinc alloy is present as is austenite for 
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the steels test, and LME is observed.  Thus, both austenite and the liquid zinc alloy are required 

for LME.  

 

Figure 25. Schematic of phase transformation temperatures for steel 

 The examination of the fracture surfaces confirmed the transition from ductile to brittle 

fracture modes as well as showed the intergranular nature of the embrittlement.  The 30% 

threshold was selected as the transition between fracture modes because above 30% relative 

reduction in fracture energy samples showed a characteristic microvoid coalescence associated 

with a ductile fracture as well as a decrease in cross sectional area.  Samples that had high 

relative reduction in fracture energy showed no reduction in the cross-sectional area of the 

samples with large facets on the surface rather than the uniform necking seen of the ductile 

fracture samples.  These samples had large facets which revealed the characteristic intergranular 

fracture surface associated with a brittle fracture.  While the exact mode with which the zinc 

moves through the material is still to be determined, these images make it clear the grain 

boundaries are the area been attacked by the LME and are causing decohesion of the 

microstructure.  This intergranular fracture surface is characteristic of other metallic liquid 

embrittlement systems such as silver and liquid gallium (Arakawa, Yamamoto, Sakai, & 
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Koizumi, 2014).  In another case of tempered martensite embrittlement by sulfur, it was found 

that the embrittling agents segregating to grain boundaries during austenitization and carbide 

formation caused embrittlement and resulting in an intergranular fracture surface (Briant & 

Banerji, 1981).  This result supports the idea that embrittled austenite grain boundaries result in 

the intergranular fracture and that these grain boundaries are susceptible to embrittling.  The 

slight recovery in fracture energy for the fastest strain rates of TRIP 700 and CP 1200, 0.13 per 

second, can be attributed to the non-uniform fracture surface as seen in other samples and 

imaged with TBF 1180, Figure 14.  The centerline still exhibits microvoids on the fracture 

surface suggesting the zinc did not have time to embrittle the entire sample as it spends 10 times 

less time at elevated temperature and experiencing plastic strain.   

 The LME cracks propagated through the zinc saturated grain boundaries but not all 

saturated grain boundaries contained a crack.  Once the optimal conditions exist for LME the 

resulting crack was found to travel intergranularly across the microstructure as indicated by the 

fracture surfaces of all 800 °C and 1.3 strain per second samples, Figures 13, 16 and 18.  

Existing LME cracks was examined using EDS and 3D-SEM renderings to determine if the 

crack path was consistent with saturation of the zinc.  EDS mapping of a large crack tip found in 

TBF samples tested at 800 °C and 0.13 strain per second founds zinc saturation around and 

within the crack, Figure 22.  A 3D rendering of an LME crack shown in Figure 23 showed that 

an LME crack followed zinc saturated area but did not crack all saturated regions.  In Figure 23, 

zinc saturation areas marked by cyan occurred in areas adjacent to the crack but did not fracture.  

However, the zinc saturation areas can cause cracks to occur in areas of minimal plastic 

deformation.  Examination of the tensile surface found cracks parallel to the loading direction 

which demonstrated at even very low loads LME cracks can occur, Figure 24. 
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 Increasing the time that the sample and coating spends at elevated temperatures 

decreases the magnitude of the LME response.  An increase in time at elevated temperatures 

allows for the formation of Fe-Zn-Mn intermetallics and the more even distribution of the zinc, 

which consume the liquid zinc rather than contribute to liquid embrittlement.  Previous X-ray 

spectroscopy results confirmed that the formation of Zn-Fe-Mn intermetallic compounds was 

possible (Beal C. , Kleber, Fabregue, & Bouzekri, 2012) (Kang, Cho, Lee, & De Cooman, 2016).  

However, the peritectic reaction discussed earlier unlocks the zinc from the intermetallics and 

allows it to exist in a liquid form above 782 °C.    But the longer time period over which the 

same is heated and experiencing both plastic and elastic deformation could allow the zinc to 

disperse along other parts of the microstructure rather than concentrating at the crack tip.   

The effect of parameters such as strain rate and soak time contributed to the total time the 

liquid zinc is in contact with the parent material without plastic deformation.  The most direct 

way to increase time at elevated temperature is the soak time before any load is applied to a 

sample.  The soak time allows the zinc to be molten, but no plastic deformation of the parent 

material.  A slow strain rate increases the time spent in both the plastic and elastic regions of the 

stress versus strain curves.   Time spent at elevated temperature was shown to affect the 

embrittling process in TRIP steel, as seen in Figure 12.  The increased strain rate also increased 

the time spent at elevated temperature and therefore time for the zinc to travel away from the 

crack tip.  This explains the little change in the relative reductions of fracture energy between 

samples at the slowest strain, most time at elevated temperature, 0.0013 per second.  The 

medium strain rate exhibited the greatest LME response despite spending more time at elevated 

temperatures therefore there is a medium amount of time required to maximize the LME 

response.  The balance is between the time required for liquid zinc to percolate or diffuse along 
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the grain boundaries and embrittle the microstructure and the time required for the zinc to be 

consumed in other places in the microstructure.  The fastest nominal strain of 1.3 per second was 

shown to be too fast for the LME crack to propagate through the microstructure as the 

intergranular fracture surface did not reach the center of the tensile sample, Figure 16.  To 

determine if zinc was present at the centerline of the crack EDS spectra were collected in regions 

of microvoid coalescence and intergranular.  The spectra of the intergranular surface showed 

peaks of Ka, Kb, La peaks at 8.6, 9.5, and 1.0 KeV respectively which conforms the presence of 

zinc.  While the spectra of microvoid microstructure only showed a very low La peak at 1.0 

KeV.  This indicates that very little zinc was able to travel to the centerline of the tensile sample 

during the test, Figure 21.  Therefore, the sample was tested above the travel speed of zinc. 
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CONCLUSION 

 This thesis explored the susceptibility of advanced ferritic/bainitic high strength steels to 

zinc based liquid metal embrittlement (LME).  Stress versus strain curves generated during hot 

tension testing for TBF 1180, TRIP 700, and CP 1200 were used to compare the effect of zinc 

coatings on these steels’ high temperature mechanical properties.  The relative reduction in 

fracture energy was used to quantify the change in mechanical properties from the LME. The 

fracture surfaces were studied using SEM to determine the fracture mode and the micro-scale 

crack propagation path.  This thesis made the following determinations: 

• Ferritic-bainitic, high strength steels are susceptible to the same type of zinc 

facilitated liquid metal embrittlement as seen in TWIP steels. 

The steels tested, TBF 1180, TRIP 700, and CP 1200 all had substantial reductions in 

fracture energy at temperatures between 800 °C to 900 °C and nominal strain rates of 1.3 

and 0.13 per second.  Under the most severe conditions, there was as much as 90% 

relative reduction in fracture energy between uncoated and coated samples.  

• Liquid metal embrittlement’s magnitude can be affected by the parameters of 

composition, temperature, time, and strain rate.  

The LME response is greatly affected by the testing temperature because of temperatures 

role in the phase transformations of the steel and the zinc liquid.  A peritectic reaction 

controlled by both temperature and composition could allow a zinc liquid that was iron 

and manganese rich to percolate through the microstructure.  Time spent at elevated 
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temperatures determined the availability of liquid zinc for embrittlement.  Zinc is either 

consumed into intermetallics and is unavailable for LME, or it saturates the grain 

boundaries leading to embrittlement. Temperature, strain rate, and soak time all affect the 

magnitude of the LME response by changing either the temperature or time.  All the 

steels tested had a sensitivity to LME from 800 °C to 900 °C.  No substantial reduction in 

fracture energy associated with LME was found at temperatures below 700 °C.   Nominal 

strain rates of 1.3 and 0.13 displayed LME but at the slowest strain rate of 0.0013, the 

LME magnitude could be substantiality decreased even at critical LME temperatures.  

Increasing the soak time also decreased the LME response.  Parameters of strain rate and 

soak time ultimately affected the time at elevated temperature. 

• Liquid metal embrittlement cracks propagate along the grain boundaries of the 

microstructure that are saturated with zinc. 

Zinc coated samples showing greater than 30% relative reduction in energy displayed an 

intergranular fracture surface.  While samples with less relative reduction in fracture 

energy had a fracture surface with microvoids marking a ductile fracture.  EDS mapping 

and 3D renderings of LME cracks showed crack propagation along zinc saturated grain 

boundaries.  Further examination of the fracture surface showed LME intergranular 

cracking even in low load directions. 
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