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ABSTRACT
Titanium alloys and Nickel-based superalloys are omnipresent in advanced aerospace and
terrestrial systems due their combination of specific material properties (normalized by density)
and superb performance at elevated temperatures. Although found in automotive, biomedical and
sporting goods industries the materials high costs impede their widespread usage. When
applicable, Additive Manufacturing (AM) technologies such as Electron Beam Melting (EBM)
and Selective Laser Melting (SLM) could alleviate production costs by reducing the amount of
raw material needed, machining processes and personnel.
While the aerospace-grade structural materials market has been traditionally dominated
by conventional alloys such as the above described High Entropy Alloys (HEAs) have emerged
as potential candidates given their combination of excellent stability, high strength, corrosion and
fatigue resistance. HEAs are loosely defined as alloys containing five or more principal
elements, each with a concentration between 5-35 at. %. Notwithstanding its complex chemical
arrangement, a multiplicity of reports in the open literature identified the formation of solid
solution phases consisting, generally, of simple FCC and/or BCC crystal structures.
The foundation of this doctoral dissertation lays at the intersection of material science
and mechanical engineering. Is on the basis of the correlation between processing physical
descriptors, materials structure and properties that an engineer can design an industry or
application specific component with predictable performance. Consequently, this document
summarizes a comprehensive investigation of the microstructural features (initial state and
deformed) and first tier mechanical properties of current and potential aerospace-grade alloys,
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i.e., EBM Ti6Al4, SLM IN718 and as-cast HEAs. Particular emphasis was placed on
documenting the high deformation rate (103-105 s-1) plastic response. The body of knowledge on
quasi-static behavior (10-4-10-1 s-1) is vast, however, the scientific literature is, at most limited, in
reporting mechanical properties on the high rate domain.
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INTRODUCTION
1.1

Intellectual Merits
On a forum organized by the United States Government Accountability Office (GAO) in

2014 the participants identified the challenges of using Additive Manufacturing (AM) to produce
functional parts for the medical, aerospace and defense sectors [1]. Among those, the participants
delineated the challenges associated with the fabrication of parts with microstructural integrity.
From pioneering works [2]–[6] to the dissertation that precede this effort [7], processmicrostructural correlations help to established the route to be adopted in order to ensure product
quality by avoiding unwanted defects such as porosity and/or residual stresses that may result in
poor mechanical performance. Once the fabrication parameters have been established, it is
customary to diagnose mechanical performance, thus completing the process-microstructureproperties characterization pathway necessary to ensure the production of functional parts. By
quantifying the plastic behavior and characterizing the deformed microstructure of an AM
Ti6Al4V and INCONEL 718 (IN718) under various deformation modes, strain rates, and
temperatures, this work aims to contribute to the physical properties library of advanced
structural materials. “First-tier” mechanical properties (yield, ultimate and fracture strengths etc.)
experimentally obtained by this investigation may be used not only as criteria for alloy
development and/or selection but also as data necessary to calibrate and validate constitutive
equations used in material models.
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A similar contribution is proposed for the novel field of High Entropy Alloys (HEAs).
While the aerospace-grade structural materials market has been traditionally dominated by
conventional alloys (steels, nickel-based and titanium alloys), HEAs have emerged as potential
candidates given their combination of excellent stability, high strength, corrosion and fatigue
resistance. In early studies, single phase HEAs were usually chosen as a model system to
investigate the fundamental physical mechanisms and mechanical behavior due to their
simplified structure [8]. Recently, there has been a shift towards multiphase HEAs fueled by
scientific publications that documented their superb mechanical performance at high
temperatures [9]–[11].
For instance, an increase in Al concentration on a multiprincipal system promotes phase
transformation. Transitions from a single phase FCC lattice to a duplex FCC+BCC type and
finally to a BCC structure has been documented by several studies [8], [12] on AlxCoCrFeNi
HEAs. Moreover, as reported by Tang et al. [12], by increasing the Al concentration on the
aforementioned HEA system an increase in strength is observed while its ductility is reduced.
Meanwhile, a later study by the same authors [13] revealed a remarkable improvement on tensile
ductility due to a microstructural homogenization treatment. The discrepancy on elongation to
fracture results by Tang and collaborators [13] on homogenized vs. non-homogenized specimens
revealed the importance of the composition-processing-microstructure-performance correlations.
Tensile specimens, with a similar elemental composition, had a diametrically opposed
performance (elongation to fracture) due to microstructural modifications caused by a
homogenization treatment (process). Thus, while examinations of the effect of Al concentration
on lattice parameters and their effect on the inelastic behavior has been performed previously [8],
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[12] this work attempts to develop a deeper understanding by coupling the effect of stress state,
strain rate and temperature of an AlxCoCrFeNi (x = 0.3 and 0.7 in molar ratio) HEA system.
Recapitulating, the relationship between composition, process, microstructures and
mechanical properties for structural materials are complex hence a comprehensive examination
is compulsory. Microstructure plays an important role in the material’s mechanical properties
such as strength, ductility, fracture toughness and crack propagation. In turn, the initial state of
the microstructure is dependent on elemental composition, processing methods and thermal
procedures [14]. Moreover, the micro-mechanisms of plastic deformation, which its
understanding is critical for structural applications, are known to be strain rate and temperature
dependent. This work not only correlates the composition to the processing parameters,
microstructures and mechanical response for three different material systems (Ti6Al4V, IN718
and AlxCoCrFeNi) but also aim to explain the obtained flow stresses in terms of their underlying
plasticity carriers.
This dissertation can be separated in two main parts. The first, which is represented by
Chapters 2 and 3, is a study of the influence of deformation conditions on the plastic behavior of
AM Ti6Al4V and IN718. Specifically, flow stress dependence on strain rate, stress state and
temperature was investigated for an Electron Beam Melting (EBM) AM Ti6Al4V (Chapter 2)
while the influence of thermal post-processes on the tensile plastic behavior (at varying
deformation rates) was assessed for a Selective Laser Melting (SLM) AM IN718 (Chapter 3).
The latter part of this document (Chapter 4) constitutes a study, following the blueprint
established on Chapter 2, of HEAs (AlxCoCrFeNi) with varying levels of aluminum. Lastly, the
remainder of Chapter 1 provides the necessary background whereas Chapter 5 state the
conclusions and recommendations for the whole document.
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1.2

Additive Manufacturing
Although rapid prototyping and related layer manufacturing processes have been

developed over the past several decades, the recent availability of commercial systems have
posted revolutionary manufacturing concepts [15]. Additive Manufacturing (AM), termed by
some researchers as “the next renaissance in manufacturing,” [16] offers many promising
benefits such as reducing the need for tooling accessories, i.e. molds and jigs, and allowing for
more optimized and complex components to be produced than conventional manufacturing
techniques. These attributes make AM especially applicable to the automotive, aerospace,
defense, electronics and medical/biomedical industrial sectors.
The American Society for Testing and Materials (ASTM) F42 Committee on AM has issued
a standard on process terminology [17]. A total of seven process categories were identified. As
defined by the committee:
§

Binder Jetting - an additive manufacturing process in which a liquid bonding agent is
selectively deposited to join powder materials.

§

Direct Energy Deposition - an additive manufacturing process in which focused thermal
energy is used to fuse materials by melting as they are being deposited.

§

Material Extrusion - an additive manufacturing process in which material is selectively
dispensed through a nozzle or orifice.

§

Material Jetting - an additive manufacturing process in which droplets of build material
are selectively deposited.

§

Powder Bed Fusion - an additive manufacturing process in which thermal energy
selectively fuses regions of a powder bed.
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§

Sheet Lamination - an additive manufacturing process in which sheets of material are
bonded to form an object.

§

Vat Photopolymerization - an additive manufacturing process in which liquid
photopolymer in a vat is selectively cured by light-activated polymerization.

Of the seven F42 standard categories only four pertain to metal AM, these are: Powder Bed
Fusion (PBF), Direct Energy Deposition (DED), Binder Jetting and Sheet Lamination. This
research characterizes two different metal systems (Ti6Al4 and IN718) fabricated via PBF
technologies, therefore, hereinafter, only PBF technologies are discussed.
PBF includes all processes where focused energy (electron beam or laser beam) is used to
selectively melt or sinter a layer of a powder bed. Schematics of current PBF technologies,
Electron Beam Melting (EBM) and Selective Laser Melting (SLM) are presented by Figure 1-1.

Figure 1-1PBF technologies schematics (a) EBM and (b) SLM. Reprinted from [18].
Although, both systems use the same powder-bed principle for layer-by-layer deposition
there are fundamental differences in hardware between technologies. EBM systems hardware are
5

configured as a high-power Scanning Electron Microscope (SEM). Meanwhile, in general, SLM
systems relies on lenses and a scanning mirror or galvanometer to manoeuver the position of the
beam. With respect to powder distribution, SLM technologies typically use a powder hopper
system and soft distribution blades (other systems may use a dispersing piston and roller),
whereas EBM platforms use powder hoppers and a metal rake. Moreover, additional differences
between EBM and SLM platforms are summarized in Table 1-1.
Table 1-1 Comparison of PBF technologies [18], [19]

Feedstock Quality

PBF EBM

PBF SLM

GA, RA, PA or PREP 45-100 µm

GA, RA, PA or PREP 10-45 µm

-2

Build Atmosphere

Vacuum (< 5 x 10 Pa chamber pressure
< 5 x 10-4 Pa column pressure)

Inert gas (Ar, Ni) fill or flow over build
surface

Build Envelope
Enclosed Volume
Enclosed Volume
Beam Diameter
0.2 – 1.0 mm
0.1 – 0.5 mm
Layer Thickness
100 µm
50 – 100 µm
Surface Finish
Ra 25/35 µm
Ra 9/12 µm
Residual Stress Levels
Low
High
Required Thermal Post-Process
HIP - optional
SR – required, HIP - preferred
Repair | Remanufacture
Possible in limited applications
Not possible
GA: Gas Atomization, RA: Rotary Atomization, PA: Plasma Atomization, PREP: Plasma Atomization Electrode Process
HIP: Hot Isostatic Press, SR: Stress Relief

In order to understand the intricate correlations between processing parameters and the
product of an AM process, it is useful to consider a general process flow chart (Figure 1-2) [18].
Here, the process inputs are AM hardware and software, part geometry, raster strategy, build
chamber atmosphere and feedstock quality. Moreover, the process outputs are mechanical
properties, failed builds and geometric conformity (feature size, geometry scaling). Thermal
interactions, enclosed on a box, are due to applied energy, beam interactions, heat transfer and
process temperature. For a complete discussion of the interplay between the aforementioned
factors readers are referred to [18].
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Figure 1-2 Overview of relationship between input parameters and underlying physics to meet the expected
outcome of metal AM. Reprinted from [18].

1.3

Microstructure and Mechanical Properties: Ti6Al4V
Of paramount importance is the meticulous mechanical characterization of materials

intended for high velocity impact, shock waves and/or ballistic service conditions. Consequently,
the response of Ti and Ti alloys, and their sensitivity to deformation rate, temperature and stress
state, has been extensively reported in literature from watershed publications by Meyers et al.
[20], da Silva and Ramesh [21] Liao and Duffy [22] and Nemat-Nasser and coworkers [23] to
recent articles centered on characterizing Ti6Al4V [24]–[28] and AM Ti6Al4V [29]–[33]. In
addition to researching deformation rate, temperature and stress state influences, several
researchers have investigated the flow stress dependence on initial microstructures [34]–[36]. In
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fact, studies have shown that the strain rate dependence on flow stress for Ti6Al4V is different
when comparing stress states [37].
In separate studies, Nemat-Nasser et. al [38] and Chichili and coworkers [39] reported the
dynamic flow stress of α-Ti. While Chichili and collaborators [39] shed light to the strain rate
sensitivity and work hardening of α-Ti plastic flow, Nemat-Nasser’s [38] thermomechanical
studies correlates temperature and strain rate to a three-stage strain hardening response.
Furthermore, both investigations identified the underlying deformation micro-mechanism
controlling macroscopic dynamic response. For instance at the submicron level, Chichili
observed both dislocations and twins [39]. Chichili also pointed out that twin density increased
with strain and deformation rate, and that although dislocation glide accounted for the majority
of the plastic strain, twin-dislocation interaction plays an important role in strain hardening [39].
Meanwhile, Nemat-Nasser et al. [38] identified a three-stage deformation pattern at a
temperature range from 23-525 °C which was ascribed to dynamic strain aging of dislocations
caused by solute atoms. Nevertheless, this explanation does not apply to ambient temperature
deformation since dynamic strain aging is only essential in Ti in the 225-525 °C temperature
range [40]. As later researched in Ti plasticity, a second strain hardening stage usually coincides
with the onset of twinning and their resistance to dislocation glide, an initial domain signifies
dynamic recovery (typical of metals with high stacking fault energy) and a final-third regime
reflects flow saturation [41], [42].
Kapoor and Nemat-Nasser measured the fraction of energy converted into heat during
high rate plastic deformation on commercially pure Ti [43]. Based on infrared detector thermal
signals, the researchers reported that nearly all the work done during high strain rate plastic
deformation was converted into heat, with the temperatures quantified being strongly dependent
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on strain rate. In spite that the empirically determined cooling rate lies within the 107 °C s-1
range, the rate of heat generation due to plastic flow exceeds the rate of heat dissipation to the
surrounding material [22], [44]. When localized, such a mismatch produces plastic flow
instabilities that are manifested as zones of highly localized deformation commonly referred to
as Adiabatic Shear Bands (ASB). The ASB phenomena has been noted as the dominant failure
mode for metals and alloys subjected to high rate loading conditions observed in ballistic impact,
explosive fragmentation and high velocity fabrication [29], [45]. Additionally, several authors
have documented that the localization occurs more easily in materials with low thermal
conductivity and a high thermal softening rate [29], [30], [46] thus demonstrating that Ti alloys
are susceptible to the formation of and subsequent failure by ASB.
Research conducted by Liao and Duffy [22], Rittel and Wang [26] and Landau et al. [27]
presents a comprehensive examination of the localized shear zone’s microstructural evolution in
dynamically-loaded Ti6Al4V. Liao and Duffy [22] reported local strain and strain rate values
(75-350% and 8000 s-1 respectively) on patterned thin-walled tubular specimens tested in a
torsional Kolsky bar. In addition, the authors used an array of infrared detectors to interrogate the
local temperature rise during the deformation process; temperature readings within the 440-550
°C range were recorded inside the sheared region. Based on the measured temperature raise and
fractography analysis, the authors concluded that there was no clear evidence to suggest that the
material within the shear band region had undergone phase transformation. Subsequently, Rittel
and Wang [26] research leads to the identification of the three distinct stages in ASB formation
(homogeneous, inhomogeneous and localized strain); their findings concur with earlier
experimental results reported by Marchand and Duffy [47]. While the latter based their
conclusion on high-speed photography of a fiducial grid pattern Rittel and Wang [26] research
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rely solely on infrared radiometer measurements. Landau and coworkers [27] expand on the
work of Rittel and Wang [26] by examining the shear concentration zone at its vicinity via
Transmission Electron Microscopy (TEM) analysis. Both, interrupted and fractured shear
compression specimens, presents pronounced microstructural refinement from dislocation cells
with increasing misorientation until the formation of dynamically recrystallized grains (DRX).
Although, as shown in the referenced work, there has been a number of dynamic studies
on Ti and its alloys, there is scarce work in Ti systems manufactured by AM methods.
Understanding the dynamic response of AM materials is of uppermost importance for impact or
shock applications, particularly if AM products are intended to substitute their conventional
wrought counterparts. In one study, uniaxial dynamic and static compression experiments
coupled with microstructural analyses, Biswas et al. [30] identified ASB as the predominant
failure mode on Laser-Engineered-Net-Shaped (LENSTM) porous Ti6Al4V. By similar analyses
Li and collaborators [31] reported the presence of ASB on dynamically loaded laser-deposited
Ti6Al4V. Additionally, the tension-compression asymmetry under high strain rate conditions
was discussed. Interesting to note, these studies show that AM process does indeed affect the
microstructure and subsequent mechanical properties. Given the wide breath of dynamic
reporting of wrought Ti6Al4V in literature, and the current rise of AM methodologies of
Ti6Al4V, there exist much to understand regarding the dynamic structure-property relations of
AM produced Ti6Al4V.
As in the prior mention, the EBM AM is an attractive process that warrants further
investigation of the dynamic response of Ti6Al4V; mainly, since EBM has already been
successfully utilized in other Ti6Al4V studies [48]–[52]. In these studies, EBM has shown
uniqueness in microstructures that are heavily dependent on the AM input parameters.
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Furthermore, the prior work by the authors [20], the first study on dynamic response of EBM
AM Ti4Al4V, only focused on the tensile response and therefore lacks information on how the
stress state may affect the performance of components made by EBM. Being that the EBM
process has already been shown by the authors to present interesting dynamic properties,
connecting this unique microstructure to the stress state dependent dynamic mechanical
properties, especially damage and failure, is of great advantage to AM manufacturing of
components that may undergo dynamic events in service. As referenced previously, Ti6Al4V has
already been shown to have significant strain rate dependence on stress state [37].

1.4

Microstructure and Mechanical Properties: INCONEL718
Inconel 718 (IN718) is a nickel-chromium based superalloy strengthened by disk-shaped

ordered body centered tetragonal (BCT) γ** -Ni3Nb and spheroidal or cuboidal ordered face
centered cubic (FCC) γ* -Ni3(Al,Ti)-precipitates in coherent austenitic g matrix . Other major
intermetallic precipitates are: acicular, orthorhombic (D0a) d-Ni3Nb, discrete metal-carbide
(MC) particles and amorphous Laves. Based on its excellent creep properties, oxidation and hot
corrosion resistance and superior mechanical properties in a broad range of temperatures alloy
718 is most widely used in aerospace, nuclear and petrochemical industries [53].
IN718 alloy is usually fabricated using conventional melting and casting techniques.
However, as often existent in wrought products made from large size ingot, segregation of highconcentration refractory elements (Nb and Mo) will result in some problems such as macrosegregation, formation of freckles, Laves phases, and white spots thus leading to a large variation
in mechanical properties [54]. Suitable thermal treatment have been developed to eradicate
elemental segregation and precipitate strengthening phases [55].
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Thermal treatments are required for many aerospace alloys to achieve their desired
properties. In particular, nickel-chromium based IN718 alloy requires a solution and
precipitation heat treatment that generates the microstructure required for the realization of the
alloy’s high strength. In terms of mechanical properties, solution treatment (ST) dissolve
detrimental phases while precipitation heat treatment (aging) precipitate and coarsen
strengthening intermetallics (γ* and γ** ).
With the characters that can produce more homogeneous and finer microstructures, AM
techniques are currently being investigated as prospective candidates to complement or replace
conventional production processes [56]. In particular, PBF platforms are generally encountered
in the open literature as the IN718 AM technique of predilection for IN718 production [54],
[57]–[61]. However, material produced via SLM requires at least one additional post-process. A
hot isostatic pressing treatment (HIP) recrystallizes the alloy microstructure and close internal
pores and cracks, allowing subsequent heat treatments to be effective at generating desired
properties. Additionally, a stress relief (SR) treatment may facilitate microstructure
recrystallization and reduce residual stress and the resulting distortion that can occur upon part
removal from the build platform. Therefore, SLM components are typically SR-processed prior
to removal from the substrate.
Amato and collaborators [59] studied the influence of thermal post-processes on the SLM
IN718 hardness. As reported, as-built components exhibited a columnar microstructural
arrangement composed of primarily <200> textured γ** phase precipitates within directionally
solidified and similarly textured grains. Upon HIP treatment (1163 °C for 4 hours) preceded by
SR at 982 °C for 0.5 hours the Vickers microindentation hardness increased to 5.7 GPa from an
as-built value of 3.9 GPa. HIP treatment also resulted in a 5–10% volume fraction of
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recrystallized material in which the γ** phase precipitate columns dissolved, and a homogeneous
precipitation of primarily coherent spherical or cuboidal-like precipitates occurred. Similarly,
Zhang et al. [54] investigated SLM IN718 microstructure and mechanical properties after
standard heat treatments (based on Aerospace Material Specification - AMS - standard for
wrought IN178). As concluded, after sequential solution treatment and aging the tensile strengths
were increased to levels comparable to the wrought material properties while the ductility
decreased dramatically due to the precipitation of fine γ* and γ** phases in the austenitic matrix
and needle-like δ phases in the grain interior and grain boundaries. Similarly, Rao and coworkers
[53] a uniform precipitation of γ* and γ** phases after standard AMS heat treatment resulting in
substantial improvement of yield strength and slight improvement in ultimate tensile strength.

1.5

Microstructure and Mechanical Properties: High Entropy Alloys
Multicomponent HEAs are a relative new concept in alloy design in which a system is

defined to have five or more principal elements with the concentration of each principal
constituent varying between 5 and 35 at.%. HEAs could also contain minor elements to modify
the properties of the base material system. Consequently, the atomic percentage of each minor
element is hence less than 5 at%. The above represents the standard definition as exemplified by
the work of Yeh [62]. Hence, this can be expressed as:
n,-./0 ≥ 5, 5 at. % ≤ X: ≤ 35 at. % and n,:=/0 ≥ 0, X. ≤ 5 at. %
where n,-./0 and n,:=/0 are the number of major and minor elements, respectively, while X: and
X. are the atomic percentages of major element i and minor element j. This explanation, a
composition-based definition, prescribes only elemental concentration while placing no bounds
on the magnitude of entropy. Thus, an alternate definition, in terms of configurational entropy
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(∆SA/=B. ), separating low, medium and high entropy alloys was developed [63]. Alloys having
configurational entropies at a random state larger that 1.5R (where R is the gas constant),
notwithstanding if they are single or multi-phase at ambient temperature, are considered HEAs.
This definition implies that an alloy has a single ∆SA/=B. value. In that regard, the entropy-based
definition assumes that the alloy can be represented by the liquid solution and high temperature
solid solution states, therefore one characterizes it by the maximum possible entropy. Although
each definition covers a wide range of alloys, both definitions overlap in most part. The
compositions in non-overlapping regions are also regarded as HEAs [64]. From the two
definitions, which should be regarded as guidelines rather than laws, one should realize that to
enhance the formation of solid solution phases and inhibit the formation of intermetallic
compounds HEAs should have high ∆SA/=B. . This principle guarantees not only the avoidance of
intermetallic phases responsible for structural brittleness, but also their feasibility to be
synthesized, processed, analyzed, manipulated and used [62], [65].
In spite of the presence of a large number of components, HEAs may show simple phases
such as FCC, BCC and FCC+BCC [66]. AlCoCrFeNi [8], [12], [67]–[76] and the Cu version
(AlCoCrCuFeNi) [77]–[82], are the most comprehensively studied HEA systems, which depict
one of the aforementioned crystallographic arrangements [8], [12], [67]–[76]. The most critical
factor affecting the FCC or BCC phase formation appears to be its Valence Electron
Concentration (VEC) although the underlying mechanisms are not well understood and require
additional research [83]. A published investigation by Guo et. al. [84] proposed a relationship
between VEC and microstructure for a myriad of HEA systems. The researchers reported that
when the VEC of the alloy is larger than 8, the FCC structure is stabilized where a VEC < 6.8
corresponds to a BCC structures alloy. Coexistence of FCC and BCC phase is observed at VEC
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values between 6.87 and 8. In the context of a AlxCoCrFeNi, the variation of the Al ratio leads to
a variation in the crystal structures [69], [85]. Increasing the Al content induces larger lattice
strain and the ensuing distortion leads to relaxation via phase transformation in the crystal
structure [86]. Aided by the wide composition range offered by HEAs, researchers started to
investigate the multiphase field in the materials with the intention of discovering alloy
combinations that benefits not only from a solid solution hardening mechanism, but also from
the precipitation strengthening possible in multiphase microstructures.
Wang and coworkers [85] studied the effect of Al content on the crystal structure,
morphology and mechanical properties of an AlxCoCrFeNi (x = 0 – 2.0 in molar ratio) HEA.
Guided by X-Ray Diffraction (XRD) results, the researchers concluded that low Al content (Al0Al0.4) forms a single FCC crystal structure. Minor reflection of the BCC phase appears in Al0.5
specimens while FCC reflection peaks disappear in Al0.8 samples. With the aid of Transmission
Electron Microscopy (TEM) techniques, a closer inspection revealed the presence of disordered
BCC (A2) and ordered BCC (B2) for Al contents larger than a 0.8 molar ratio. In terms of
morphology, researchers observed that the solidified microstructure varies from columnar
cellular structure (Al0-Al0.3) to columnar dendrite structure (Al0.4-Al0.6), then to equiaxed
nondendritic grains (Al0.7-Al0.8) to equiaxed dendritic grains (Al0.9-Al1.5) and finally to nonequiaxed dendritic grain structures (Al1.8-Al2.0). Additionally, Wang and collaborators [85] noted
that for single FCC structured alloys (Al0-Al0.4) a low hardness of about 120 HV was obtained,
however, by adding Al atoms the hardness increased up to a maximum value of 527 HV for the
Al2.0 alloy. These results suggested that the formation of BCC structures is the main hardening
factor, i.e. precipitation strengthening. Compared with the BCC crystal structure, FCC alloys
usually have higher ductility but lower strength since BCC structures have stronger directional
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bonding and lack of a truly close-packed slip plane [83]. Furthermore, the increase in interphase
area between FCC and BCC phases could be a contributing factor to the material strength since
the mean free path of dislocations is reduced in a mixed structure.
The relationship between deformation rate and structural damage for low Al content
FCC- structured AlxCoCrFeNi HEAs was documented by Kumar and coworkers [67] and Li and
collaborators [76], while the plastic flow dependence on temperature was reported by Li et. al
[68], [70] and Komarasamy, Alagarsamy and Mishra [71]. Initial investigations of high strain
rate compressive behavior on as-cast FCC-structured Al0.1CoCrFeNi suggests that the
deformation behavior is similar to low stacking fault energy (SFE) materials where twinning is a
dominant mode of plasticity [67]. This is because the surface energy in a twin boundary is
closely related to that of a stacking fault since a large part of the work to form a twin goes to
creating the twin boundaries [87]. Therefore, as generally seen in FCC materials, a decrease in
the SFE results in a decrease in the stress required to nucleate twins. As expected, the authors
[67] attributed the rise in strain hardening rate for quasi static (0.001 s-1) and high rate (2600 s-1)
compression specimens to dislocation-twin boundary interactions. The investigators also noted
that the onset of twinning was dependent on the strain-rate and an exceptional work hardening
rate was observed irrespective of the strain-rates. A recent publication [76] expanded on the
work by Kumar et. al [67] by investigating the mechanical response of an FCC-structured
Al0.3CoCrFeNi HEA. In FCC metals, the SFE decreases by increasing the concentration of the
solute atom [87], consequently, the SFE of Al0.3CoCrFeNi is lower than the Al0.1CoCrFeNi
alloy. This lead to the formation of profuse mechanical twins although they were only detected in
high rate (1800 s-1) compression specimens. On the other hand, TEM studies concluded that the
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steady strain hardening during plastic deformation on quasi-static specimens (0.001 s-1) was a
product of forest dislocations.
Li and colleagues [70] studied the plasticity of forged AlxCoCrFeNi (x = 0.1, 0.3 in molar
ratio) under quasi-static (0.002 s-1) uniaxial tensile deformation conditions at different
temperatures (-196 °C – RT). As documented, the tensile strength and ductility increased with
decreasing temperature in clear contrast to traditional FCC metals. As found in a later study [68],
the property enhancement was due to the fact that mechanical nanotwining was the structural
flow unit instead of planar slip of dislocations. Deformation-induced nanotwining delays the
onset of necking instability (i.e., localized plastic deformation that can lead to premature failure)
to higher strains [76].
For higher Al content AlxCoCrFeNi HEAs, the clear majority of literature reporting
mechanical properties are focused on one deformation path, compression [8], [69], [74], [85].
This could be related to the lack of ductility associated to the BCC phase that solidifies when the
Al concentration exceeds 0.5 molar ratio [83], [85]. Initial results obtained by Tang et al. [13]
agrees with the previous statement; a tensile ductility of just 1% was reported for the as-cast
equimolar primarily-BBC-structured AlCoCrFeNi tested at 700 °C. The poor ductility was
attributed to the difficulty of dislocation movement through the finely-spaced BCC A2+B2
lamellar structure interface. However, the researchers reported in the same study that after a hot
isostatic homogenization treatment on the equimolar AlCoCrFeNi specimens, the elongation to
fracture improved to 11.7%. The improvement in ductility may be due to the breakage of the
BCC A2+B2 lamella into larger domains thus giving longer glide-lengths for the dislocations
before hitting an obstacle.
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1.6

Objectives

Considering the results discussed in this brief overview it can be concluded that:
1. In PBF AM techniques, the process physical descriptors (sintering and melting
temperatures, scan speed and raster strategy, cooling rate, etc.) dictate the microstructure,
which in turn affects the mechanical properties. A correlation between processing
parameters, the resulting microstructure and mechanical behavior could be used not only
as criteria for optimization of processing parameters and alloy selection, but also as data
necessary to calibrate and validate constitutive equations used on material models.
2. The field of HEAs offer unique challenges in establishing composition-microstructureproperties correlations. The vast composition space significantly increases the number of
possible alloys to characterize. Moreover, even minor adjustments to the ratio of
elemental composition may substantially influence the resulting microstructure and
properties. Inherently, the vastness of the HEAs compositional space that represents a
challenge also offers the potential for alloy development of scientific and practical
applications. Consequently, the development of a material database that contains
information about the processing history, composition, microstructural features and
mechanical response, on a material system that does not necessarily abide the established
principles of physical metallurgy, is crucial to guide scientists and engineers on selecting
the appropriate alloy for any particular application.
Therefore, this dissertation aims to:
1. Characterize the plastic behavior, and resulting microstructures, under different
deformation conditions (stress states, strain rates and temperatures) of an as-built,
EBM AM Ti4Al4V.
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2. Quantify the influence of thermal post-processes on the plastic behavior of an SLM
IN718
3. Investigate the plastic behavior, and resulting microstructures, under different
deformation conditions (stress states, strain rates and temperatures) of an as-cast HEA
system (AlxCoCrFeNi).
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Abstract
The present investigation lays the groundwork for coupling the plastic flow stresses of an
Additive Manufactured (AM) Ti6Al4V with its corresponding strain hardening rate responses
and fracture morphologies at varying strain rates, temperatures and stress states for the first time.
The macroscopic response was obtained under different stress states (tension and compression)
and deformation rates (ranging from quasi-static at 0.001 s-1 to the high rate domain at 1500 s-1)
to elucidate the tension-compression asymmetry and strain rate dependence of the material. The
results identified that, (a) compressive yield strengths are higher than their tensile counterparts
and (b) the strength differential effect is more prominent under high strain rates. The mechanical
behavior is explained in terms of deformation mechanism reasoned from close inspection of
strain hardening rate curves. Dislocation glide and mechanical twinning contribution as the
dominant plastic unit was identified in stages and their relation with deformation mode and rate
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was established. Based on fractography analysis of the tensile samples, a rate dependence
showed a shift from classic cup-cone fracture at quasi-static rates to fracture along the shear
plane at high strain rates. The high strain rate compression samples also show an interesting
fracture morphology with high speed video capturing adiabatic shear localization. Close
inspection of elevated temperature – high rate flow stress data suggest that the thermal softening
effect overrides the strengthening due to high strain rate deformation. Microstructural
transformations, especially those occurring in the hot working temperature range (825-1000 °C)
requires future investigations.

2.1

Introduction
Of paramount importance is the meticulous mechanical characterization of materials

intended for high velocity impact, shock waves and/or ballistic service conditions. Consequently,
the response of Ti and Ti alloys, and their sensitivity to deformation rate, temperature and stress
state, has been extensively reported in literature from watershed publications by Meyers et al.
[1], da Silva and Ramesh [2] Liao and Duffy [3] and Nemat-Nasser and coworkers [4] to recent
articles centered on characterizing Ti6Al4V [5]–[9] and AM Ti6Al4V [10]–[14]. In addition to
researching deformation rate, temperature and stress state influences, several researchers have
investigated the flow stress dependence on initial microstructures [15]–[17]. In fact, studies have
shown that the strain rate dependence on flow stress for Ti6Al4V is different when comparing
stress states [18].
With the aforementioned in mind, this research effort attempts to develop an understanding of
the stress state and strain rate, and deformation temperature dependence of EBM AM Ti6Al4V.
The emphasis is placed on the correlation of the macroscopic flow response to failure where the

21

possible mechanism controlling damage and microstructural aspects of fracture behavior are
discussed.

2.2

Experimental Procedures
An ARCAM S12 EBM system located at NASA Marshall Space Flight Center (MSFC)

was used to fabricate the samples for this study. Fine pre-alloyed bimodal (α + β) Ti6Al4V
powder, with particle diameter between 45 and 100 µm was used as feedstock precursor. The
nominal chemical composition of the as-supplied powder was 6Al, 4V, 0.03C, 0.10Fe, 0.15O,
0.01N, 0.003H, balance Ti (w.t.%). Target pre-heat temperature was set to 730°C. Scan speed
was 0.376 m/s with a beam current of approximately 6 mA. Layer thickness was predefined at 70
µm. A detailed microstructural characterization of the precursor powder and discussion of the
EBM processing parameters can be found in prior research [19]. The H-shaped, sub-standard
sized tensile coupons previously used for both QS and HR tensile experiments on cast, wrought,
and AM alloys [20]–[22] (gage length, gl = 4.50 mm, width, w = 2.30 mm thickness, t = 1.50
mm) and cylindrical compression specimens (diameter, ϕ and length. l = 4.5 mm) were
machined from a printed block with their loading axis parallel to build orientation.
To quantify the deformation rate and stress state influence on flow stress, a series of
uniaxial experiments were performed on specimens. An INSTRON 5581 load frame equipped
with a 50 kN load cell performed the quasi-static tension and compression experiments on substandard sized specimens. An optical extensometer technique was employed to capture axial
displacement. Dynamic tension and compression experiments were performed with a 350margaging steel tension-compression Kolsky recovery apparatus (ϕ = 12.7 mm) used previously
for a variety of wrought and AM materials [20], [22]–[25]. The striker bar had a length of 458
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mm while the incident and transmitted lengths equals 2438 mm. Copper pulse shapers (t,ϕ =
1.5,5 mm) were used to eliminate the Pochhammer-Chree oscillations in the incident pulse as
suggested by previous researchers [26]. Strain metrology data, obtained using semiconductor
strain gages cemented on the bars, was processed by the Split Hopkinson Pressure Bar Graphical
Analysis Tool open-source MATLAB® code [27].
Ti6Al4V’s dynamic – high temperature compression mechanical dataset is a product of
collaboration between The University of Alabama and the National Institute of Standards and
Technology (NIST). An exhaustive description of the NIST rapid resisting heated compression
Kolsky bar apparatus and testing methodology can be found in published literature [28],
however, for the sake of completeness, a brief explanation is provided.
NIST’s dynamic compression testing arrangement (maraging steel bars, l = 1.5 m, ϕ = 15
mm) is outfitted with a rapid heating electrical circuit. Compression pulses are produced in a
usual fashion, using a gas gun-striker bar arrangement. Electrical current is conducted directly
through the specimen using the bar ends as electrodes. The heating circuit is connected to the
compression bars using low-friction graphite bushings located approximately 8 cm from either
side of the cylindrical compression specimen. The power source consists of a 2.5V lead acid
battery bank connected in series. The amount of power, and the heating rate, is controlled by the
number of batteries in the circuit. The specimen temperature is controlled using a millisecond
resolution Near Infrared Micro Pyrometer (NIMPY) that serves as a feedback sensor for the
power supply.
Ti6Al4V samples were prepared for microstructural observations with standard
metallographic procedures including sectioning, mounting, grinding. Optical (OM) and Scanning
Electron Microscope (SEM) samples were etched in Keller’s reagent (2 mL HF, 4 mL HNO3,

23

and 100 mL H2O). Both, KEYENCE VHX-1000 series digital microscope and a TESCAN
LYRA SEM were used for microstructural and fractography analyses. Electron Backscatter
Diffraction Analysis (EBSD) characterization was carried out on a TESCAN LYRA SEM on a
condition of an accelerating voltage of 20 kV and step size of 0.1 µm.

2.3

Results and Discussion
The as-built microstructure is presented by the bright field 3D optical reconstruction in

Figure 2-1. SEM insets illustrates higher magnification micrographs for different planar
orientations of the as-built unit cell. Notice the orientation dependence of the initial
microstructure with respect to the built axis (z-axis). The equiaxed grain morphology (49.33 µm
± 15.22 µm) observed in the planar region XY resulted from the cross-hatching EBM scanning
technique. Epitaxial prior β grains (69.00 µm ± 26.00 µm in thickness), which are delineated by
allotriomorphic α grain boundaries (αCD ) are direct consequence of the thermal gradient that
exits along the deposition direction due to the repeating melting-solidification process. In
contrast to other AM processes, for instance laser deposition technology, no layer stratification
was observed. Both, equiaxed and columnar grain structures were reported in previous
investigations for this material [29], [30].
Inside prior β grains, typical Widmanstätten morphology (colonies and basketweave
arrangements) is observed for the transformed α + β alloy. Furthermore, α-laths (1.15 µm ± 0.22
µm in thickness) surrounded by a small amount of β in α boundaries are illustrated by the
secondary electron detector (SE) SEM micrograph in Figure 2-1. Another microarchitectural
feature revealed by the metallographic analysis is the presence of α` martensitic phase. The
martensitic α` plates form as long orthogonally oriented acicular grains with a substructure
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consisting of dislocations, stacking faults and some twins [31]. The β- α` solid diffusion-less
transformation is responsible for the acicular structures. Albeit, acicular (plate-like) structures
can appear in Ti alloys without the presence of the α` secondary phase, several researchers such
as Facchini et al. [32], Dehghan-Manshadi, Reid and Dippennaar [33] and Gong [34] had
acknowledge the presence on EBM Ti6Al4V.

Figure 2-1 (a) Bright field 3D OM composite for as-built EBM Ti6Al4V. Z axis indicates build direction. (b)
SE SEM metallography insets presents grain morphology; equiaxed grain structures at XY plane. Meanwhile
(c) depicts the columnar micro-architecture parallel to the building direction. Both micrographs illustrate α
(HCP), β (BCC) and α, (HCP) phases in detail.
Table 2-1, adapted from a recent publication by Lewandowski and Seifi [35] signifies a
comparasion between the QS tesile mechanical properties presented by Figure 2-2 and published
data on PBF (EBM and Selective Laser Melting –SLM) Ti6Al4V. Here, “condition” column
specifies the level of thermal post-processing on the test article at the time of testing whereas the
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build orientaion with respect to loading direction, as itemize by the “specimen orientation”
column, follows ASTM conventions [36]. In addition, Table 2-1 specifies the AM platform
manufacturer. Some general remarks:
§

Althougt not reflected on Table 2-1 it is worth to consider that EBM platform
manufacturer influence the reported properties [35] . Furthermore, properties variations
have been documented on specimens manufactured by the same machine [37], [38].

§

It has been concluded by previous investigators that the level of macroscopic residual
stresses tends to be higher on components processed by SLM platforms without
preheating than on as-built articles deposited by EBM technique [39], [40]. This, in-turn,
influence the mechanical response and the thermal post-processing route.

§

Notice the orientation-dependent results for sy, sUTS and elongation to failure (εB ).
Interestingly, the stress anisotropy level is higher on SLM-processed test articles.

§

Thermal post-processes in the form of Hot Isostatic Press (HIP) and Stress Relief (SR)
are intended to reduce the inherent anisotropy by modifying the microstructure.

§

Given the diffrences in specimen gage lengths across multiple studies, and the absence
of a standarized procedure for mechanical testing of AM materials, a comparison
between εB values is difficult [35].
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Table 2-1 Summary of AM PBF Ti6Al4V QS tensile properties for different orientations and postprocessing conditions. Adapted from [35].
Powder Bed Fusion (PBF) Electron Beam Melting (EBM) Ti6Al4V
Machine Type

Condition

Specimen
Orientation

sy, [MPa]

sUTS, [MPa]

ef, [%]

Ref.

ARCAN S12

As-Built

ZX

957 ± 8.3

1104 ± 17.6

11 ± 1.3

This
Investigation

ARCAN A1

As-Built

XY
ZY

783 ± 15
812 ± 12

833 ± 22
851 ± 19

2.7 ± 0.4
3.6 ± 0.9

[41]

XY
Z
XY
Z

870 ± 12
879 ± 8
866 ± 6.4
868 ± 2.9

971 ± 3.1
953 ± 8.8
959 ± 8.2
942 ± 2.6

12.1 ± 0.9
13.8 ± 0.8
13.6 ± 0.6
12.9 ± 0.8

[42]

XY
Z
XY
Z

817 ± 8
802 ± 6
814 ± 2.4
807 ± 8.4

918 ± 1
904 ± 6
916 ± 2.5
902 ± 8.7

12.6 ± 0.8
13.8 ± 0.9
13.6 ± 0.8
14.8 ± 1.2

[42]

Z
Z

928 ± 13.3
813 ± 14.3

1011 ± 14.8
908 ± 3.2

13.6 ± 1.4
17.7 ± 0.9

[43]

As-Built
ARCAN
HIP
As-Built
ARCAN ELI
HIP
ARCAN A2X ELI

As-Built
HIP

Powder Bed Fusion (PBF) Laser-Melted Ti6Al4V
Machine Type

Condition

Specimen
Orientation

sy, [MPa]

sUTS, [MPa]

ef, [%]

Ref.

EOS

As-Built
SR
HIP

XYZ
XYZ
XYZ

938 ± 7.7
862 ± 3.1
835 ± 3.8

1140 ± 5
936 ± 3.6
910 ± 2.9

-

[44]

EOS M280

As-Built

ZX

1017 ± 7

1096 ± 7

12 ± 0.5

[45]

Renishaw MTT 250

As-Built

XY

910 ± 9.9

1035 ± 2.9

3.3 ± 0.7

[46]

XZ
ZX
XY
XZ
ZX
XY

978 ± 5
967 ± 10
1075 ± 25
958 ± 6
937 ± 9
974 ± 7

1143 ± 6
1117 ± 3
1199 ± 49
1057 ± 8
1052 ± 11
1065 ± 21

11.8 ± 0.5
8.9 ± 0.4
7.6 ± 0.5
12.4 ± 0.7
11 ± 9.6
21 ± 7

[47]

X
Z

1070 ± 50
1050 ± 40

1250 ± 50
1180 ± 30

5.5 ± 1
8.5 ± 1.5

[48]

As-Built
Renishaw AM 250
SR

Concept Laser M2

As-Built

HIP – Hot Isostatic Press
SR – Stress Relief
Build orientation on tensile specimens are documented using XYZ designation in accordance to ASTM standard [36]. In this
terminology Z designates the build direction.
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True stress - true strain curves obtained from static and dynamic uniaxial tension
experiments are presented in Figure 2-2. As observed in the flow stress curves, deformation rate
sensitivity is negligible after the accumulation of plastic strain. Higher average yield stress (sy)
values were calculated for dynamic high strain (HR) rate (avg. ε 1500 s-1) fractured specimens
(sy = 1030 ± 17.15 MPa) when compared to those obtained at quasi-static (QS) rates (ε 0.001 s-1)
for the tested samples (sy = 957 ± 8.30 MPa). After yielding, the curves experience an increase
in flow stress with increasing deformation until the ultimate tensile strength (sUTS) is reached.
Specifically, the curves show that the QS specimens exhibit more hardening after yielding
leading up to the sUTS than the HR specimens. Moreover, for QS tensile specimens the mean sUTS
value reached 1104 ± 17.55 MPa while the HR tensile sUTS reached a similar level at 1105 ± 3.85
MPa. Besides reinforcing the fact that the effect of deformation rate upon tensile flow stress is
weak, the sUTS marked the onset of softening at both rates tested. After the sUTS, there is an
observable rate dependence on softening where more softening occurs at HR than QS. Fracture
occurs at similar elongation levels for QS (11 ± 1.30%) and HR (11 ± 0.06%) tensile specimens.
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Figure 2-2 True stress - true strain relations for quasi-static (ε = 0.001 s-1), and dynamic (ε = 1500 s-1) tensile
results. Unlike the previous publication [14], the effects to load frame compliance and elastic wave
propagation equilibrium were considered here for the static and dynamic samples by correcting the elastic
portion of the deformation curves. Also, the flow stress curves reveal the weak dependence of the plastic flow
on deformation rate.
As presented by Figure 2-3 the strain hardening behavior (with associated error bars) is
further analyzed by plotting the evolution of the strain hardening rate (Θ = dσ dε) in relation to
true strain (Θ(ε)). As often reported for Ti and Ti alloys the Θ dependency on deformation is
featured as a multi-stage curve [49]–[52]. More precisely, an initial region (hereafter called
Region I) characterized by a decreasing Θ is followed by an increase in the Θ levels (Region II)
ending in a new decreasing stage (Region III). There are cases that instead of an increase in Θ
during the occurrence of Region II a reduction in the decreasing rate, when compared against the
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previous stage, is recorded. This case still supports a three-stage deformation behavior.
Moreover, stage transitions as the plastic deformation progresses suggest changes in the
underlying deformation micro-mechanisms. For instance, a decrease in Θ suggests a dislocationslip-driven plasticity while a positive rate usually coincides with the onset of mechanical
twining.
Close inspection of the averaged strain hardening rate curve in Figure 2-3 for QS
fractured tensile samples reveals the presence of the three distinct stages. After the elastoplastic
transition the initial easy glide stage – Region I – culminates in a sharp bend at a strain level of
2.5%. Meanwhile, in Region II, shown here as a compound-stage where there is a plateau
followed by a decrease on the Θ. Here, the plateau indicates the onset of mechanical twinning
while the Θ decay signifies dislocation-twin boundary interactions via a Hall-Petch type
hardening mechanism. The transition to the dislocation-dominated Region III is marked at 3.9%
ε. By similar means, the dynamic HR tensile averaged strain hardening rate curve shows a threestage-deformation characteristic with local minima at 2.5% ε and local maxima at 3.9% ε. Those
inflection points marked boundaries between the deformation stages. In the dislocation slip
stages, Region I and Region III, the (a) yield point was regulated by dislocation mechanisms and
(b) the latter slip-driven region is preceded by the occurrence of mechanical twins. Notice here
that Region II is presented as a stage where an abrupt increase in the Θ materialized. Twining
and slip are competitive deformation processes with, generally, slip dominating [53]. However,
in the case here at high strain rates, twinning became a primary contributor to the plastic
deformation [54]–[56].
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Figure 2-3 The strain hardening rate dependence on tensile ductility (Θ(ε)) identified the dominant
deformation mechanism as elongation progress. As often reported for Ti and Ti alloys the Θ dependency on
deformation is featured as a multi-stage curve [49]–[52].
Corresponding tension-overload fracture morphologies are presented by Figure 2-4.
Representative OM and SEM micrographs of the QS fractured tensile specimen are provided in
Figure 2-4 a where the fracture surface of the specimens display the classic cup-and-cone failure
mode. As illustrated in the OM light micrograph in Figure 2-4 a, the typical fractographic
features, shear lips and rough flat central region, are present. The SEM analysis performed at the
central region of the fracture surface reveals further details of the ductile fracture with equiaxed
dimples exhibiting nearly-constant size distribution. Likewise, Figure 2-4 b illustrates the postmortem analysis results for the specimen fractured at HR conditions. The OM micrograph
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displays the fracture path oriented 45◦ to the plane of the tensile load (maximum shear plane).
Since the direction of maximum shear stress with the respect to the loading axis coincides with
the fracture path orientation, elongated dimples were observed on the SEM analysis in Figure 2-4
b thus suggesting shear mechanism.

Figure 2-4 OM fractogaraph (a) depicts a cup-and-cone fracture topography for the quasistatically deformed
(ε = 0.001 s-1) uniaxial tensile specimen. As observed on the SE SEM micrograph the central zone fracture
topography is characterized by equiaxed dimple rupture. The same fractographic analysis demonstrates the
shear nature of the dynamic fractured specimen (ε =1500 s-1). OM micrograph presented at (b) shows that
the fracture surface of the dynamic specimen is aligned with the maximum shear plane (45◦). Shear dimples
are observed on the SE SEM photomicrograph.
To capture the stress-state dependence of the Ti6Al4V material under investigation,
uniaxial compression tests were performed at QS (0.001 s-1) and HR (avg. 1000 s-1) strain rate
levels. Examination of the QS and HR compression curves (Figure 2-5) reveals that the effective
flow stress increases dramatically with increasing strain rate. For the static-isothermal data set a
sy equal to 1114 ± 34.50 MPa was calculated whereas 1549 ± 38.95 MPa was obtained for the
HR compression specimens. The macroscopic compression responses also revealed a
pronounced strain hardening behavior with an increase at higher deformation rates during an
initial deformation period (stain levels below 4%).
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Figure 2-5 True stress – true strain flow curves for compression mode under different deformation rates (ε =
0.001, and 1000 s-1). At the macroscopic level compression results exhibit a rate sensitivity of the flow stress
and prominent strain hardening.
The deformation nature of compression specimens was better appreciated in Θ curves
(with associated error bars) plotted on Figure 2-6. On that regard, QS compression specimens
had a strain hardening rate evolution that could be classified as a three-stage behavior with stage
transitions at 3.6% and 7.5% ε if a linear intercept method is adopted. Meanwhile, it should point
out the pronounced stage transitions, and overall region behavior, of the strain hardening rate
curve for the HR compression samples after Region I. At this point, the effect of the adiabatic
thermal softening could be such that may reduce the apparent strain hardening. Therefore, the
true isothermal hardening, and hardening rate, is higher than the values presented in Figure 2-6.
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Moreover, after approximately 7% ε, the material loses defect accumulation abilities (strain
hardening capacity), which could be caused by dislocation annihilation at grain boundaries [51].
This observation provide evidence that dislocations provide the main contribution to strain. On
the subject of failure (discuss in greater detail on a later section) Rittel and Wang’s [7]
thermomechanical studies under high rate conditions concluded that the flow stress stage after
peak stress represents “heterogeneous deformation”. After an initial stage (Stage I) were the
plastic deformation is homogeneously distributed across the test article volume the deformation
on Stage II is not strictly homogeneous, but it is not yet fully localized (as on ASB’s). According
to the authors, strain softening at Stage II is not necessarily thermal but may also indicate or
result from a microstructural evolution. Stage III starting point, defined as the intersection of the
empirical and experimental thermal curves, signals a fully formed ASB. Although in-situ thermal
measurements were not performed on this study the interpretation of flow stress curves proposed
by Rittel and Wang [7] was adopted. Hence, HR flow stress curves, as shown by Figure 2-5, are
bounded to Stage I, were deformation is homogeneous. On that regard, peak strength for the HR
specimens resulted in 1732 ± 48.08 MPa with a strain equals to 10.04 ± 0.01 %. Lastly, while
average test fracture strength for the HR specimens are marked on the deformation curves QS
compression test results are not reported to fracture since data was recorded to a fixed strain of
16%. Such strength magnitude for the QS samples was calculated to be 1414 ± 56.20 MPa
whereas the fracture strength, here represented as the loss of load carrying capacity, for the HR
specimens resulted in 1732 ± 48.08 MPa with a fracture strain equals to 10.04 ± 0.01%.
Metallographic analysis in Figure 2-7 and Figure 2-8 illustrates the degree of structural
damage sustained by a HR specimen that was tested but not fractured (no physical separation).
The transverse section (parallel to the loading axis) morphology of the non-fractured HR
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specimen in Figure 2-7 reveals the V-shaped adiabatic shear band (ASB) that propagated at an
approximate 45◦ angle to the perpendicular plane of the specimen. Inset A depicts higher
magnification SEM and Electron Backscatter Diffraction (EBSD) analyses of the ASB region in
Figure 2-7. Per published literature [57], the unresolvable features of the material within the ASB
are the results from rotational assisted dynamic recrystallization (DRX) mechanisms. The
sequence of microstructural rearrangements leading to DRX in Ti6Al4V was previously
investigated by Landau and collaborators [8]. As the deformation progressed, the material
rearranged itself into cell-like structures with most dislocations residing in the cell walls while
the interior remains relatively dislocation-free [54]. Interrogation of progressively closer regions
to the ASB demonstrated that the cell size decreased and the cell boundaries become denser, i.e.,
the cells evolved to subgrains. Additionally, Landau [8] described the presence of DRX
nanograins within an area comprised of avalanched dislocation cells (ASB). A schematic,
illustrating the microstructural evolution process, is superimposed on the EBSD inset on Figure
2-7.
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Figure 2-6 The strain hardening rate dependence on true compression strain (Θ(ε)), maps the dominant
deformation mechanisms as the contraction evolved. Notice that the progression of the static strain hardening
rate follows a similar behavior that their tensile counterpart. Meanwhile, the strain hardening rate response of
high rate compression specimens shows pronounced stage transitions.
As seen in Figure 2-7, microvoid nucleation, growth and coalescence occurs within the
ASB region. Although, contrary to previous studies [8], [57], [58] microvoids did not growth to
the full width of the band along the direction of the shear moment before coalescence for crack
generation. Regarding the microstructure besides the ASB, intricate variants of Widmanstätten
α-laths, which were shortened or elongated, due to severe localized deformation. Also, band
bifurcation is shown on by the light micrograph.
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Figure 2-7 Low magnification OM metallographs illustrates the V-shaped ASB that propagated through a
non-fractured HR compression sample. The transverse section morphology also reveals band bifurcation and
intricate variants of Widmanstätten α-laths, which were shortened or elongated, due to severe localized
deformation. Void coalescence and shear crack front are depicted by SE SEM’s Inset A. Meanwhile, a notto-scale schematic illustrating the microstructural evolution process, is superimposed on the EBSD inset. The
grain orientations are represented by the color-coded Inverse Pole Figure (IPF) map.
The SEM image in Figure 2-8 details the fracture topography of the HR compression
sample depicts the presence of shear dimples and smeared surfaces characteristic of a fracture
along the shear plane. Similar fractographic features were observed by other investigators [3],
[4], [58]. As concluded by Timothy and Hutchings [58] the ductile nature of the fracture
topography is associated with the thermal softening arising from the adiabatic temperature rise.
Recall that, as reported by Lia and Duffy [3], the temperature rise inside the sheared region lies
within the 440-550 °C range.
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Figure 2-8 SE SEM micrograph illustrating the topography of a dynamically fractured (ε = 1000 s-1)
compression specimen with ductile-shear dimples and smeared surface regions. The relatively smooth and
smeared regions are products of the opposite surfaces rubbing. The inset shows a still frame of the high-speed
fracture video (25 kfps). Notice light emission oriented diagonally with respect to the loading direction; this
is an indication of ASB occurrence after peak stress was attained.
In Figure 2-9, the average experimental deformation curves show the level of asymmetry
about the stress state. Recall that under tension, the initial yield stress was nearly insensitive to
strain rate. Furthermore, while under tension, there was a sharp transition to the elasto-plastic
regime at all rates, and with a very similar appearance to the single crystal behavior, substantial
microplasticity occurred under compression. Both the absence of strain rate sensitivity under
microplasticity under tension but not under compression indicate that the yield stress is
controlled by slip under compression, and by twinning under tension. Except for 1122 twin
mode in Ti [59], twinning is in fact known to be athermal [60]–[64], and will only appear at
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temperatures where pyramidal I + K slip becomes harder to activate (low temperatures and
high rates). Under tension the alpha grains with I -axis closely parallel to the stress direction
will be the first to plastically deform by virtue of their high Schmid’s factor and low critical
resolved shear stress (CRSS) for 1012 twinning. In fact, Antonysamy [65] demonstrated that
the basal planes of the alpha grains are mostly normal to the building direction. Thus, increasing
the strain rates will not modify this behavior as the CRSS for twinning remains unchanged.
However, those same grains will deform primarily by pyramidal slip under compression, while
twinning activity will be minimalistic in the matrix, leaving off the flow stress to be dominated
by non-basal slip. As such, the yield stress is generally higher under compression and will be
very sensitive to strain rate with extended microplasticity. Microplasticity is another indication
of slip dominance as texture allows for a broad variation of the Schmid’s factors of active slip
modes across all the grains. Also, note that this interpretation is consistent with the yield stress
level which is generally higher in compression than tension, which is dominated by twinning
having a lower CRSS.
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Figure 2-9 Averaged true stress vs true strain comparison of compression and tension results at both QS and
HR. The macroscopic response curves show the asymmetry about the stress state increased as strain rate
increased. The deformation rate effect on flow stress proves to be more pronounced in compression as
expected. Also, strain hardening appeared increased at the lower QS loading rates. Uncertainty bands,
representing the standard deviation, are included on the curves.
As seem in Figure 2-10 the resistance to plastic flow decrease with increasing
temperature. It is also noted that the deformation temperature has a pronounced effect on
hardening, a remarkable loss is observed with increasing temperature. This is an interesting
result given the fact that the average strain rate also increases with testing temperature. When a
material deforms under both, high temperature and high strain rate conditions its flow behavior is
dictated by a competition process between the rates of strain hardening and thermal softening
[66]. Generally, materials deformed under high strain rates experience an enhancement in
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strength. On the contrary, an increase in temperature tends to reduce the resistance of flow stress
by lowering the activation barriers associated with the atomic mechanism of deformation.
Therefore, a reduction in strength and hardening rate is expected when the thermal softening
becomes the dominant phenomena controlling the flow stress. On the present case, the true
stress-true plastic strain relations (Figure 2-10) shows a decrease in flow stresses with increasing
initial temperature (T0) notwithstanding the increase in strain rate. Also notice that the curves
with T0 beyond 825 °C (hot working conditions) resembles an ideal plastic material (no strain
hardening). This observation implies that at a microscopic level dislocation annihilation is
occurring at a higher rate than its generation and reflected on a macroscopic level as
microstructural changes due phase transformation.
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Figure 2-10 Macroscopic compression response at varying temperatures and strain rates suggest that the
material’s fundamental stress-strain behavior was a dominated by the thermal phenomena (softening) rather
than by strengthening associated with an increase in deformation rate. Fracture strain was not achieved on any
of the tested specimens.
OM observations (Figure 2-11) attested the structural integrity after the deformation
process. As expected, given the fact that no specimen reached its fracture strain, no ASB or ASB
initiation site was observed. In terms of morphology, lamellar primary a, nonequilibrium needlelike martensitic a¢ and massive a (am) patches dominate the compressed Widmanstäten
microstructural landscape of specimens up to 600 °C T0. Moreover, when the hot dynamic
compression event is carried out near or above the β-transus temperature (995 °C) the
microstructural arrangement varies considerably. In the case of 825 °C T0 the microstructure is
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composed of a and martensitic a¢ on a Widmanstäten arrangement with noticeable lath
refinement. The presence of am patches was not detected on deformed specimens. Meanwhile,
nearly indistinguishable Widmanstäten backsweave morphology was observed on the specimens
deformed at 1000 °C (β phase field) T0. The evidence suggest that the microstructure underwent
phase transformation since it consist almost exclusively of martensitic a¢. In addition to
processing temperature, other hot working parameters, such as strain, strain rate and subsequent
cooling rate influence the microstructural evolution, e.g. the volume fractions of the a and β
phases, the phase size and the ‘lamellar’ dimensions of the a phase. In the light of these
experimental observations, further experimental research is needed to assess their influence.
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Figure 2-11 Bright field OM depict the structural damage sustained by the compression specimens tested
under varying levels of temperature and strain rates. Neither fracture nor ASB initiation strains were achieved
on any of the tested specimens.
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2.4

Concluding Remarks
To conclude, the macroscopic flow stress response of an AM-EBM Ti6Al4V at varying

stress states and deformation rates was coupled with its corresponding strain hardening rates and
fracture morphologies with the goal to elucidate the underlying deformation mechanisms.
Specifically, the research identified the following:
1. While deformation rate effect on tensile flow stress is negligible, the influence is

reflected on the fracture path and morphology. Fractography analyses revealed cup-and-cone
fracture for the QS specimens and shear mechanisms on HR specimens.
2. Contrary to the tensile mode, cylindrical compression specimens flow stress results not
only show sensitivity to deformation rate but also remarkable strain hardening. Moreover,
ASB formation was identified with high-speed video of the fracture plane that correlated to
SEM fractographic analysis of shear dimple formation. This microstructural feature has been
reported on previous publications [4], [8], [10], [53], [67].
3. Deformation mechanisms were identified from close inspection of strain hardening rate
curves. The contribution of dislocation glide and mechanical twinning as plasticity carriers
was identified in stages and their relationship with deformation mode and rate was
established.
4. Close inspection of elevated temperature – high rate flow stress data suggest that the
thermal softening effect overrides the strengthening due to high strain rate deformation.
Microstructural transformations, especially those occurring in the hot working temperature
range (825-1000 °C) requires future investigations.
By expanding on the first-tier mechanical properties library from this contribution and future
investigations, the groundwork is being laid for the necessary criteria for alloy selection and data
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necessary to develop and calibrate constitutive equations for physics-based material modeling of
this additive material.
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Abstract
The influence of a sequential, standard, thermal post-processing treatment on the
morphology and tensile performance of a Selective Laser Melting (SLM) INCONEL 718
(IN718) was investigated. Examinations of the microstructural evolution revealed an orientation
dependent columnar, melt-pool-dominated morphology with powder-induced voids on its asbuild state. Test articles subjected to a complete standardized thermal post-process routine,
involving stress relief, hot isostatic pressing and homogenization and precipitation steps,
exhibited scarce spherical porosity and an isotropic microstructural distribution. Quasi-static and
high rate tensile experiments examined strain rate dependence on flow stresses. As normally
expected from a polycrystalline metallic material system, strength increase at the expense of
elongation to failure
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with increasing deformation rates. The improvement in strength was attributed to the
precipitation of strengthening phases.

3.1

Introduction
Nickel-based superalloys are metallic materials of high technical importance due to their

unique properties: outstanding magnetic behavior (variable or constant magnetic permeability),
wear resistance and corresponding anti-friction properties, and practically zero expansion
coefficient in the 0 - 100°C (approx.) temperature range [1]. In particular, the IN718 system, an
austenitic nickel-chromium based superalloy, has attracted increasing attention due to its
excellent creep properties, oxidation resistance, and high temperature corrosion resistance [2].
Moreover, by virtue of precipitation strengthening mechanism – i.e. D022- ordered γ** (Ni3Nb)
and L12-ordered γ* (Ni3(Al,Ti)) phases in the γ matrix – IN718 is capable of retaining its
superior mechanical properties in a broad range of temperatures [3]. Summing these behaviors
results in nickel-based superalloys as common materials used in a variety of applications such as
aircraft gas turbines (e.g. disks, combustion chamber, casings, shafts, exhaust system, blades,
vanes, burner, cans, stack gas reheaters), reciprocating engines (e.g. turbochargers, exhaust
valves hot plugs, valve seat inserts), metal processing (e.g. hot work tools and dies), space
vehicles (e.g. aerodynamically heated skins, rocket engine parts) heat treating equipment (e.g.
trays, fixtures, conveyor belts, baskets, fans, furnace mufflers), nuclear power plants, chemical
and petrochemical industries and heat exchangers [4].
IN718 superalloy ingots and components are usually processed via conventional melting
and casting methods. Nevertheless, segregation of high-concentration refractory elements such as
Nb and Mo lead to issues, such as macro-segregation, that in-turn, adversely influence the
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performance by inducing a large variation on mechanical properties. Suitable heat treatments
have been developed to eradicate elemental segregation and precipitate strengthening phases,
however, segregation seems to be unavoidable [5]. Conversely, as trending in scientific
publications, Additive Manufacturing (AM) approaches, particularly powder bed fusion (PBF)
platforms, are currently investigated as a prospective candidate to complement or replace
conventional IN718 production processes [6]–[11].
Selective Laser Melting (SLM), a PBF process, can fabricate components with complex
geometrical arrangements while maintaining a high build density with dimensional accuracy
[12]. Yet, given the high temperature gradients and rapid solidification rates, the precipitation of
strengthening phases is inhibited, thus, leading to a decrease in mechanical strengths. Likewise,
the existence of thermal stress also makes the material unstable. Consequently, further postprocess heat treatments are required to optimize the microstructure and improve mechanical
performance.
Although many aspects of SLM manufacturing of IN718 have been investigated,
information on suitable post-manufacturing procedures to improve the microstructure and reduce
the inherent anisotropy is still needed. In the present work, preliminary findings on the
microstructural changes of the SLM-printed IN718 are reported. This includes the changes in the
microstructural arrangements and quasi-static (QS) and high strain rate (HR) tensile strengths (sy
and UTS) and ductility of IN718 specimens that were exposed to a sequential post-process of
Stress Relief (SR), Hot Isostatic Press (HIP), and Solution Treated and Aged (STA). The
documentation of such data is a critical tool for the optimized design of the SLM process of
superalloys, as well as developing the information necessary to calibrate and validate the
constitutive equations used in material models.
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3.2

Experimental Procedures
An EOS M 290 (EOS, Kralling, Germany) Yb-fiber laser system with modified rake

blades located at NASA MSFC was used to fabricate the samples for this study. The SLM
process physical descriptors (laser power, scanning speed, hatch distance, etc.) used for
fabricating test coupons are EOS standard fusion parameters under argon atmosphere. A
bidirectional raster strategy, with a 67° difference between layers, was employed. The building
platform was preheated, and maintained, to 80°C to reduce the thermal gradient between
platform/substrate and printed geometry. Fine, pre-alloyed commercially available IN718
powder (Carpenter Powder Products) with nominal particle diameter within the 10-45 µm range
and elemental composition (wt.%) of 54.7% Ni, 18.3% Cr, 18.9% Fe, 4.6% Nb, 2.0% Mo, and
0.8 Ti (wt.%) was used for this investigation. The H-shaped, sub-standard sized tensile coupons
previously used for both QS and HR tensile experiments on cast, wrought, and AM alloys [13]–
[15] (gl = 4.50 mm, w = 2.30 mm and t = 1.50 mm) were machined from printed blocks with
their loading axis parallel to build orientation. Test articles were sequentially heat treated per
Society of Automotive Engineers Aerospace Material Systems (SAE AMS) 5664E specifications
after SR and HIP post-processes [5]. For clarity purposes, the thermal post-processing sequential
steps are specified in Table 3-1.
To quantify the deformation rate and stress state influence on flow stress, a series of
uniaxial tensile experiments were performed on specimens after each post-process step. For each
series, three specimens were tested. An MTS Landmark servohydraulic load frame equipped
with a 25 kN load cell performed the quasi-static tension experiments on sub-standard sized
specimens. An optical extensometer technique previously used for subcompact specimens was
employed to capture axial displacement [16], [17]. Dynamic tension experiments were
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performed with a IN718 tension-compression Kolsky bar recovery apparatus (ϕ = 13.0 mm).
Aluminum pulse shapers (t = 0.10 mm) were used to eliminate the Pochhammer-Chree
oscillations in the incident pulse as suggested by previous researchers [18]. Strain metrology
data, obtained using semiconductor strain gages cemented on the bars, was processed by the Split
Hopkinson Pressure Bar Graphical Analysis Tool open-source MATLAB® code [19].
Table 3-1 Thermal Post-Processes: SLM IN718 Test Articles
Thermal Post-Process

Parameters

Stress Relief (SR)

Vacuum atmosphere 1065.5°C ± 25°C for 1.5 hours, -5/+15 minutes, furnace cool
with venting air.

Hot Isostatic Press (HIP)

1163°C ± 25°C, 102 MPa ± 1.72 MPa, 3-4 hours, -0/+15 minutes, air cool.

Solution Treatment: 1065.5°C ± 25°C for a time commensurate with cross-sectional
thickness, argon purge cool at a rate equivalent to air cool.
Solution Treated and Aged (STA)

Aging Treatment: 760°C ± 15°C for 10 hours ± 30 minutes, furnace cooling to
650°C ± 15°C, hold at 650°C ± 15°C until a total precipitation heat treatment time
of 20 hours, argon purge quench.

Stress relief (SR) and hot isostatic (HIP) processes are required per NASA MSFC-SPEC-3717 [20] and ASTM standard [21].
Solution and precipitation heat treatments (STA) in accordance with SAE AMS 5664E specifications [5].

IN718 samples were prepared for microstructural observations with standard
metallographic procedures including sectioning, mounting, grinding. Specimens for
microstructural evaluation were etched in waterless Kalling’s with an etching time of 60 s.
Both, ZEISS SmartZoom 5 series digital microscope and a Hitachi S-3700N SEM were used for
microstructural and fractography analyses.
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3.3

Results and Discussion
Considering the stringent requirements for minimizing defects in the aerospace industry, a

detailed understanding of grain structure evolution in each of these heat treatment paths is
essential. Firstly, the build process results in a complex and highly stressed microstructure. For
instance, as seen on Figure 3-1a, the alternating raster strategy of the SLM process formed a
complex spatial topological structure by overlapping the tracks and layers molten pools. Melt
pools are identified on the surface topography in Figure 3-1a as Gaussian-shaped (w = 118.63 ±
39.39 µm) arrangements containing fine columnar grains, parallel to the building direction, that
extend across multiple deposited layers. Correspondingly, the effect of the contour scan, done
after infill melting scan to refine surface finish [22], on the bulk microstructure is also depicted
by Figure 3-1a. Here, small grains within a thin layer of partially melted powder attached to the
wall surface from which fine inward-growing curved-columnar grains develop as far as the
centerline of the contour pass. As stated by Sames and coworkers on a comprehensive review
article [8]: “solidification determines the initial phase distribution and grain morphology of the
metal deposit while heat source speed, power and size determine melt pool geometry, which in
turn determines solidification kinetics”. For a detailed analysis of influence of solidification
kinetics and process parameters physical descriptors on the as-built morphology readers are
referred to [23]–[26]. Finally, scarce microvoids (powder-induced porosity) were observed along
the building direction.
The SR treatment has two primary objectives: begin the recrystallization of the as-built
microstructure and prevent built-up residual stresses from affecting the geometric tolerances of
the part during removal from the build platform. As shown in Figure 3-1b, partial
recrystallization promoted the nucleation of nearly-equiaxed grains from columnar-oriented
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structures. Previous publications identified thermal residual stresses, accumulated from the cyclic
rapid heating and cooling schemes associated to the SLM process, as the driving force for partial
recrystallization [8], [27], [28]. For instance, Liu and coworkers [27] revealed that the uneven
distribution of grains results from the equally inhomogeneous distribution of residual stress.
Consequently, the higher residual stress values within melt pool overlapping regions offer a
greater driving force for recrystallization and leads to a finer grain size; whereas the grain size in
adjacent areas are coarser due to the smaller driving forces (residual stresses). It is also noted
(Figure 3-1b) that the grain morphology presents a significant difference in vertical and
horizontal sections, which may lead to anisotropy on mechanical properties. Similar observations
on partial recrystallization of SLM materials after a SR treatment are documented by other
investigators [29]–[31].
In addition to close internal volumetric defects, the HIP process, illustrated by Figure 3-1c,
significantly altered the grain structure of SLM IN718. When compared against the as-built and
SR microarchitectures, the dendritic microstructure is replaced with an isotropic-distribution,
nearly ellipsoid shaped recrystallized grain structures, needle-like precipitates, and scarce lowcircularity porosity. As found in published literature [9], the aforementioned precipitates are
incoherent Ni3Nb d-phase. Lastly, the purpose of homogenization or solution heat treatment is to
dissolve segregation particles into the γ matrix whereas precipitation (aging) treatment is
intended to precipitate the strengthening phases (γ* and γ** ) [28], [32]. In terms of morphology, it
bears a close resemblance with the HIPed microstructure albeit larger grains can be observed.
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Figure 3-1 As depicted (a) the alternating raster strategy of the SLM IN718 process formed a complex spatial
topological structure by overlapping multiple track layer molten pools. In order to alleviate residual stress,
repair volumetric defects and spherical microdefects and precipitate strengthening phases, test articles were
exposed to a progressive post-processing schedule (b-d) in agreement with specifications and standards for
AM aerospace alloys (MSFC-SPEC-3717, ASTM and SAE AMS 5664E) [5], [21].
Room temperature, QS (ε 0.00 1 s-1) and HR (ε 2000 s-1) plastic flow tensile curves are
presented by Figure 3-2. The SAE AMS specification values for cast (SAE AMS 5383) and
wrought (SAE AMS 5362) IN718 are included as a reference [33], [34]. Broadly stated, yield
(sy) and ultimate tensile (UTS) strengths increase with each sequential post-processing step
while a decrease on elongation to failure (ef) was observed. As for strain rate effect, higher
strengths and lower ductility values were recorder with increasing deformation velocity.
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To begin with, QS, as-built inelastic curves, were tensile tested along the deposition
direction. The continuous grain boundaries covering many deposited layers would not effectively
inhibit the proceeding of deformation, leading to the low strength values (sy = 696 ± 11.95 MPa,
UTS = 1251 ± 6.12 MPa) and high ductility (23.50 ± 0.80 %) [31], [35]. In addition, the presence
of volumetric defects, acting as crack initiation sites, further limits the overall tensile
performance. Interestingly, although cast and wrought sy values outperformed SLM tensile
articles (758, 1034 and 696 ± 11.95 MPa, respectively) SLM UTS results nearly matched the
wrought superior performance (1251 ± 6.12 and 1276 MPa respectively). It should be mentioned
that the QS as-built tensile results presented in Figure 3-2 were provided by NASA MSFC EM10
Mechanical Test Facilities. Furthermore, those test coupons were tested in accordance with
ASTM E8 standard [36], i.e., standard-sized specimens were used. At the time of writing no
additional tensile specimens have been supplied by NASA MSFC, consequently, no QS and HR,
as-built, substandard-sized tensile results can be presented in Figure 3-2.
Compared with the as-built specimens, a considerable improvement in strength (sy and
UTS) was observed after each post-process step. In the STA case, as depicted in Figure 3-2, sy
improved by 72% while UTS values increased by 22% when compared to the as-built condition.
The improvement in strength is attributed to precipitation of the γ* and γ** strengthening phases
and needle-like incoherent d-phase [28], [31], [37]. As the researchers reported [28], dispersively
distributed strengthening phases cause dislocation pinning and impede their movement, therefore
the dislocation density is higher than the as-fabricated specimens. With an increase in piled-up
dislocations, the driving force for dislocation motion is increase and finally able to cut through
the strengthening phases and keep moving until they encounter acicular δ phases. Since the δ
phases remain an incoherent relationship with the matrix and can contain little plastic
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deformation, which will become crack sources and promote crack propagation, the dislocation
motion will terminate in δ phases and develop into a ductile dimpled fracture.
In this context, Table 3-2 shows the quasi-static tensile strength dependence on loading
direction and thermal post-process. In agreement with the current study, researchers observed an
enhancement in tensile strength values (sy and UTS) and a decrease in ef on post-processed test
coupons therefore demonstrating the importance of establishing processing parametersmicrostructure-performance correlations.
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Figure 3-2 True stress - true strain relations for quasi-static (ε = 0.001 s-1) and high rate (ε = 2000 s-1) tensile results for SLM IN718 specimens in asbuilt, SR, HIP and STA conditions. Cast and wrought IN718 values per SAE AMS specifications [33], [34]. As-built, quasi-static results, not published
in the open-scientific literature, were provided by NASA MSFC; specimen geometry in accordance with ASTM E8 standard [36], i.e., standard-sized
specimens were used. Broadly stated, yield (sy) and ultimate tensile (UTS) strengths increase with each sequential post-processing step while a decrease
on elongation to failure (ef) was observed. *Total strain (elastic + plastic).
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Table 3-2 Summary of AM PBF and DED Laser-Melted IN718 QS tensile properties for different
orientations and post-processing conditions. Adapted from [38].
Powder Bed Fusion (PBF) Laser-Melted IN718
Machine Type

Condition

EOS M 290

As-Built
SR
HIP
STA
As-Built

SLM
HT
EOS M280

Specimen
Orientation

sy, [MPa]

UTS, [MPa]

ef, [%]

Ref.

XY

696 ± 11.9
904 ± 11.9
928 ± 52.9
1203 ± 3.4

1251 ± 6.1
1432 ± 19.7
1538 ± 27.4
1603 ± 11.1

23.5 ± 0.8
20.1 ± 0.6
20.3 ± 1
15.4 ± 0.9

This
Investigation

816 ± 24
737 ± 4
1227 ± 1
1136 ± 16
1034
1068

1085 ± 11
1010 ± 10
1447 ± 10
1357 ± 5
1309
1344

19.1 ± 0.7
20.6 ± 2.1
10.1 ± 0.6
13.6 ± 0.2
27
27

XY
Z
XY
Z
Z
XY

HT

[6]

[7]

Direct Energy Deposited (DED) Laser-Melted IN718
473 ± 6
650
1257

828 ± 8
1000
1436

28 ± 2
-

Not Specified

590
1133

845
1240

11
9

[41]

XY

580

910

22

[42]

XY

655

978

-

YX

699

936

-

986
998

1114
1162

-

1097

1321

9.8

[44]

SMD

As-Built

XY

DLD

As-Built
HT

Z

Laser

As-Built
HT

EBF3

As-Built
As-Built

EBF3

[39]
[40]

[43]

DLD

HT

XY
YX
Not Specified

DLD

HT

Not Specified

1034

1276

12

[45]

Laser | Wire

HT

Not Specified

1079

1314

20.4

[46]

HT

HT: Heat treated.
Build orientation on tensile specimens are documented using XYZ designation in accordance to ASTM standard [47]. In this
terminology Z designates the build direction.

OM and SEM examined the fracture surfaces of the tested specimens. The corresponding
tension-overload fracture morphologies are presented in Figure 3-3. Fracture topography exhibits
a fine dimpled surface, and indicates a transgranular ductile failure mode. It is also noted that
unlike in a previous study [48], no fracture mode dependence on thermal post-process was
observed.
64

Figure 3-3 OM and SEM micrographs illustrates the tensile fracture surfaces of post-processed SLM IN718
specimens tested under different deformation rates (0.001 s-1 and 2000 s-1). Irrespective of the post-processing
condition (SR, HIP, STA) test coupons exhibit a ductile fracture.
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3.4

Concluding Remarks
To summarize, the influence of a sequential, standard, thermal post-processes on the

morphology and tensile performance of a SLM IN718 was studied. Microstructural
investigations revealed a transformation from the as-built columnar, melt pool morphology to an
isotropic, dendrite-free, architectural arrangement after a series of thermal post-processes (SR,
HIP and STA). Correspondingly, mechanical characterization, performed at different
deformation rates, shown that yield (sy) and ultimate tensile strengths (UTS) increase with each
sequential post-processing step while the elongation to failure (ef) values decrease. The
improvement in strength is attributed to precipitation of the γ" and γ"" strengthening phases [28],
[31], [37]. Furthermore, as theorized by Zhang and coworkers [28], the decreased ductility can
be due to two main reasons: on one hand, the precipitates of γ" and γ"" strengthening phases lead
to a precipitation hardening of the matrix and then cause a drop in the elongation to failure (ef)
whereas, on the other hand, amounts of acicular δ precipitates dramatically attribute to the
decrease of ductility. Quasi-static and high rate tensile experiments examined strain rate
dependence on flow stresses. As normally expected from a polycrystalline metallic material
system, strength increase at the expense of elongation to failure with increasing deformation
rates. Finally, irrespective of thermal post-processing and deformation rate, the tensile coupons
exhibited a ductile fracture mode.
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Abstract
High Entropy Alloys (HEAs) are equiatomic, multicomponent metallic systems, that
presents exceptional microstructural stability. This work focuses on understanding the strain rate,
stress state and temperature influence on plastic flow of AlxCoCrFeNi (x = 0.3 and 0.7 in molar
ratio) HEAs. The Al0.3 HEA exhibited a FCC microstructure according to neutron diffraction
analysis with sigmoidal plastic behavior suggesting multiple deformation mechanisms occurring
in the material. As expected, higher values of flow stresses were recorded as the strain rate
increase. Additionally, compressive flow data at elevated temperatures exhibited sustained high
flow stresses and extended ductility. On the contrary, neutron diffraction analysis identified that
the Al0.7 HEA consisted of a multi-phase FCC and BCC type microstructure that exhibited a
linear hardening behavior. As shown by the mechanical data across strain rate scales, the
precipitation of a second phase, BCC type, influence positively the alloy strength. Although,
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while beneficiating from the multiplicity of strengthening mechanisms considerable
softening was observed on the compressive flow curves at elevated temperatures. Overall, the
combination of high elevated-temperature strength, excellent thermal stability, and enhanced
ductility makes HEAs a potential candidate material system for high-temperature applications,
however, stringent controls over the manufacturing processes are required to ensure their
success.

4.1

Introduction
Multicomponent HEAs are a relative new concept in alloy design in which a system is

defined to have five or more principal elements with the concentration of each principal
constituent varying between 5 and 35 at.%. HEAs could also contain minor elements to modify
the properties of the base material system. Consequently, the atomic percentage of each minor
element is hence less than 5 at%. In spite of the presence of a large number of components,
HEAs may show simple phases such as FCC, BCC and FCC+BCC [1]. AlCoCrFeNi [2]–[13]
and the Cu version (AlCoCrCuFeNi) [14]–[19], are the most comprehensively studied HEA
systems, which depict one of the aforementioned crystallographic arrangements [2]–[13].
In the context of a AlxCoCrFeNi, the variation of the Al ratio leads to a variation in the
crystal structures [6], [20]. Increasing the Al content induces larger lattice strain and the ensuing
distortion leads to relaxation via phase transformation in the crystal structure [21]. Wang and
coworkers [20] studied the effect of Al content on the crystal structure, morphology and
mechanical properties of an AlxCoCrFeNi (x = 0 – 2.0 in molar ratio) HEA. Guided by X-Ray
Diffraction (XRD) results, the researchers concluded that low Al content (Al0-Al0.4) forms a
single FCC crystal structure. Correspondingly, reflections of the BCC phase appear in specimens
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with Al concentration larger than 0.5 molar ratio. Additionally, Wang and collaborators [20]
noted that for single FCC structured alloys (Al0-Al0.4) a low hardness of about 120 HV was
obtained, however, by adding Al atoms the hardness increased up to a maximum value of 527
HV for the Al2.0 alloy. These results suggested that the formation of BCC structures is the main
hardening factor, i.e. precipitation strengthening. Compared with the BCC crystal structure, FCC
alloys usually have higher ductility but lower strength since BCC structures have stronger
directional bonding and lack of a truly close-packed slip plane [22]. Furthermore, the increase in
interphase area between FCC and BCC phases could be a contributing factor to the material
strength since the mean free path of dislocations is reduced in a mixed structure.
HEAs have four core effects that set them apart from the conventional alloys, which
usually have one or two principal components [21]. These core effects are high-entropy effect,
sluggish diffusion effect, severe lattice distortion effect and cocktail effect. Given their
influences on thermodynamics and kinetics relations, the properties of HEAs are not as simple as
those predicted from the rule of mixture, i.e. physical metallurgy principles of HEAs deviate
from those of conventional alloys thus requiring significant research efforts. As such, the
investigation presented here studies the interplays between composition, processing,
microstructure and mechanical behavior. By assessing the influence of strain rate and
temperature on the flow stress, and their influence on substructural evolution for AlxCoCrFeNi (x
= 0.3 and 0.7 in molar ratio) HEAs, therefore, this study set the foundation for their insertion into
relevant structural applications at various strain rates and temperatures.
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4.2

Experimental Methods
Bulk HEA buttons and/or ingots with an AlxCoCrFeNi (x = 0.3 and 0.7 in molar ratio)

elemental composition were synthesized at the University of Tennessee – Knoxville following a
liquid-state arc-melting route (Large Bell Jar model ABJ-900 - Materials Research Furnaces,
Inc.). The melting of the constituent elements, 99% purity level, was done under a Ti-gettered
argon atmosphere. Multiple repetitive melting and solidification processes were performed to
ensure the chemical homogeneity of the alloys. The H-shaped, sub-standard sized tensile
coupons previously used for both QS and HR tensile experiments on cast, wrought, and AM
alloys [23]–[25] (gage length, gl = 4.50 mm, width, w = 2.30 mm thickness, t = 1.50 mm) and
cylindrical compression specimens (diameter, ϕ and length. l = 4.5 mm) were machined from
cast-ingots.
To quantify the deformation rate and stress state influence on flow stress, a series of
uniaxial experiments were performed on specimens. An MTS thermo-mechanical load frame
equipped with an induction coil programmable heating system performed the quasi-static tension
and compression experiments on sub-standard sized specimens. An optical extensometer
technique was employed to capture axial displacement. Dynamic tension and compression
experiments were performed with an Inconel 718 tension-compression Kolsky bar recovery
apparatus (ϕ = 13.0 mm) equipped with an induction coil programmable heating system. Copper
pulse shapers (t = 1.5 mm) were used to eliminate the Pochhammer-Chree oscillations in the
incident pulse as suggested by previous researchers [26]. Strain metrology data, obtained using
semiconductor strain gages cemented on the bars, was processed by the Split Hopkinson Pressure
Bar Graphical Analysis Tool open-source MATLAB® code [27].
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Specimens were prepared for microstructural observations with standard metallographic
procedures including sectioning, mounting, grinding. Optical (OM) and Scanning Electron
Microscope (SEM) samples were etched in Aqua Regia (3:1 hydrochloric acid and nitric acid).
Both, KEYENCE VHX-1000 series digital microscope and a TESCAN LYRA SEM were used
for microstructural and fractography analyses. Energy-dispersive X-ray Diffraction Spectroscopy
(EDS) characterization was carried out on a TESCAN LYRA SEM.

4.3

Results and Discussions
The tendency of HEAs to form simple solid-solution microstructures was established from

early efforts by Yeah et al. [28] and Tong and coworkers [14] on AlxCoCrFeNi with varying Al
concentrations. In the current work, neutron-diffraction experiments at room temperature (Figure
4-1) were used to identify the crystals structures in the AlxCoCrFeNi HEAs and the composition
where the transition from a single-phase to a duplex system occurs. Two cubic crystal structures,
FCC and BCC were identified on the as-cast Al0.3,0.5,0.7 ingots. Low Al concentration (Al0.3) alloy
nucleates a single FCC crystalline phase. Minor reflections of BCC structures, illustrated as blue
squares, appear on the Al0.5 alloy while their intensity increases in the Al0.7 diffraction pattern.
Also notice, for the Al0.7 alloy system, the presence of the B2 superstructure, thus indicating
disordered BCC plus B2 phase. These diffraction observations are consistent with published
scientific data [20]. Once the phases were identified, EBSD microstructural characterization
established the phase fractions and average grain size. As expected, the Al0.3 alloy contained
single phase FCC coarse equiaxed grains with representative sizes averaging 600 µm. As for the
Al0.7 alloys, EBSD analysis revealed a Widmanstäten morphology in equiaxed grains similar to
Ti alloys microstructures [29]. Widmanstäten FCC sideplates, averaging 26 µm in width,
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accounts for roughly 70% percent of the total volume fraction. The remaining regions, BCC
intersideplates (avg. 19 µm in width), spinodally decompose into a NiAl-type ordered BCC B2
structure. Hereinafter only Al0.3 and Al0.7 alloys combinations will be discussed.
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Figure 4-1 Neutron diffraction experiments identified the crystallographic structures on AlxCoCrFeNi HEAs with varying Al concentration (x= 0.1,
0.3 and 0.7 molar ratio). As the Al ratio increase the volume fraction of the nucleated BCC phase increase. Also, the morphology evolves from equiaxed
coarse grains on the single-phase FCC alloy (Al0.3) to a Widmanstäten structure present in the dual phase HEA (Al0.7). (Data provided by Professor
Peter Liaw’s research group, University of Tennessee at Knoxville. Portions of this data has been published previously [30]).
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Quasi-static (QS) and high rate (HR) compression true stress-true plastic strain relations
for the single-phase FCC Al0.3 and duplex FCC+BCC type Al0.7 specimens are plotted in Figure
4-2. An interrupted testing methodology was adopted for the QS strained specimens to
investigate the evolution of the deformed microstructures at varying strain levels. Specifically,
Al0.3 and Al0.7 specimens were compressed to specified strain levels without achieving fracture.
Incidentally, HR specimens compressed by a single loading pulse did not experience fracture.
Irrespectively of strain rate, Al0.3 specimens present a sigmoidal flow stress curve typical of
FCC-structured polycrystalline materials. Furthermore, higher average yield stress (sy) values
were calculated for dynamic HR (avg. ε 1500 s-1) specimens (sy = 342 ± 33 MPa) when
compared to those obtained at QS rates (ε 0.001 s-1) for the tested samples (sy = 157 ± 24 MPa).
Meanwhile the compressive behavior of duplex FCC+BCC type Al0.7 appears to be dominated by
the increase in Al concentration thus inciting a collaboration between strain, solution and
precipitation strengthening mechanisms. An increase in Al concentration cause an intensification
of the lattice distortion in consideration of the non-symmetrical neighboring atoms. For instance,
hardness and strength effectively increase because of large solution hardening in a heavily
distorted lattice [5], [22], [31], [32]. Furthermore, apart from the fact that the BCC phase is
stronger that the FCC phase [21], the interphase area between phases is a contributing factor on
the hardening of duplex Al0.7 since the mean free path of dislocations is reduced [22]. Not
surprisingly, the interaction between the multiplicities of hardening mechanisms is reflected on
the Al0.7 stress-strain relations as higher flow stresses than those presented by the Al0.3 specimens.
Lastly, the influence of the strain rate effect on Al0.7 yield behavior was similar to the one shown
by Al0.3. For HR (avg. ε 1500 s-1) specimens, a sy = 750 ± 50 MPa was computed; higher when
compared to those obtained at QS (ε 0.001 s-1) conditions (sy = 480 ± 13 MPa). This type of sy
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dependence on strain-rate is typical of low SFE materials [2] Regarding their hardening
behavior, signs of recovery after an initial hardening region are shown by the QS specimens. On
the contrary, HR specimens exhibited no recovery. Hardening behaviors are explained in greater
details in a following section.

Figure 4-2 Room temperature (23 °C) macroscopic behavior of Al0.3 and Al0.7 obtained by compression
testing at different deformation rates (0.001, 1500 s-1). Interrupted compression testing was performed on the
quasi-static specimens to study the substructural evolution. As observed, Al concentration and microstructural
phases influence the flow stress levels (solution and precipitation hardening). Strength values calculated for
Al0.3 specimens (FCC lattice) are significantly lower than those obtained from the Al0.7 specimens (FCC +
BCC type lattice).
Figure 4-3 presents the compressive behavior under different testing temperatures (23,
250 and 500 °C) at various strain rates (0.001, 1500 s-1) of lower (Al0.3) and higher (Al0.7) Al
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content HEAs. As depicted, the flow stresses curves of Al0.3, with an FCC structure, have the
benefit of sustained high flow stresses and extended ductility at elevated temperatures. Although
compressive sy values experienced the expected negative correlation with temperature (sy 23 °C
= 157 ± 24 MPa, sy 250 °C = 135 ± 1.46 MPa and sy 500 °C = 91 ± 7.23 MPa), the alloy
retained its work hardening capability, i.e., no thermal softening was detected. Moreover, the
sigmoidal strain hardening behavior displayed by the specimens tested at room temperature is
not obviously exhibited by the elevated temperature strained test articles. Similar to QS tested
specimens, the HR results (Figure 4-3b) depicts sustained work hardening capacity as
temperature increases. Regarding sy values, the anomalies on the results (sy 500 °C > sy 250 °C
and sy 250 °C » sy 23 °C) could be associated to data scatter product of the Kolsky bar
experimental method and/or data reduction procedure [33].
As demonstrated in Figure 4-3 c and d, dual phase FCC + BCC type Al0.7 alloy exhibits
higher strength values than lower Al content specimens. Compressive sy values are substantially
higher than those exhibited by Al0.3 at any testing condition (temperature and/or strain rate). As
mentioned earlier, the presence of a second phase incites the collaboration between strain,
solution and precipitation strengthening mechanisms. On the contrary, the lower thermal
resistance of Al0.7 alloy indicated that the BCC phase lacked the positive temperature effect of
strength thus causing a considerable softening of the alloy at elevated temperatures. With respect
to the compression samples, both the Al0.3 and Al0.7 were not tested to fracture, but only have data
reported until the testing was stopped due to user-defined load frame operational parameters.
Hence, to conclude, in agreement with a published article by Tong and coworkers [14], the
combination of high elevated-temperature strength, excellent thermal stability, and enhanced
ductility makes these alloys good candidates for high-temperature applications.
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Generally, due to the large number of equivalent slip systems, plastically deformed FCC
crystals slip on more than one octahedral plane [34]. In early plastic stages, FCC crystals deform
by slip on a single plane. As deformation progresses, in a high SFE material, several intersecting
planes are activated at the same time inducing an increase in the stress required to produce
additional deformation (strain hardening). Dislocations, in high SFE materials, tends to rearrange
themselves into cell-like structures with the majority of the dislocations residing on the cell walls
[35]. On the other hand, cross-slip is inhibited in low SFE materials causing dislocations to
arrange themselves into planar arrays. In addition to controlling the dislocation substructure, SFE
also affects the propensity of a material to nucleate mechanical twins, with low SFE materials
favoring twinning. As stated in published literature, twinning and slip are competitive
deformation processes with slip generally dominating [36]. However, at high strain rates and/or
at low temperatures, twinning can contribute to the plastic deformation in addition to the slip
mechanism. Systematic studies of the Q behavior and substructure evolution of low SFE FCC
alloys has been carried out by Rohatgi et. al [36], Guitierrez-Urrita and Raabe [37], El-Danaf et.
al. [38] and Caballero and Varma [39] clearly stating the SFE transition value from dislocation to
planar cell arrangements and from slip-dominated plasticity to twin-induced deformation. Lastly,
as reported in several investigations on low SFE FCC metals, plasticity stacking faults assist on
the progression of plastic deformation although their presence on HEAs has not been detected
[40]–[43].
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Figure 4-3 Room (23 °C) and elevated (250, 500 °C) temperature macroscopic behavior of Al0.3 and Al0.7
obtained by compression testing at different deformation rates. Interrupted compression testing was
performed on the room temperature quasi-statically deformed specimens to study the substructural evolution.
Irrespectively of strain rate, Al0.3 alloy exhibited minimum thermal effect on work hardening capacity.
Regarding the anomalies of the sy results (sy 500 °C > sy 250 °C and sy 250 °C » sy 23 °C), those could
be associated to data scatter product of the Kolsky bar experimental method [33]. Unlike the lower Al content
alloy (Al0.3) considerable thermal softening was observed at elevated temperatures on Al0.7 test articles.
Figure 4-4 conveys the strain hardening rate dependence on true plastic strain (Q(ep)) for
QS and HR Al0.3 and Al0.7 compression specimens. As a solely FCC structure, its Q behavior
could be conceptualized into three distinct stages. Region I, dominated by dislocation glide
plasticity, is presented as a stage where the Q decrease sharply. Region II, characterized by an
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enhancement in Q, signals the presence of additional strengthening mechanisms i.e. mechanical
twins providing barriers to dislocation motion thus inducing an increase in strength and strain
hardening. Finally, Region III exhibits a decreasing slope similar to Region I: dislocation-slipdominated plastic deformation.
The influence of the imposed strain rate on Q for the Al0.3 alloys is evident. While the
magnitude of Q increase with increasing strain, suggesting higher dislocation and twin densities,
the onset of Region II (where twinning becomes a dominant deformation mechanism) decreases
at a higher strain rate (from 3 to 1.5 % ep). Meanwhile, the Al0.7 compression specimens illustrate
an interesting Q dependence on strain rate. QS macroscopic Q behavior of FCC+BCC Al0.7 is
characterized by a two-stage hardening region which resembles the hardening response of FCC
copper [44]. While the initial stage, exhibiting a low hardening rate, is associated with single slip
plasticity, Region II displays a steadily decreasing Q, which is related to a dynamic recovery
process. In agreement with the computed QS Q curves, the corresponding OM photomicrographs
(Figure 4-5) shows no indications of mechanical twins or deformation marks. On the contrary,
HR Q response signaled the introduction of mechanical twins to the microstructure with a
transition from Region I to Region II occurring at 10% ep.
The evolution of the QS Al0.3 deformed microstructure, and their relation to Q, is
presented by OM micrographs in Figure 4-6. All OM micrographs presented on Figure 4-6 are
from the longitudinal sections of the specimens with the loading axis parallel to the vertical
direction of the micrographs. Figure 4-6a shows the Q behavior and microstructure of an Al0.3
compression specimen strained to approximately 10% ep. The total strain imposed on the
specimen placed itself at the onset of Region II. With respect to the corresponding deformed
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microstructure, notice the presence of annealing twins and the apparent absence of their
mechanical counterparts. The microstructure equivalent to a plastic strain at the onset of
Region’s II plateau (15% ep) is shown by Figure 4-6b. Similar to the observation by Asgari et. al
[44] on FCC – structured low SFE a-brass, a new set of deformation markings (hardly
discernable due to their thickness and indicated by arrows) are seen in this micrograph. It is not
clear at this moment if the deformation marks correspond to mechanical twins, however, their
presence is supported not only by the TEM conclusions of Asgari et. al [44], but also by Deng
and coworkers [45] study on non-equiatomic Fe40Mn40Co10Cr10 HEA and by Li and collaborators
[13] work on Al0.3CoCrFeNi. Furthermore, a deformed specimen at a plastic strain of about 40%
showed a similar morphology, as shown in Figure 4-6c, except that the density of deformation
markings and the lattice curvatures were increased.
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Figure 4-4 Strain hardening rate dependence on true plastic strain Q(ep) for quasi-static (b) and high rate
compression specimens. It is noted on Al0.3 specimens that the onset of twining is strain rate dependent.
Meanwhile, in contrast to the three-stage deformation presented by Al0.3 specimens, a two-stage hardening
behavior is observed for the Al0.7 alloy.
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Figure 4-5 Optical photomicrographs documented the microstructural phenomena associated with the various
strain hardening stages observed in Al0.7 deformed compression specimens. All optical micrographs presented
here are from the longitudinal cross-sections of the specimens with the loading direction parallel to the vertical
direction on the micrographs. An schematic of a deformed cylindrical specimen with a coarse grain
distribution is included as visual reference (reprinted from [46]).
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Figure 4-6 Optical photomicrographs documented the microstructural phenomena associated with the various
strain hardening stages observed in Al0.3 deformed compression specimens. All optical micrographs presented
here are from the longitudinal cross-sections of the specimens with the loading direction parallel to the vertical
direction on the micrographs. As plastic deformation progressed the density of deformation marks increased.
An schematic of a deformed cylindrical specimen with a coarse grain distribution is included as visual
reference (reprinted from [46]).
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One should note that the compressive response of the material is a representation of only
a few grains as depicted by the cross-section of the deformed specimens. Per optical analysis of
cross sections, Al0.7 compression specimens exhibited between 7-12 complete grains while 5-9
completed grains per test article were quantified for Al0.3. Grain size effect on flow stress occurs
in both the macro and micro-sized specimens, while the specimen geometry size effect is only
significant when there is less than 10 grains in the cross-section of specimens [47]. For instance,
Komarasamy and collaborators [48] reported not only the expected increase in σ# after grain
refinement for an Al0.1CoCrFeNi HEA, but also a change in the strain hardening mechanism with
the reduction in grain size. As concluded by the study, with a reduction in grain size, twin
nucleation is suppressed which leads to limited dislocation–twin interactions. Also, as observed
in Figure 4-5 and Figure 4-6, and later depicted by Figure 4-8 for tensile specimens, the
inhomogeneous deformation, as reflected on the specimen’s side profile, is caused by the coarse
grain distribution and anisotropic nature [46].
QS (ε 0.001 s-1) and HR (avg. ε1400 s-1) tensile data for the single-phase FCC Al0.3 and
duplex FCC+BCC type Al0.7 specimens are displayed in Figure 4-7 while OM micrographs of the
tested gage sections are presented in Figure 4-8. Extensive ductility, and remarkable hardening
after yielding, characterized the QS Al0.3 specimens. Furthermore, tensile flow curve bears a close
resemblance with its QS compression equivalent, i.e., sigmoidal flow pattern. Inside the gage
section, inhomogeneous deformation was observed until loss of load bearing capability was
recorded by the load cell, although, not physical rupture was attained. Higher σ# values were
computed for the HR dataset Al0.3 (242 ± 22 MPa) when compared to those obtained at QS rates
for the tested samples (165 ± 8 MPa). Also in the Al0.3 HR dataset, an apparent dynamic recovery
region observed at an advanced deformation stage (>20% ep) gives the false impression of flow
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softening and subsequent fracture. Rather than this being part of the constitutive behavior of the
material, such a response is a product of the analysis tool. The current HR data post-processing
software capability is limited to the first loading pulse. High speed imaginary shows that the HR
Al0.3 tensile specimens fracture after the fifth loading pulse. A further numerical treatment would
be needed to analyze the stress-strain data after the first loading wave [49], [50].

Figure 4-7 Macroscopic response of Al0.3 and Al0.7 obtained by tensile testing at different deformation rates
(0.001, 1400 s-1). Here, the influence Al concentration and microstructural phases is reflected on the strength
and ductility levels. Whereas Al0.7 specimens present higher strength values its tensile ductility is minimal
when compared to Al0.3. Higher σ# values were computed for the HR dataset when compared against QS
counterparts. While Al0.7 HR test articles achieved elongation to fracture high speed imagery shows that Al0.3
tensile specimens fractured on the fifth loading pulse.
Analogously to the compression deformation mode, Al0.7 tensile specimens exhibit greater
strength and hardening levels when compared to the Al0.3 specimens. Calculated values for the
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yield strength for Al0.7 QS (348 ± 17 MPa) and HR (418 ± 24 MPa) surpass their Al0.3
counterparts by more than 175 MPa. However, scatter in the elongation to fracture data due to
grains size prevents an effective diagnostic of the macroscopic mechanical response and their
underlying plasticity mechanisms.
Inspection of the Al0.7 OM micrographs on the gage section (Figure 4-9) revealed that
fracture location coincides not only with the stress concentration region on the specimen, but
also with the intersection of columnar and equiaxed-shaped grains. Regarding the stress
concentration due to specimen geometry, previous investigations reported that there was not any
issue associated with crack initiation at these locations [51]. As concluded, the small specimen
thickness induces a prevailing plane stress condition allowing for its redistribution over a bigger
area. Recalling the fact that Al0.7 specimens were machined from as-cast arc-melted ingots, it is
therefore theorized that underformed tensile specimens contain columnar and equiaxed grains,
which is a product of a rapid arc melting solidification scheme (refer to Figure 4-9a).
Additionally, inhomogeneous microstructural distributions, e.g. varying morphology from
surface to center of ingot, on AlCoCrFeNi as-cast HEA ingots has been reported previously [52],
[53].
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Figure 4-8 OM micrographs reveal the level of structural damage on the gage section of quasi-static (a) and high rate (b) Al0.3 and quasi-static (c) and
high rate (d) Al0.7 tensile specimens. Tensile loading axis parallel to the vertical direction on the micrographs. It is noted the inhomogeneous deformation
within gage section experienced by the Al0.3 specimens are due to coarse grain size distribution.
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Figure 4-9 Tensile specimen’s schematic, superimposed over a cast ingot, illustrates the possibility of equiaxed and columnar grains intersecting at the
specimen’s stress concentration region. Inserts (b), (c) and (d) displays microstructural features of the fracture on Al0.7. Inset’s (d) EDS map displays the
fracture initiation and propagation occurred on the less ductile BCC phase.
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Lastly, as captured by the EDS detector Figure 4-9 c and d, transgranular fracture crack
initiated at the interface between FCC and BCC phased and then propagated through the BCC
phase. As stated elsewhere, cracks nucleate at the interfaces as a result of the stresses produced
by the elastic incompatibility of the adjacent phases [54]. In connection with, Tang and
coworkers [55], investigated the discontinuities in properties between phases (crystallographic
and coefficient of thermal expansion) including nanoindentation studies to investigate
differences in elastic moduli. As reported, the hardness of the B2 phase (BCC) was more than
twice of that of the A1 phase (FCC), and the elastic modulus of the B2 (BCC) phase was
approximately 8% higher than that of the A1 (FCC) phase. Because of the difference in
compositions and orientations, the elastic moduli of B2 and A1 phases are different, which result
in different elastic strains. In agreement with this study Tang and collaborators [55] the SEM
micrographs shows a transgranular fracture with initiation point at the interphase between B2
(BCC) and A1 (FCC) phases. Furthermore, on a separate investigation Ghassemali et al. [56]
reported similar findings, transgranular crack propagation through BCC phase since a tougher
FCC phase acted as a 3D network of obstacles.
In order to utilize these datasets towards insertion into relevant structural applications, it is
essential to assess mechanical properties and deformation mechanisms in structures with reduced
dimensions. It has been extensively researched that the characteristic microstructural dimensions
(intrinsic effect) and specimen size (extrinsic effect) governs the bulk mechanical properties and
post-elastic material deformation behavior [57]. As the tensile specimen size is dictated by the
dynamic characterization capabilities (i.e. Kolsky bars requires a specific geometry for its
specimens to achieve stress equilibrium), attention is turned to grain size dimensions. As
concluded from the previous analyses, the average grain size for Al0.3 and Al0.7 are larger than
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both, the thickness and width on the tensile specimens, therefore the macroscopic responses
presented does not represent a polycrystalline mechanical behavior.

4.4

Concluding Remarks
To conclude, the influence of Al concentration on the microstructure and mechanical

behavior of a AlxCoCrFeNi HEA system has been documented in the form of micrographs and
flow stress curves experimentally determined at different stress modes, strain rates, and
temperatures. At an Al concentration of a 0.3 molar ratio, a single-phase FCC structure prevails.
Traces of BCC phases were detected at Al0.5, while the volume fraction of Al0.7 was calculated to
be approximately 70-30 (%) FCC-BCC. The compressive behavior was also influenced by the Al
concentration, and its effect on lattice strain and precipitation strengthening. Irrespective of strain
rate, yield strength values for Al0.7 were higher than those computed for Al0.3. On the contrary,
strain rate influences the deformation behavior of Al0.7. In the case of elevated temperature
compression testing, the thermal influence was minimum in the low Al content alloy mechanical
behavior while causing considerable thermal softening on the Al0.7 compression test articles. As
concluded form strain hardening rate plots, the plastic deformation of the quasi-statically strained
Al0.7 was slip dominated while mechanical twins were implied for the dynamic specimens.
Meanwhile, twining was deduced for the Al0.3 deformed specimens under quasi-static and high
rate conditions. With respect to tensile results, due intrinsic effects (grain size) the macroscopic
response is not a polycrystalline representation of the mechanical behavior, although, some
general conclusions could be drawn. First, whereas Al0.3 QS tensile results show a sigmoidal flow
pattern, remarkable hardening after yielding and extensive ductility interpretation of HR results
was limited given the fact that fractured occurred outside the HR data analysis tool processing
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window. Meanwhile, crack propagation on Al0.7 occurred through the BCC phase since its
capacity to sustain plastic deformation is less that the FCC phase. Finally, inspection of the Al0.7
OM micrographs on the gage section revealed that fracture location coincides not only with the
stress concentration region on the specimen, but also with the intersection of columnar and
equiaxed-shaped grains. It was theorized that this was caused by a rapid arc melting
solidification scheme.
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SUMMARY AND FUTURE DIRECTIONS

The foundation of this doctoral dissertation effort is rooted at the intersection of material
science and mechanical engineering. Among the fundamental tenets guiding material science is
that the properties (thermal, optical, mechanical, physical, chemical and nuclear) of any given
material are determined by its structure. Additionally, the structure is dictated by processing
parameters. Therefore, it is on the basis of these processing parameters – structure – properties
interplays that an engineer can design an industry-specific component with a pre-determined set
of properties. While this research provides a number of important insights on initial, postprocessed, deformed and fractured morphologies the main contribution was on expanding the
first-tier mechanical properties library of aerospace-grade materials intended for
structural/critical applications. To the author knowledge, this dissertation represents the first
documented attempt to report monotonic mechanical properties at different deformation rates,
temperatures and states while analyzing its results in terms of deformation mechanisms and postmortem morphologies.
Chapter 2 documents the plastic tensile and compressive behavior of an EBM Ti6Al4V with
its corresponding strain hardening rate responses and fracture morphologies at varying strain
rates and temperatures. Notice that, unlike Chapter 3, no thermal post-processes were performed
on the test articles. Although, as shown in Chapter 3, thermal post-processes are recommended
for PBF techniques, EBM as-built components have relative low levels of residual stresses when
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compared against SLM build parts. In addition, only scarce volumetric microdefects (powderinduced porosity) were detected on the EBM Ti6Al4V as-built specimens.
Focusing on microstructural characteristics, EBM Ti6Al4V and SLM IN718 displayed
columnar grains, that extend across multiple layers, parallel to deposition direction. Although,
their differences in morphology are striking between the two materials, where the EBM Ti6Al4V
exhibited coarse, homo-epitaxial growth, the SLM IN718 as-built microstructure is composed of
fine, irregular, columnar grains. The metallurgy of an AM deposited material is determined by
feedstock chemistry and process thermal history. An understanding, based on first principles, of
thermo-mechanical cycles, solidification, solid-state phase transformations, residual stresses
(magnitude and distribution) and geometrical distortions of AM material signify an experimental
endeavor that could last several years and cost millions of dollars, therefore, it was not within the
scope of this dissertation. In this context, an Integrated Computational Materials Engineering
(ICME) approach for AM, as a simulation tool with prediction capabilities, should be adopted in
order to expedite developmental efforts.
Given the stringent requirements that the aerospace sector imparts on structural materials,
thermal post-processes are often used to alleviate residual stresses, eradicate volumetric defects,
enhance mechanical properties, and eliminate the degree of material anisotropy. Therefore,
Chapter 3 focused on the thermal post-processes influence on morphology and tensile plastic
flow of an SLM IN718 superalloy. Microstructural investigations revealed a transformation from
the as-built columnar, melt pool morphology to an isotropic, dendrite-free, architectural
arrangement after a series of standard thermal post-processes (stress relief, hot isostatic pressing
and homogenization and solution heat treatments). From the improvement in the tensile strengths
observed under quasi-static and high rate deformation conditions, it was concluded that that the
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precipitation of strengthening phases, which was the main goal of the STA heat treatment, was
achieved. Still, evidence of the precipitation of the aforementioned phases is needed in the form
of high resolution imagery, Transmission Electron Microscopy (TEM) and/or X-Ray Diffraction
(XRD) analysis.
The macroscopic response of EBM Ti6Al4V was studied under different stress states
(tension and compression), deformation rates (0.001 s-1 and 1500 s-1) and temperatures (23 – 500
°C). The results identified that, (a) compressive yield strengths are higher than their tensile
counterparts, (b) the strength differential effect is more prominent under high strain rates, and (c)
the thermal softening was the dominant phenomena controlling the HR-elevated temperature
compressive flow stresses. The mechanical behavior was explained in terms of deformation
mechanisms reasoned from close inspection of strain hardening rate curves. With respect to SLM
IN718, due to the limited number of specimens the analysis was limited to elucidating the post
processing influence on the strain rate dependence of the material through ambient temperature
QS and HR tension experiments. As reported in Chapter 3, yield (sy) and ultimate tensile (UTS)
strengths increase with each sequential post-processing step while elongation to failure (ef)
values decrease. The improvement in strength is attributed to precipitation of the γ" and γ""
strengthening phases. In addition, high rate tensile results exhibited the classical positive
correlation with strength whereas, as expected, a negative correlation is observed between strain
rate and ef. Despite the experimental work done on mechanical behavior some areas remain
unexplored:
§

Anisotropy and thermal-post processes influence on EBM Ti6Al4V mechanical
properties: the mechanical characterization activities of this study were limited to the
as-built condition strained in only one direction – the loading axis normal to
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deposited layers. For instance, although minimal, the data collected from other
researchers. Table 1-1 shows that PBF AM Ti6Al4V tensile results exhibited a level
of anisotropy. Thus, additional research efforts are needed on this area.
On the contrary, thermal post-processes influence, significantly, tensile strengths and
ductility values. Given the stringent requirements that the aerospace sector imparts on
structural materials, thermal post-processes are often used, hence, additional
characterization activities are suggested to elucidate the thermal post- processes
influence.
§

Corroborate EBM Ti6Al4V deformation mechanisms: via close inspection of
strain hardening rate curves, the presence of mechanical twinning, as relevant
plasticity contributors, on tensile test articles was detected. However, visual
confirmation is required in the form of TEM studies.

§

EBM Ti6Al4V and SLM IN718 fatigue behavior: this dissertation was focused on
the monotonic, uniaxial tensile and compressive responses of EBMTi6Al4V and
SLM IN718. Still, fatigue behavior is of importance to the aerospace industry as often
it is considered a limiting property for material selection, therefore, a series of fatigue
tests are recommended.

§

SLM IN718 stress asymmetry and anisotropy: this research studied the tensile
behavior, under different deformation rates, of coupons machined in only one
direction with respect to build axis. Future investigations on stress asymmetry and
anisotropy are suggested.

Finally, chapter 4 summarized the findings on low and high Al content (Al0.3 and Al0.7)
HEAs. The Al0.3 HEA exhibited a FCC microstructure with sigmoidal plastic behavior
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suggesting multiple deformation mechanisms occurring in the material. As expected, higher
values of flow stresses were recorded as the strain rate increase. With respect to Al0.7, it consisted
of a multi-phase FCC and BCC type microstructure that exhibited a linear hardening behavior.
As shown by the mechanical data across strain rate scales, the precipitation of a second phase,
BCC type, influence positively the alloy strength.
Elevated temperature compression testing provided the most interesting results. The
combination of high elevated-temperature strength, excellent thermal stability, and enhanced
ductility makes HEAs a potential candidate material system for high-temperature applications,
however, stringent controls over the manufacturing processes are required to ensure their
success.
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