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ABSTRACT 
 

 In this work, the phase stability and mechanical attributes in Ni-rich Nitinol with and 

without Hf additions are investigated through an array of microanalysis techniques. The work 

has two distinct areas of interest: (1) establishing the structure-properties relationship for a 

slightly Ni-rich ternary shape memory alloy with macro-additions of Hf for use as solid-state 

actuators and (2) determining the primary strengthening mechanisms and its compositional limit 

in very Ni-rich alloys with and without solute additions of Hf for bearing applications. For the 

first area of interest, a 50.3Ni-29.7Ti-20Hf (at.%) alloy was aged at 550°C out to 300 hours. The 

shape memory transformation temperature and mechanical response were measured for samples 

aged to specified times with the microstructure yielding these transformation temperatures and 

mechanical response characterized via transmission electron microscopy and atom probe 

tomography. These instruments allowed for the role precipitation plays to be thoroughly 

established while resolving the optimal microstructure by determining precipitate number 

density, size, and composition. The alloy exhibited near optimum response for thermal and 

dimensional stability after aging for three hours. 

 The second area of interest focused on the lesser studied systems of very Ni-rich alloys 

with their extremely low transformation temperature. However they possess high hardness values 

on par with tool steels, corrosion resistance, and stably non-magnetic behavior making them 

promising candidates for bearing applications. A 55Ni-45Ti (at.%) alloy, initial found to possess 

such hardness, had its strengthening mechanism elucidated. The alloy was solutionized and aged 



iii 
 

at 400°C to 300 hours with no considerable drop in hardness registered. This consistent hardness 

was revealed to be the result of a microstructure composed of a high volume fraction of Ni4Ti3 

precipitates within narrow channels of B2 matrix. Generalized stacking fault energies for the two 

phases composing the microstructure were determined confirming the difficulty to slip in such a 

microstructure.  

The second study focusing on these bearing alloys was investigation of the compositional 

limit of this strengthening mechanism for a series of Ni-rich binary compositions ranging from 

53NiTi to 58NiTi (at.%) solutionized and aged at various times and temperatures. The alloy set 

was found to increase in hardness with increasing Ni content until reaching a maximum at 

56NiTi with its hardness equivalent to the 55NiTi alloy. This hardness was contributed to a high 

volume fraction of Ni4Ti3 precipitates encased in narrow B2 matrix channels. Additionally, the 

precipitation sequence of these lesser studied Ni-rich alloys was observed at 625° and 750°C to 

better establish the decomposition pathways between the secondary precipitates phases. 

Finally, a set of Ni-rich ternary alloys with solute additions of Hf were investigated to 

ascertain their practicality as second generation bearing alloys. The alloys containing 1-2% Hf 

were found to have a traditional parabolic aging behavior with hardness below those of binary 

55NiTi and 56NiTi, interestingly the H-phase precipitates formed after extended aging at 400°C. 

The precipitation of H-phase appears to alter the typical precipitation sequence seen in Ni-rich 

alloys and expands the compositional limits of H-phase. Finally, the 4% Hf containing alloy’s 

hardness was greater than 55NiTi and further increased with aging. This behavior was the result 

of H-phase forming in the narrow channels of B2 matrix phase seen in the binary alloy versions. 
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CHAPTER 1 

INTRODUCTION 

1.1 Motivation 

Since the initial discovery of the shape memory effect in the binary NiTi system in 1963, 

the implementation of these alloys in a vast number of engineering applications has been 

discussed. The most successful implementation of binary NiTi is in the medical field as 

cardiovascular stents and orthodontic wires [1]. These alloys are able to recover their original 

shape even against an opposing load when thermal cycled through their transformation cycle 

from the low temperature martensite phase to the high temperature austenite phase. This has led 

to great interest recently in utilizing the NiTi system as solid-state actuators for the aerospace 

industry. However, the low transformation temperatures and poor dimensional stability of the 

current alloy systems have to be overcome before application as actuators is possible.  

With regard to actuator applications, there are two key factors that determine the 

practicality of an alloy: a transformation temperature ≥100°C and dimensional stability during 

cyclic loading. It has been well established that Ni-rich binary compositions have transformation 

temperatures intrinsically lower than Ti-rich compositions, and are well below room temperature 

[2]. However, recent work has shown that Ni-rich compositions macro-alloyed with Pt, Pd, Zr 

and Hf precipitate out secondary phases leading to increased transformation temperatures to ~ 

100°C satisfying the first key factor [3-6]. The second requirement is the dimensional stability of 

the alloy. Prior work on binary alloys confirmed Ni-rich compositions have superior dimensional 
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stability despite their lower transformation temperatures compared to Ti-rich compositions [7]. 

This fact also holds true for ternary alloys with Ni-rich alloys having tremendous dimension 

stability compared to their Ti-rich counterparts [8].  

The motivation of the first part of the dissertation is to optimize the microstructure of a 

Ni-rich system macro-alloyed with Hf, 50.3Ni-29.7Ti-20Hf (at.%), through a series of heat 

treatments. The microstructure attained after each of these treatments is comprehensively 

characterized via Transmission Electron Microscopy (TEM) and Atom Probe Tomography 

(APT) to identify the precipitates’ size, number density, and composition responsible for the 

increased transformation temperature and dimensional stability. 

The second part of this dissertation is focused on characterizing more Ni-rich 

compositions than generally studied with three primary objectives. As stated previously, Ni-rich 

alloys have extremely low transformation making them impractical for shape-memory 

applications, yet Buehler et al. discovered a 55Ni-45Ti (at.%) alloy possessed high hardness, 

stably non-magnetic, and excellent corrosion resistance [9]. This property set makes this alloy 

particularly suitable for roll bearing applications, yet the microstructure responsible for this 

property set has never been fully investigated. The first objective of the second portion of the 

dissertation is to determine the primary strengthening mechanism within the 55NiTi alloy’s 

microstructure (microstructural features) yielding this unique alloy’s property set. Second, 

establish if there is a compositional regime in Ni-rich binary alloys, 53-58Ni (at.%),to which this 

unique set of properties is limited. Third, several Ni-rich ternary alloys with solute additions of 

Hf were studied to investigate whether Hf could be used to: (1) further increase the hardness of 

the alloys through solid solution strengthening, (2) affect the phase stability within the alloys, 

and (3) lower the solution annealing temperature seen in the Ni-rich binary alloys. 
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1.2 Shape memory effect and phases responsible 

 While Nitinol was not the first alloy system discovered which possessed the shape 

memory effect, this honor belongs to 52.5Au-47.5Cd (at.%) [10] and In-Tl [11,12], it has quickly 

become the most well recognized alloy system in regards to the shape memory effect since its 

discovery in 1959 by Buehler et al [13]. The word Nitinol is simply a derivative of the 

constituent elements, Ni and Ti, and the acronym of the laboratory that discovered the effect, 

Naval Ordinance Laboratory. Current applications for Nitinol are primarily in the medical fields 

as stents, staples, and orthodontic wires. 

 The shape memory effect refers to a material that is able to undergo a reversible crystal 

structure change when heated and cooled through a temperature, as seen in Figure 1.1.  

 

Figure 1.1. Schematic depicting the change in strain as a function of stress and temperature as an 
alloy is heated and cooled through an entire transformation cycle taken from [14]. 
 

During this process, any deformation undergone with the change in crystal structure is 

reversible which allows for the original shape to be recovered. The low temperature phase is 

known as martensite, and the high temperature phase is austenite. Martensite forms via a 

diffusionless transformation that occurs in solids, which is generally governed by a shearing-

mechanism that allows for cooperative movement of atoms. As the temperature drops below the 
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martensitic transformation temperature, shear occurs generating twins in the austenite phase. In 

addition, the martensite can be further deformed by applying a load to the alloy too. There are 

several variants of martensite within the NiTi system. The austenite phase in NiTi is a B2 

(ordered body centered cubic structure) crystal structure. The next section will briefly discuss the 

martensite variants and other secondary phases present in NiTi binary alloys. Understanding 

these phase is required before these alloys full potential can be reached regarding the shape 

memory effect. 

 These martensite variants each have their own unique crystal structures and parameters 

responsible for their formation. There are three variants of martensite in NiTi with two generally 

occurring as possible alternate pathways to the final form of martensite as seen schematically in 

Figure 1.2.  

 

Figure 1.2. Three transformation paths generally seen in NiTi based alloys [15]. 

 

The final form of martensite most commonly seen is B19’ with a monoclinic crystal 

structure [16,17] and a P21/m space group [18-20]. The transformation strain associated with 

B19’ is the highest value of all the variants at (~10%). While this final form of B19’ occurs in all 

NiTi based alloys, the B2 austenite phase can transform directly to B19’ in solution treated 

binary NiTi alloys. There are two additional pathways leading to B19’ and these pathways are 
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where the variants occur, B19 and R-phase. The B19 martensite has an orthorhombic crystal 

structure [21,22]with a Pmmb space group [23]. Its transformation strain is the second highest 

value of the variants at ~8%. This variant occurs as an alternative path to B19’ in NiTiCu alloys 

[24] where the B2 austenite phase transforms to B19 then to B19’. Additionally, it has been 

identified to be the final form of martensite in ternary NiTiX (X = Au, Pt, Pd, Hf, and Zr) with 

macro-additions of the ternary element. The final variant and alternative pathway leading to B19’ 

is referred to as the R-phase. The R-phase has a rhombohedral crystal structure [25,26] with a 

space still not completely settled upon but narrowed to being P3 and  [27-33]. It has the 

lowest transformation strain value of the three variants at ~1%. This variant has been discovered 

to occur in three specific conditions [34]: (1) solute additions of Fe or Al are substituted for Ni in 

equi-atomic NiTi compositions; (2) Precipitation of the metastable Ni4Ti3 by aging at appropriate 

temperatures for Ni-rich binary alloys; (3) cold working then heat treating to yield an altered 

dislocation structure in binary NiTi. For all these cases, the stress field of the solute additions, 

the Ni4Ti3 precipitates, and altered dislocation structure effect the ability of R-phase and B19’ to 

nucleate and thus their transformation temperature. Thus, the form or forms of martensite present 

in a NiTi based alloy depends on numerous factors, this holds true for other secondary phases 

within the system as will be seen shortly. 

1.3 Formation and crystal structures of secondary phases in NiTi 

While the martensite and austenite phase are the two phases responsible for the shape 

memory effect, there are other secondary phases that play a crucial role in this effect. These 

secondary phases, i.e. precipitates, are known to influence the transformation temperature by a 

mechanical and chemical effect. The mechanical effects are a result of the stress fields generated 

around the precipitates. The stress field act as obstacles to the transformation requiring under-
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cooling for it to occur [35,36]. Once the driving force of under-cooling reaches the required 

levels the transformation happens. Also, these stress fields can help to raise the transformation 

temperature if the stress field is sufficiently large and properly orientated allowing for martensite 

nucleation. The chemical effect is the precipitate absorbing Ni biasing the local matrix to be 

enriched in Ti [37] and alters the elastic constants. The enriched Ti local matrix and altered 

elastic constant will be further discussed shortly. The secondary phases that form in the binary 

NiTi system depend upon the bulk composition as seen in the Ni-Ti phase diagram, Figure 1.3.  

 

Figure 1.3. Ni-Ti phase diagram containing inset showing the phase field of metastable Ni4Ti3 
[38,39]. 
 

With regard to alloys possessing the shape memory behavior, the primary of interest for 

the phase diagram is the 50 atomic percent mark and extends above and below this mark by 5 

atomic percent. At the 50 atomic percent mark, the phase boundary on the Ti side is nearly 

vertical making it impossible to get Ti-rich Ni-Ti solid solution. Moving to Ti-rich composition, 

leads to the formation of the cubic Ti2Ni phase with aFd3m space group [40]. 
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Though the Ni side has more solubility, it drops drastically with temperature. This 

solubility behavior yields a range of secondary phases for Ni-rich compositions depending upon 

aging treatments as the Time-Temperature-Transformation (TTT) diagram (for a 52Ni-48Ti 

(at.%) alloy) illustrates, Figure 1.4. 

 

Figure 1.4. Time-Temperature-Transformation diagram of 52Ni-48Ti (at.%) alloy providing 
insist into the varying kinetic of the secondary phases in Ni-rich binary alloys from [41]. 
 

For Ni-rich composition, the NiTi phase with its B2 ordered structure becomes 

thermodynamically stable at temperatures above the solvus line. For a 55Ni-45Ti (at.%) alloy, 

the solvus temperature is ~950°C, but decreases to ~700°C for a 50Ni-50Ti (at.%) demonstrating 

the decreasing solubility with temperature. The B2 NiTi phase can be retained by quenching or 

slowly cooling to room temperature from the required solvus temperature for a given alloy’s 

composition. The precipitation of the Ni4Ti3 metastable phase takes place by aging below 

~680°C for a Ni-rich alloy consisting of the B2 NiTi phase. With extended aging at this 

temperature, the Ni3Ti2 metastable phase will also form. The final secondary phase that would 

form with further aging is the equilibrium Ni3Ti phase for Ni-rich alloys. Thus, the precipitation 
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sequence is Ni4Ti3>> Ni3Ti2>> Ni3Ti for Ni-rich alloys. The schematic below, Figure 1.5, 

demonstrates with words how the precipitation sequence can be altered with increasing 

temperature for Ni-alloys (though it should be noted these temperatures are in reference to a 

52Ni-48Ti (at.%) alloy).  

 

Figure 1.5. Temperature breakdown for the precipitation of the various secondary phases in Ni-
rich binary alloys. 
 

 The crystal structure and chemistry of Ni4Ti3 metastable precipitate phase has been well-

studied. When first observed, it was designated the X-phase. The proper crystal structure was 

determined to be rhombohedral with an R3 space group [42,43]. It has now become commonly 

identified using Selected Area Electron Diffraction (SAED) by extra reflections occurring at x/7 

positions, marked with arrows, along the <123> reciprocal vectors of the B2 NiTi matrix phase 

looking down the [111] zone axis. 

The metastable Ni3Ti2 phase also required a great deal of research to confirm its crystal 

structure. It has now been established that Ni3Ti2 has two crystal structures depending upon the 

temperature. The lower temperature crystal structure is orthorhombic with a Bbmm space group 

[44], whereas the higher temperature crystal structure is tetragonal with a I4/mmm space group 

[same as first part]. The equilibrium Ni3Ti phase was found to have a hexagonal DO24 type 

ordered crystal structure [45]. With the numerous phases present in NiTi system identified and 
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their roles in the shape memory effect, the idea of this alloys implementation in a specific 

aerospace application of interest to this research will be touched upon. 

 While the discovery by Buehler et al. [13] of the shape memory effect in NiTi was 

significant, the truly groundbreaking finding was the ability of the alloy to recover its original 

crystal structure even when an opposing load is applied to it. This simply means the alloy is able 

to perform work, which leads to endless opportunities for industrial applications. One of the most 

promising applications is as solid-state actuators in aerospace applications. The NiTi alloy 

system will provide numerous advantages to the current actuator systems: lighter weight, more 

compact, high force (per volume/weight), quieter, frictionless, low maintenance, and eliminates 

extraneous systems. The two requirements for the successful implementation of a NiTi system in 

actuator systems are a martensitic transformation temperature >100°C and good dimensional 

stability as the alloy undergoes thousands of transformation under a load during its service 

lifetime. Dimensional stability refers to the alloy’s ability to maintain dimensional tolerances 

after undergoing numerous transformation cycles. The author has laid the microstructural 

foundation on which the NiTi shape memory field is based along with the promise it possess. 

Next, an in-depth review of the extensive research performed on the NiTi based system 

following its evolution to the current state is presented. 

1.4 Influence of composition on transformation temperature 

 The early research focused on the transformation temperature of the varying alloys as a 

function of composition. The results from this research discovered that Ti-rich and equiatomic 

compositions have higher transformation temperatures than Ni-rich compositions as seen in 

Figure 1.6 [2,34,41,46-52].  
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Figure 1.6. Plot of martensite start temperature as a function of atomic percent Ni [2,34,41,46-
52] 
 

These Ti-rich alloys have a constant transformation temperature of ~60°C until reaching 

an equiatomic composition. The exact reason for Ti-rich compositions having higher 

transformation temperatures is still not completely understood. Some believe it is simply the lack 

of solubility on the Ti-rich side as seen with the nearly vertical solvus line in the phase diagram, 

Figure 1.3. This behavior makes it impossible to create a Ti-rich Ni-Ti solid solution. The other 

possible explanation is the softening of the elastic constant c’ with lowering temperature [53]. In 

martensite alloys, this elastic constant is quite dependent on composition [54] since lattice 

dynamic properties can be significantly altered by alloying [15]. This means large changes in 

transformation temperature are required for small changes in composition which creates large 

changes in c’ as c’ is held constant at a transformation temperature. However, this hypothesis has 

only been validated for Ni-Ti-Cu; furthermore in the NiTi system both the c’ and c44 elastic 

constants have vital roles in martensitic transformation [55].  
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 While the Ti-rich binary alloys have intrinsically higher transformation temperatures than 

their Ni-rich counterparts, their maximum transformation temperatures (~70°C) are still too low 

to allow for practical usage as actuator. Recall, the second key factor determining their possible 

usage as actuators is their dimensional stability. Research of the Ti-rich binary alloys has shown 

that their dimensional stability is poorer than that of Ni-rich binary alloys [7]. Furthermore, the 

mechanical performance of Ti-rich binary alloys degrades with increasing temperature [56,57]. 

Taking all the knowledge valuable to them at the time, researcher developed their next plan of 

act in researching this system. They turned to Ti-rich ternary alloys as the next alternative with 

the hopes of the ternary alloying would allow for secondary precipitation, beside Ti2Ni, to 

improve the alloys’ mechanical responses while still possessing the intrinsically higher 

transformation temperatures associated with Ti-rich alloys 

1.5 Ti-rich and equiatomic NiTiX ternary alloys and their properties 

 The elements used as ternary additions included Pd, Pt, Zr, Hf, and Au. Pd and Pt are 

believed to substitute for Ni due to similar electron configuration in their outer shell, while this 

same principle explains Hf and Zr substituting for Ti. Au is suspected to be substituting for Ni 

due to its electron configuration being more similar to Ni than Ti. However, Nakata et al. [58] 

found Au has no strong preference for a particular site but rather Au is strongly affected by the 

formula governing alloying element. As with any binary alloy system, the addition of a ternary 

element is generally going to alter the behavior of the system. This was noted for these ternary 

additions by the effect each had on the martensitic pathways and even varying amounts of the 

same ternary addition.  

For NiTiAu alloys, Wu and Wayman established that B19’ forms in Ti50Ni50-xAux alloys 

with x =5 and 10 at.% Au [59,60]; additionally, they confirmed the presence of B19 for even 
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more Au-rich compositions, where x = 40 and 50 at.%. The compositional boundary that 

determines the type of martensite to form has not been fully established. For NiTiPd alloys with 

<10 % (at.%) Pd, the martensitic transformation is a two-step transformation when cooling from 

B2 to B19’ via R-phase [61]. Once the Pd content is increased to greater than 10%, the B19’ 

martensite no longer occurs but rather B19 [61]. For NiTiPt with <10% (at.%) Pt, the martensitic 

transformation is single stage with cooling from B2 to B19’. In a similar fashion as seen in 

NiTiPd alloys, the B2 transforms to B19 with cooling with increasing content but the lower limit 

is 16% Pt [62]. For NiTiHf alloys, B19’ transformation occurs until 20%Hf and at compositions 

greater than 20% B19 transforms from B2 [8,63]. For NiTiZr alloys, the same trend of B19’ 

occurring with low Zr concentrations [62, 64], with debate over the limit being 15% or 20% Zr 

[65], and B19 occurring above that value.  

The transformation temperatures for equiatomic and Ti-rich ternary alloys containing Pt, 

Pd, Au were found to increase with decreasing Ni content as seen in Figure 1.7 [66]. 

 

Figure 1.7. Plot indicating effect ternary addition of Au, Hf, Pd, Pt, and Zr have on the 
martensite start temperature for equiatomic compositions of NiTiX alloys [66]. 
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However, all three precious metal containing systems require > 15% precious metal to 

increase the transformation above 100°C which continues to climbs linearly with increasing 

content for all three. These increased transformation temperatures allowed the high cost 

associated with these ternary additions to be somewhat tolerated. While the transformation 

temperatures for these alloys has been researched extensively [1,59-61,67-71], the mechanical 

properties closely associated with shape memory applications have been reported in limited 

amounts. 

Bigelow et al. [72] found for a series of Ti-rich, ternary Ni49.5-xTi50.5Pdx ( x = 15, 20, 25, 

30, and 46 at.%) alloys with increasing Pd content, a slight decrease in available work output and 

unrecoverable strain increased. A series of NiTiPt alloys were found to have narrow hysteresis 

during thermal cycling except for a 30 at.% Pt alloys reported by Lindquist and Wayman [1]  and 

confirmed by several others [70,73]. This peculiar behavior as a function of composition is also 

continued with the load-bias behavior. A Ni30Ti50Pt20 alloy generated a maximum work output of 

8.7 J/cm3 establishing it as a possible functional actuator material, while a Ni20Ti50Pt30alloy was 

found to have little to no work output with its best measured work output being 0.1 J/cm3 [74]. 

With regard to Au, the cost of such large amounts have hindered any thorough investigation of 

Au-containing alloys’ mechanical properties. As a result, lower cost alternative ternary additions 

of Hf and Zr were added to equiatomic and Ti-rich compositions. 

 These alloys, whether their initial composition is equiatomic or Ti-rich, see an increase in 

transformation temperature with increasing ternary additions as seen in the figure 1.7 above and 

Hsieh et al. [75]. It should be recalled that Hf and Zr substitute for Ti, thus Ni content is held at 

or below 50% since transformation temperature drop severely when going over this value 
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[76,77]. Even for these alloys, ternary addition > 10%are required to reach a transformation 

temperature >100°C required for actuator consideration, yet due to the lower cost these macro-

additions are acceptable. The Hf containing alloys possess higher transformation temperatures 

with increasing Hf reaching a maximum of ~500°C at 30% Hf (at.%) than Zr containing alloy 

with a maximum transformation temperature of ~350°C reported by Hsieh et al. in a 

Ti26.5Ni48.5Zr25 alloy [75]. While these transformation temperatures are sufficient for high 

temperature actuator applications, multiple drawback were found to coincide with the increased 

transformation temperatures for these alloys: a decrease in the transformation temperature’s 

thermal stability and recoverability, an increase in their thermal hysteresis, and poor dimensional 

stability during thermal cycling [75-80]. Furthermore, these alloy’s microstructure could not be 

altered to address these issue since the only secondary phase possible in Ti-rich alloys are Ti2Ni 

type phase, which provide no advantageous properties. As a consequence of these findings, the 

shape memory field again turned to equiatomic or Ni-rich composition, this time, with the 

ternary additions of Pd, Pt, Hf, and Zr. 

1.6 Ni-rich and equiatomic NiTiX ternary alloys and their properties 

 As a result of the good properties reported for a Ni30Ti50Pt20 [74,81], the microstructural 

features responsible for these promising property sets were investigated. While the alloy’s 

composition is equiatomic, the alloy was found to precipitate out a secondary phase with aging. 

The secondary phase, termed P-phase, was identified as a monoclinic base-centered crystal 

structure with a C2/c space group and composition determined to be Ni9Ti11Pt4 [3]. A precipitate 

phase with the identical crystal structure was found to form in a Ni(Pd)-rich alloy, Ni27Ti48Pd25 

[4]. The P-phase precipitates were found to help yield near perfect pseudoelastic behavior and 

superior dimension stability during load-bias thermal cycling of specified heat treated specimen 
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[4]. For both the NiTiPd and NiTiPt systems, the precipitates ensure the austenite phase is 

stronger than the martensite phase allowing them to exhibit good work output [66]. However, the 

precipitation of the P-phase is required before the transformation temperatures can be raised at 

all. Furthermore the transformation temperature and transformation strains cannot achieve the 

levels capable in Ti-rich ternary alloys. Despite the advantageous properties of these alloys, the 

high cost associated with Pd and Pt cannot be ignored, which has peaked interest in the cheaper 

alternative of Hf and Zr as ternary additions. 

 Ni-rich NiTiHf system first received attention when Meng et al. established that the 

transformation temperature could be raised to ~230°C with aging for a Ni50.6Ti29.4Hf20 [82]. This 

aging resulted in the formation of nanoscale precipitate Meng et al. identified the precipitate by 

the extra reflection seen at x/7 positions along the <321> reciprocal vector of the B2 matrix 

phase looking down its [111] zone axis. These reflections matched those seen in Ni-rich binary 

NiTi for the metastable Ni4Ti3 precipitates leading Meng to identify the precipitate as 

Ni4(Ti+Hf)3. [82]. Bigelow et al. then performed the first known, preliminary shape memory 

testing on a Ni50.3Ti29.7Hf20 (at.%) alloy to determine the functionality of Ni-rich NiTiHf alloys 

as solid-state actuators [8]. Bigelow reported the alloy demonstrated a list of promising 

properties: high work output in tension and compression, tremendous dimensional stability at 

stresses up to at least 500 MPa, and near-perfect superelastic behavior at temperatures ranging 

from 180-220°C with >2% transformation strain and full strain recovery upon unloading [8]. 

This is in stark contrast to Ti-rich versions of NiTiHf with their wide hysteresis, poor 

dimensional and thermal stability [83]. Bigelow also noted a fine dispersion of a secondary 

precipitate phase, different from the Ni4(Ti+Hf)3 observed by Ming and P-phases by Kovarik 

[3,82] in previous Ni-rich ternary alloys, contributing to the improved properties of the alloy. As 
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result of Bigelow’s work, Yang et al. performed work on an identical Ni50.3Ti29.7Hf20 to 

determine the crystal structure of the precipitate Bigelow observed in his alloy [5]. Yang et al. 

determined the precipitate, referred to as the H-phase, to be slightly Ni-rich and have a face-

centered orthorhombic lattice [5] matching the structure first identified by Han et al. [84] in an 

aged Ni48.5Ti36.5Hf15 alloy. This alloy system provides great promise as a candidate for solid-state 

actuator, yet the alloy requires further optimization of the microstructure through aging to 

generate the required properties for implementation. 

 The Ni-rich NiTiZr alloys have shown similar promising results as those noted in the Ni-

rich NiTiHf alloys. The Zr additions provide a lower weight alternative to the NiTiHf system 

with a minimum of 20% weight reduction. Early work by Sandu et al. [85] established a 

nanoscale precipitate phase increasing strength in two alloys, Ni52Ti42Zr6 and Ni53Ti41Zr6 mol.%, 

that was later identified to be the H-phase. Recently, Evirgen et al. reported an aged 

Ni50.3Ti29.7Hf20 alloy to have excellent dimensional stability at stress levels up to 300 MPa [86], 

which is lower stress values than applied by Bigelow et al. [8] to their NiTiHf alloy . 

Furthermore, the Zr-containing alloy has a less vertical response during their load-bias thermal 

cycling than the Hf-containing alloys meaning a more gradual transformation occurring over a 

range of temperatures [8,86]. Thus, the Ni-rich NiTiHf and NiTiZr alloy systems have similar 

promising property sets with each having their own distinct advantages that would lead to their 

implementation when specific requirements must be achieved. This concludes the background 

for the evolution of NiTi based alloy for actuator applications. The remainder of the dissertation 

focus is on more Ni-rich compositions than typically investigated, which explains the diminished 

literature and background available for these alloys in the following sections. 
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1.7 Increasingly Ni-rich Binary Alloys 

 As previously mentioned, binary alloys with Ni content greater than 52 at.% have been 

shown to transformation temperatures <-100°C [2]; thus, the implementation of these alloys in 

shape memory application is not practical. Fortunately, Buehler et al. [9] realized in his early 

work on a Ni55Ti45 (at.%), converted to weight percent is Ni60Ti40, that despite its poor 

transformation temperature possessed other useful properties including high hardness, corrosion 

resistance (even in marine environments), stably non-magnetic, and lighter weight than most 

structural metals. With this property set, Buehler believed this alloy could be used in applications 

not possible with prior NiTi alloys such as hardened penetrators, (non -magnetic) hand tools, and 

bearing for water flooded rotating components [87]. However, the discovery of shape memory 

and superelastic behaviors in NiTi caused the research to largely disregard these more extremely 

Ni-rich alloys. 

 This unique properties set Buehler reported, while preliminary, contains many of the 

characteristics desired for roll bearing materials. During their lifetime are exposed to extreme 

condition where impact and corrosion resistance are required during their lifetime. The full array 

of properties required for bearing materials to handle such conditions is quite novel and still 

being investigated for a variety of materials as will be seen. The critical bearing’s properties are 

the ones governing the material when it comes into contact with other parts within the system. 

The bearing material must have a sufficiently high hardness to prevent indent when contacting 

another machine part, but not be overly stiff that the stress is concentrated in a single spot 

leading to plastic deformation. The process of arriving at such a conclusion is not a recent 

achievement, but rather a long and continuous evolution in the research of bearing materials. In 

the late 19th century, Hertz developed one of the first analytical stress models relating a bearing 
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in contact with another material creating an interface [88].Hertz’s model was a generalized 

model that proved quite useful since it allowed for alterations to a number of terms including 

radii of curvature of the surfaces, their elastic moduli, and contact loads [89]. Using this model 

as a working guide, developments have led to the implementation of hard materials with equally 

high stiffness’s and lower values of ductility and recoverable elastic strain, in comparison, for 

“hertzian” contact in industry applications [90]. This property combination yielded long lifetime 

and low friction at the cost of increased risk to local damage during high load events. This local 

damage is avoided by modifying contact geometry to reduce high stress levels and limiting 

overloads. The alternative approach to this situation is using softer, less rigid material in an 

attempt to reduce the local contact stresses, yet this creates another set of problems such as lower 

fatigue life, loss of load capacity, and higher operating frictions. Currently, the harder, more rigid 

materials are generally selected over the soft, less rigid materials for mechanical components. 

Thus, the ideal material for such application is one having adequately high hardness while 

simultaneously being compliant to reduce the peak stresses experienced during high-load events. 

However, this concept of a compliant material with a high hardness seems contradictory in 

nature since hardness and rigidness are considered complementary.  

 Developing a material with such a unique property set is not a new idea, T.L. Oberle first 

established in the 1950’s that a ratio between a material’s hardness (H) and elastic modulus (E), 

the H/E ratio, governs its wear resistance [91]. He referred to this ratio as the Modell ratio. With 

this ratio, Oberle made it clear a material possessing a high hardness with a low elastic modulus 

is the ideal candidate, but this property combination seems conflicting since high hardness and 

high elastic moduli are generally associated. Consequently, Oberle suggested a composite 

material with a hard chrome outer shell surrounding an inner substrate of steel. This composite 
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material idea has been further developed in the last decade with engineered coatings and surface 

treatments applied to materials to enhance their Modell ratio and overall tribological 

performance [92] Oberle developed the Modell ratio primarily focusing on sliding contacts, yet it 

has proven to be applicable for rolling contacts like bearings and gears as well. Despite this 

thorough understanding of the issue and solution, no material to date has been found to achieve a 

high Modell ratio so ceramic rolling elements and hydrid bearing are used even with their know 

issues.  

 With all this established knowledge, NASA began a study in the last decade to identify a 

material with high a Modell ratio making it an ideal bearing material. Their work concentrated 

on the Ni55Ti45 (at.%) alloy Buehler initially reported as having potential in industry not 

possible for the lower Ni content versions of NiTi. DellaCorte et al. found the alloy to have a 

Rockwell C hardness (HRC) of 58 to 60 which is on par with a tool steel and is greater than the 

HRC of 55 generally established as the limit for a material as bearing and gear applications [93]. 

Furthermore, DellaCorte et al. found the alloy to exhibit a low effective modulus [93]. This 

property permits the alloy to undergo large strain without permanent deformation, meaning 

during shock loading contact points are less likely than current materials to undergo structural 

damage [93,94]. While these tremendous properties have led to the implementation of Ni55Ti45 

bearings in the water recycling system for the International Space Station [95], the 

microstructural features responsible for these properties have not been fully investigated. More 

recent work has began to investigate more Ni-rich (>52 at.% Ni) binary alloy [96,97], yet these 

papers concentrated on higher temperature aging where the peak hardness is not fully optimized. 

Finally, the Ni55Ti45 alloy is the gateway for future advance in the bearing materials research that 

will be further optimized through alloying of ternary alloys. The ternary addition will in theory 
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add strengthen through solid solution strengthening, and allow yield lower solution annealing 

temperature due to decreased Ni content to while maintaining the high hardness. 

1.8 Experimental Procedure  

1.8.1 Materials Fabrication 

 A multitude of alloys were analyzed using electron microscopy and atom probe 

tomography to correlate the microstructure to their mechanical response allowing for further 

engineering of the material in this dissertation. The varying alloys were fabricated one of three 

possible ways: heated extrusion, hot isostatic pressing (HIP), or arc melted. The particular 

method used for the fabrication of each alloy is described within the designated chapter of the 

dissertation examining said alloy. The materials were fabricated in collaboration with researchers 

from NASA Glenn (Ron Noebe and Glen Bigelow  

 The as-received specimens for all compositions were sectioned into smaller pieces for 

subsequent aging treatments. The initial step for all aging treatments of each alloy was solution 

annealing at 1050°C followed by water quenching. The alloys were then aged at various lengths 

of time and temperatures of 400°, 550°, 625°, and 750°C, which combination of time and 

temperature will be specifically designated within the dissertation. All solution annealing and 

subsequent aging treatments were performed in a tube furnace. During these treatments, the 

specimens were wrapped in Ta foil and a continuous flow of ultra high-purity Ar was used to 

reduce the possibility of oxidation. All specimens were immediately water quenched following 

all treatments. For treatments exceeding more than 24 hours, specimens were wrapped in Ta foil 

and encapsulated within quartz tubes that were backfilled with Ar. The tubes were broken and 

specimen water quenched once the heat treatment was completed.  
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1.8.2 Thermal and Mechanical Testing  

 Differential scanning calorimetry (DSC) was performed to examine the martensite to 

austenite phase transformation upon heating and the reverse order upon cooling. The 

transformation temperatures are determined by measuring the (exothermic and endothermic) heat 

flow during the phase transformations responsible for the shape memory effect. The 

measurements were performed using a TA Instrument DSC Q1000 with heating and cooling 

rates of 10°C/min. 

 All shape memory property related mechanical testing were conducted in collaboration 

with researchers (Ron Noebe and Glen Bigelow) from NASA GLENN. The procedures they 

utilized during the various tests will be briefly discussed here. Load-biased thermo-mechanical 

cycling tests in tension on an MTS 810 servo-hydraulic load frame using a MTS Flex Test SE 

digital controller. A CNC lathe was utilized in machining the tensile specimens into the 

cylindrical dog-bone shapes with 3.81 mm diameter by 16.4 mm long gage sections and threaded 

button ends. These tensile specimens were machined from the heat treated extrusion blanks. The 

specimens were held in threaded inserts at the end of hot grip extension rods gripped in water 

cooled hydraulic collets. A 100 kN/22 kip load cell was used to measure the load. Strain within 

the gauge section was measured with a high-temperature, water-cooled extensometer with a 12.7 

mm gage length with a -10/+20% strain range, which used alumina extension rods via v-chisel 

tips held in contact with the sample surface by a frictionless knife-edge holding fixture. 

 Hardness testing was performed to observe the change in hardness as a function of aging 

time and temperatures for the various alloys. The measurements were taken using a Buehler 

Model 1600-6100 microhardness tester equipped with a Vickers diamond-pyramid indenter. A 
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load of 1 kilogram (kg) was applied to all alloys except the 50.3Ni-29.7Ti-20Hf which had a load 

of 500 grams (g) applied. Each specimen condition was indented 10 times with the mean 

hardness and standard deviation reported. 

1.8.3 Microstructural Characterization  

 A suite of advanced analysis techniques was utilized to study the effect of heat treatment 

on the microstructure. With regard to sample preparation for scanning electron microscopy 

(SEM), X-ray diffractometry (XRD), and dual beam SEM-focused ion beam microscopy 

specimen, the specimen were roughly polished with 800 grit SiC paper to remove any oxide 

layer present after the heat treatment. Once the oxide layer was removed, the specimen were 

polished using 9 µm and 3µm diamond solution in consecutive steps before ending with a final 

step using 0.05µm colloidal Si on a Buehler AutoMet 250 Grinder Polisher. SEM secondary and 

back-scattered electron images were taken using a JEOL 7000F microscope. XRD was 

performed only to determine phase identification within bulk samples for various specimens. 

XRD was performed using a Bruker D8 Discover with General Area Diffraction System 

(GADDS) with a Co Kα radiation source and a Phillips X’Pert MPD with a Cu Kα radiation 

source. 

 Transmission electron microscopy (TEM) specimens were prepared by cutting a 3 mm 

disc from the heat-treated specimen of interest using a Fischione Model 170 ultrasonic disc 

cutter. The disc was then thinned down to a thickness of ~100µm using 1200 grit SiC paper 

followed by dimpling using 3µm diamond solution in a Fischione Model 200 Grinder to yield a 

final thickness <10µm in the dimpled region. Once dimpled, the discs were ion milled using a 

Gatan Model 691 Precision Ion Polishing System (PIPS) until electron transparent perforations 
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formed in the dimpled region. Bright-field micrographs, selected-area electron diffraction 

patterns, energy dispersive x-ray spectrometry (EDS) line profiles, and scanning transmission 

electron microscopy-high angle annular dark field (STEM-HAADF) images were taken using a 

FEI Tecnai G2 F-20 Supertwin (scanning) transmission electron microscope ((S)TEM) operated 

at 200 keV. STEM-HAADF image intensity is based on atomic number (~Z2) [98,99] rather than 

Bragg contrast as seen in a typical TEM image. Therefore, any difference in contrast between 

phases observed in the image provides insist to composition of the two phases with the brighter 

contrast phase containing higher atomic numbered atoms relative to the darker contrast phase. 

 Atom probe tomography (APT) specimen were lifted-out from the bulk sample and 

placed onto pre-fabricated Si posts using a FEI Quanta 200 3D Dual Beam scanning electron-

focused ion beam microscope equipped with an Omniprobe micromanipulation lift-out system. 

Once attached to the Si post, the specimen were annular milled to yield the appropriate geometric 

needle shape with a radius of ~ 100 nm required for field evaporation. The details of the FIB-

based atom probe preparation can be found elsewhere [100,101]. Once the specimens were 

prepared, they were ran in a Cameca Local Electrode Atom Probe (LEAP) 3000XSi.All 

specimens were thermally assisted field evaporated using a laser mode at a pulse rate of 200 

kHz. The specimens were held at a base temperature between 30-60K (-213 to -243°C) and ran 

using a pulse energy between 0.2-0.4nJ depending upon the evaporation field difference due to 

the varying composition levels of each constituent. The atom probe data was reconstructed using 

the software program IVAS 3.6 and above. 
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1.9 Dissertation Organization  

 The remainder of this work describes key findings of the microstructural analysis using 

electron microscopy of Ni-rich binary and ternary NiTiHf to their mechanical response. The 

dissertation is organized in a journal paper format, per the guidelines of The University of 

Alabama’s Graduate School. Chapter 2 is a discussion on the microstructural optimization of a 

50.3Ni-29.7Ti-20Hf alloy for solid state-actuator application. Multiple aged version of the alloy 

had their precipitates’ size, number density, and chemistry correlated with their shape memory 

properties of the same condition. Chapter 3 is an investigation in the strengthening mechanism 

for a 55Ni-45Ti (at.%) alloy which is the first generation in a new class of bearing alloys based 

on more Ni-rich alloys than previously studied. Chapter 4 is a discussion on the compositional 

limits of the strengthening mechanism found in the 55Ni-45Ti alloy for a set of alloys from 53-

58 at.% Ni. Additionally, the secondary phase stability in these Ni-rich alloys are investigated at 

multiple temperatures and times. Finally, Chapter 5 introduces a discussion on the second 

generation of the bearing alloys with solute additions of Hf in attempt to further improve on the 

alloy’s property set. Chapter 6 is a summary of the research’s results and ideas for direction of 

future work.  
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CHAPTER 2 

STRUCTURE-PROPERTY RELATIONSHIP WITH H-PHASE PRECIPITATION IN A NI-
29.7TI-20HF (AT.%) SHAPE MEMORY ALLOY1 

 
Abstract 

The martensitic transformation temperatures, load-biased thermomechanical properties, 

and microstructure (characterized by transmission electron microscopy and atom probe 

tomography) were investigated for a Ni-29.7Ti-20Hf (at.%) alloy aged at 550°C for 0 to 300 

hours. Aging for three hours and longer resulted in the precipitation of a face-centered 

orthorhombic phase, previously denoted as the H-phase. The number density, size, and 

composition of this phase did not statistically change upon aging from 3 to 30 hours. Aging to 

300 hours resulted in a decrease in the number density and significant coarsening of the 

precipitates at 550°C. The alloy exhibited near optimum response for shape memory behavior 

and dimensional stability after aging for three hours, though transformation temperatures 

continued to increase with aging time. 

 

 

 

 

 

1 A manuscript has been prepared for the work in this chapter for publication in Material Science 
and Engineering A. 
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2.1 Introduction 

NiTi alloys, commonly referred to as Nitinol, exhibit a thermoelastic martensitic 

transformation and consequently are well-known for their shape memory and superelastic 

properties [1]. However, the transformation temperatures and thus the temperatures at which 

these various properties occur are highly dependent on composition. With regards to the shape 

memory effect, considerable interest has been in equiatomic and slightly Ti-rich Nitinol 

compositions because of their higher transformation temperatures as compared to Ni-rich 

compositions. Tang [2] has summarized the work of many groups that reported how minute 

increases in Ni-rich concentrations resulted in a precipitous drop in the transformation 

temperature to well below room temperature. Unlike the equiatomic and Ti-rich compositions, 

which generate significant residual strains during thermomechanical cycling through the 

transformation temperature [1,3,4], the Ni-rich compositions exhibit excellent dimensional 

stability during pseudoelastic stress cycling and load-biased thermal cycling because of 

precipitation strengthening effects [5-7]. Dimensional stability refers to the material maintaining 

a fixed dimensional tolerance during multiple transformation cycles, an attribute critical in 

actuator based applications. The ability to increase the transformation temperatures through 

ternary additions, while retaining the excellent dimensional stability observed in Ni-rich 

compositions, has been an active goal in shape memory alloy (SMA) research in recent years 

[8,9]. 

Several of the earlier efforts focused on the use of precious metal additions for increasing 

transformation temperatures in systems that were basically Ti-lean in stoichiometry. Kovarik et 

al. [10] reported the formation of a monoclinic precipitate phase, denoted as the P-phase, which 

had variant stacking options in a Ni-Ti-Pt alloy. Subsequent to this report, Sasaki et al. [11] 
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reported the same phase in a Ni-Ti-Pd SMA. In both systems, the precipitate was Ni-rich relative 

to the matrix and formed coherent/semi-coherent interfaces, which provided the necessary 

compositional alterations and strain that raised the transformation temperatures above 100oC 

[12]. Unfortunately, these types of precious metal additions are cost-prohibitive for developing 

alloys for wide-spread bulk applications.  

A similar strategy has been used quite successfully to develop precipitate strengthened 

Ni-Ti-Hf [13,14,15] and Ni-Ti-Zr [16,17] high-temperature SMAs with good work output, stable 

large-strain pseudoelastic behavior at elevated temperatures, and nearly unprecedented 

dimensional stability during thermomechanical cycling. Relative to the precious metal additions, 

the Hf and Zr macro-additions provide a much lower cost alternative. As with the prior systems, 

the increase in the transformation temperatures, over solution treated conditions, was associated 

with the precipitation of nanoscale phases that affected the bulk composition and strain with the 

matrix. These precipitates, denoted as the H-phase, were confirmed as a face-centered 

orthorhombic structure in various Ni-rich compositions of Ni-Ti-Hf and Ni-Ti-Zr alloys 

[18,19],consistent with the phase that was first reported by Han et al. [20]. 

In this paper, we investigate the structure-property relationships in a Ni-29.7Ti-20Hf 

(at.%) alloy that undergoes H-phase precipitation. Using transmission electron microscopy 

(TEM) and atom probe tomography (APT), the precipitate structures formed at 550°C for various 

aging times were characterized and correlated to the transformation temperatures, the stability of 

the transformation temperatures with repeated thermal cycling, and the load-biased shape 

memory behavior of the alloy. This information provides necessary insights on the optimization 

of the H-phase precipitation with respect to shape memory properties of the alloy. 
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2.2 Experimental Procedure 

An ingot of nominal composition Ni-29.7Ti-20Hf (at.%) was induction melted, 

homogenized at 1050°C for 72 hours in vacuum, and extruded at 900°C with an area reduction 

ratio of 7:1. The as-extruded bar was then sectioned, solution annealed at 1050°C for 3 hours and 

immediately water quenched followed by an aging treatment at 550°C for varying times up to 

300 hours and also water quenched. All solution annealing and aging treatments were conducted 

in a tube furnace under a continuous flow of ultra-high purity Ar with the specimens wrapped in 

Ta foil to reduce oxidation of the specimens.  

Hardness testing was conducted on a Buehler Model 1600-6100 microhardness tester 

equipped with a Vickers diamond-pyramid indenter using a load of 500 g. Each specimen was 

indented 10 times from which the mean hardness and standard deviation were determined and 

the values plotted as an age hardening curve. 

Differential scanning calorimetry (DSC) was performed using a TA Instrument DSC 

Q1000 with heating and cooling rates of 10°C/min to determine the stress-free phase 

transformation temperatures. Austenite-start (As) and austenite-finish (Af) temperatures on 

heating and the martensite-start (Ms) and martensite-finish (Mf) temperatures on cooling were 

determined by the baseline tangent method. At least four heating and cooling cycles were 

performed with the DSC instrument to determine the stability of the phase transformation 

temperatures for each condition.  

The thermo-mechanical response of the alloy was determined using an MTS 810 servo-

hydraulic load frame managed with an MTS FlexTest SE digital controller. Cylindrical samples, 

5mm diameter by 10 mm in length, were compressed between Udimet-720 platens, which were 

backed by hot grip extension rods held by water-cooled MTS 646 hydraulic collet grips. Load 

was measured with a 100 kN load cell. Strain in the sample was measured with a high resolution 
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Micro-Epsilon OptoControl 2600 LED extensometer. Heating of the sample was performed 

using a Eurotherm temperature controller coupled with an Ameritherm Novastar 7.5 kW 

induction heater, which directly heated the hot grip extension rods. The platens and sample were 

then heated via thermal conduction through the hot grips. The specimen temperature was 

measured by a type-K thermocouple spot-welded directly to the middle of the specimen gage. 

During the load-biased thermal cycling experiments, the “no load” condition in these 

tests corresponds to -1 to -3 MPa applied stress due to the applied force needed to maintain 

contact between the specimen and platens. This condition is labeled as “0 MPa” in the 

presentation of the data. Mechanical loading beyond the no load condition was controlled at a 

strain rate of 1 x 10-4 sec-1 until the desired applied stress was reached at room temperature. The 

system was then switched to load-control followed by thermal cycling under a constant applied 

load. Specimens were tested at -50 MPa, and then in -100 MPa increments from -100 MPa to -

700 MPa. At each stress level, temperature was cycled between 40°C and 300°C at a rate of 

20°C /min or slower where the inherent convection of the material in room temperature air 

limited the temperature rate (i.e., upon cooling near ambient temperature). Two thermal cycles 

were carried out at each stress level; the second of these cycles is reported in the presentation of 

the data.  

The microstructure after various aging conditions was characterized by TEM and APT. 

With regards to TEM specimen preparation, a 3 mm disc was cut from the heat-treated sample, 

ground to ~100 µm in thickness using SiC papers, and then dimpled to a final thickness of < 15 

µm using a 6 µm diamond suspension in a Fischione Model 200 Grinder. Once dimpled, the 

discs were then ion milled using a Gatan Model 691 Precision Ion Polishing System until 

electron transparent perforations formed in the dimpled region. The TEM analysis was 



30 
 

performed using a FEI Tecnai G2 F-20 Supertwin (scanning) transmission electron microscope 

((S)TEM) operated at 200 keV. 

APT was performed using a Cameca Local Electrode Atom Probe (LEAP) 3000XSi. The 

atom probe specimens were lifted-out from the bulk sample and placed onto pre-fabricated Si 

posts using a FEI Quanta 200 3D Dual Beam scanning electron-focused ion beam microscope 

equipped with an Omniprobe micromanipulation lift-out system. Once attached to the Si post, 

the specimens were annular milled to yield the appropriate geometric needle shape with a radius 

of ~ 100 nm required for field evaporation. The details of the FIB-based atom probe preparation 

can be found elsewhere [21,22]. The specimens were maintained at a base temperature of 30K (-

243°C) and thermally assisted field evaporated using a laser mode at a pulse rate of 200 kHz, 

pulse energy 0.2 nJ, and a target evaporation set at 0.5. The atom probe data was reconstructed 

using the IVAS 3.6.6 software package.  

 

 

2.3 Results & Discussion 

Figure 2.1(a) shows the evolution of Vickers hardness as a function of aging time. The 

lowest hardness value of 353 ± 7.7 VHN was recorded for the solution annealed condition and a 

slight increase to 371 ± 9.4 VHN was noted after aging for 0.1 hour. The hardness peaked at 492 

± 7.7VHN after 100 hours aging and decreased to 481 ± 2.6 VHN after 300 hours of aging. 

Figure 2.1(b) shows the DSC curves containing four thermal cycles for each specimen for 

various heat-treated conditions. All the DSC curves show a set of endothermic peaks 

corresponding to the martensite-to-austenite transformation upon heating and exothermic peaks 

for the austenite-to-martensite transformation upon cooling. The start and finish temperatures of 
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the martensite and austenite phase transformations are listed in Table 2.1 for the second thermal 

cycle of each condition shown in Figure 2.1(b) (solution annealed, 0.3 hour, 3 hours, 30 hours 

and 300 hours) which are the focus of the remainder of this paper. 

 

Figure 2.1. (a) Hardening curve for Ni-29.7Ti-20Hf aged at 550°C for various times.(b) DSC 
curves for the alloy in the solution annealed/quenched condition and after aging for 0.3 hour, 3 
hours,30 hours, and 300 hours at 550°C. 
 

Interestingly, the specimen with the 0.3 hour heat treatment exhibited a decrease in 

transformation temperatures compared to the solution annealed material. A similar decrease in 

transformation temperatures for early aging times and low aging temperatures has been observed 

in slightly Ni-rich NiTi alloys containing 15 and 20%Hf and Zr [23,24]. This decrease in 

transformation temperature is likely due to the dominance of one of the following two 

mechanisms, either a compositional effect or a mechanical effect. In terms of “composition,” in 

order for a decrease in transformation temperatures to occur, the overall matrix composition 

would need to become slightly enriched in Ni or depleted in Hf. “Mechanically,” it has been 

proposed that if there is such high a volume fraction of fine precipitates in the material that the 

inter-particle distance is actually less than the critical size for nucleation of martensite then 
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additional undercooling would be needed to reduce the critical nucleus size necessary to stabilize 

martensite formation [24]. To begin to determine the dominant mechanism in this case, it is 

necessary to look at the microstructure of the 0.3 hour aged material. 

Figure 2.2(a) is the bright-field micrograph of the 0.3 hour aged specimen with its 

corresponding selected area diffraction (SAED) patterns, Figure 2.2(b-d), identifying the B2 

austenite phase. In between the indexed B2 reflections, diffuse scattering is present that 

resembles the reflections of the H-phase seen in the 3 hour aged specimen, Figure 2.2(f-h). 

Similar diffuse scattering along with the distinct B2 reflections were noted in the solution 

annealed condition (not shown). In particular, the [001] zone axis in Figure 2.2(b) shows 

symmetrically similar arrangements to the H-phase reflections in Figure 2.2(f). However, 

viewing the  zone, Figure 2.2(d), revealed a streaked appearance with the absence of the 

1/3 reflections along the <110> reciprocal vector of B2,which are clearly visible in the SAED 

pattern for the H-phase precipitate in Figure 2.2(h).The lack of consistent reflections between 

these zones, coupled with the diffuse intensity, lead to the conclusion that the solution annealed 

and 0.3 hour aged specimens are undergoing short range ordering [25] but not complete 

nucleation of the H-phase. The variation in discernible reflections between these zones suggests 

that the [001] is the preferential nucleation plane for the phase and is consistent with Han et al.’s 

determination of [001] being the habit plane in B2 [20]. Additionally, this plane (or direction) is 

the elastic soft direction for B2 [26]. X-ray diffraction for the 3 hour aged specimen indicated a 

B2 lattice parameter of 0.3088 nm, in agreement with Potapov et al. [27]. 
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Figure 2.2. Ni-29.7Ti-20Hf aged 0.3 hrs at 550°C: (a) Bright field image, (b) SAED from 
,(c)SAED from , and (d) SAED from . Ni-29.7Ti-20Hf aged 3 hrs at 

550°C (e) HAADF-STEM image,(f) SAED from (arrows indicate the H-phase 
reflections),(g) SAED from  (arrows indicate the H-phase reflections), and (h) SAED 
from  (arrows indicate the H-phase reflections). 
 

Atom probe tomography analysis was performed to determine the presence of clustering 

within the solution annealed and 0.3 hour aged conditions to compliment the TEM diffraction 

evidence. Unfortunately, the high solute concentration (20 at.%Hf) prevented conclusive 

determination. Many of the APT clustering analysis techniques, such as the envelope method 

[28], are robust for cluster identification in low solute addition systems (< 10 at.%). With the 

large macro-alloy solute concentration in this alloy, the probability that the first, second, and so 

forth nearest neighbors being the solute atom is quite high, which makes statistically significant 

difference difficult if not impossible to discern. Still, the diffuse electron diffraction, Figure 2(b-

d), and modest increase in hardness, Figure 1(a), provide experimental support for clustering 

behavior in the alloy. 

Consequently, it is not clear which factor is dominating the decrease in transformation 

temperatures in this condition. It is possible that clustering could remove some Hf from the 
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matrix in turn making the matrix slightly richer in Ni and both of these effects would result in a 

slight decrease in transformation temperatures. However, this local change in composition could 

not be confirmed by either TEM or APT. It is also possible that the solute clusters, which do 

indeed increase the hardness of the material, would be very closely spaced and could affect the 

nucleation of martensite requiring additional undercooling to stabilize martensite formation. At 

this time, the exact mechanism for this common observation of initially decreasing 

transformation temperatures with early aging is still open for debate.   

Aging for 3 hours and longer resulted in both an increase in the transformation 

temperatures and stabilization of the transformation temperatures with thermal cycling (Figure 

2.1(b)) compared to the solution treated and 0.3 hr aged conditions. However, both the 3 and 30 

hr aged samples had similar transformation temperatures including a martensite start temperature 

of approximately 133°C (Table 2.1). The conditions resulting in stable transformation 

temperatures also correlate with near peak hardness, Figure 2.1(a), indicating that precipitate 

formation both raises and stabilizes the transformation temperatures in the alloy. Figure 2.2(e) is 

a STEM-High Angle Annular Dark Field (HAADF) image of the 3 hour aged specimen, 

confirming the presence of nanometer sized H-phase precipitates. The HAADF image is 

sensitive to atomic-number contrast, with brighter contrast corresponding to phases with higher 

atomic number species. The white contrast of these nanoscale precipitates confirmed that the H-

phase is enriched in Hf, compared to the matrix, consistent with the atom probe results, which 

are discussed below. 
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Table 2.1. Martensite and austenite start and finish temperatures (from DSC) and hardness for 
the Ni-29.7Ti-20Hf alloy in the solution treated and aged conditions. 
 

Aging Time (hrs) Mf (°C) Ms (°C) Af (°C) As (°C) Hardness (VHN) 
0 

(Solution Annealed) 
79.9 104.6 139.7 111.7 353 ± 8 

0.3 60.7 89.2 128.6 98.8 402 ± 11 
3 110.9 134.7 155.2 134.0 456 ± 7 
30 115.7 133.1 158.7 139.6 478 ± 14 
300 153.4 177.6 203.8 225.3 481 ± 3 

 

The SAED patterns, corresponding to the STEM-HAADF microstructure in Figure 

2.2(e), are given in Figure 2.2(f-h) for the three B2 matrix phase zone axes - [001], , and 

. The arrows in each pattern indicated the reflections associated with the H-phase 

precipitate [18,20].The 30 and 300 hour aged specimens also contained the same H-phase and B2 

reflections in their SAED patterns (not shown). No other reflections (phases) were observed. 

Upon closer inspection of the H-phase precipitates in Figure 2.2(e), this phase forms an oblate 

spindle-like shape, which is consistent with its reported morphology in references [18,20]. 

The APT data presented in Figure 2.3 are for the clearly discernible H-phase precipitates 

observed during aging between 3 and 300 hours. Consistent with the TEM analysis, no distinct 

precipitates were observed in the solution treated or 0.3 hr aged sample. Figure 2.3(a) is an ion 

map revealing the H-phase precipitates in the 3 hr aged sample using a 22.3 at.% Hf 

isoconcentration surface. The size and shape of the precipitates is consistent with those seen in 

the STEM-HAADF image of Figure 2.2(e). The proximity histogram, based on a 27.7 at.% Ti 

isoconcentration surface for the 3 hour aged specimen is plotted in Figure 2.3(b). This surface is 

different than that used for the ion map image, Figure 2.2(e), because certain surfaces are more 

or less suitable for delineating the matrix-precipitate compositional profile or creating a visual 

image; the details of surface selection used for these alloys are found in reference [29]. The 
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compositional profile indicated that the precipitate phase was enriched in Hf and Ni and depleted 

in Ti as compared to the matrix. This would mean that the precipitation caused the bulk matrix 

composition to become leaner in both Ni and Hf. Hf depletion would cause a decrease in 

transformation temperatures, but Ni depletion results in a much greater increase transformation 

temperatures and appeared to dominate the overall transformation temperature effect [2,9]. Thus 

with increasing volume fraction of precipitate phase, transformation temperatures would increase 

[30, 31]. 

Upon aging, the number density of precipitates were statistically the same between 3 and 

30 hours. Aging to 300 hrs resulted in an order of magnitude decrease in the number density of 

precipitates due to coarsening. This coarsening behavior was quantified by measuring the width 

and length of tens of precipitates via STEM-HAADF images for each aging conditions with 

precipitates and tabulated in Table 2.2. The APT determined volume fraction of H-phase was 

15.6 ± 1.6 (3 hour aged), 14.8 ± 1.5 (30 hour aged), and 22.2 ± 2.2 (300 hour aged). These results 

were consistent with values extracted from the STEM-HAADF images, similar to Figure 2.2(e), 

for each aged condition where the summed surface area of the precipitates were normalized to 

the total area of the HAADF image that contained the precipitates. The value for the 3 hr aged 

sample is also consistent with that determined previously by Coughlin for a similar Ni-29.7Ti-

20Hf alloy [31]. With the increased volume fraction (i.e. decreased number density) coupled 

with the increased precipitate size, Table 2.2, for the 300 hours aged specimen would indicate 

that the precipitates coagulation and coalescenced. This decreased number density was also 

noted in the drop in hardness as seen in the overaged portion of Figure 2.1(a).  
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Table 2.2. Length, width, and ratio of length versus width measured from the STEM-HAADF 
image for the Ni-29.7Ti-20Hf alloy in the 3, 30, and 300 hours aged conditions with the H-phase 
precipitates present.  
 

Aging Time (hrs) Length (nm) Width (nm) Ratio (L/W) 

3 26.9 ± 4.0 11.5 ± 1.5 2.3 ± 0.4 

30 27.1 ± 2.1 11.1 ± 2.3 2.4 ± 0.6 

300 43.6 ± 11.3 17.4 ± 3.4 2.5 ± 0.8 

 

Figure 2.3(d) is a plot of the Ni/(Ti+Hf) atomic compositional ratio of the H-phase from 

the APT data. The measured composition of the H-phase was 52.89 ± 0.018% Ni; 18.48 ± 

0.032% Ti; 28.63 ± 0.028% Hf, taken from the 30 hours aged specimen. The composition ratio 

was statistically within the error of each aging treatment suggesting that the increase in 

transformation temperatures with increased aging time [30] is simply due to an increased volume 

fraction of precipitate phase and not necessarily due to a change in the precipitate-matrix 

composition with aging. This conclusion  is also supported by the 3 and 30 hr aged conditions, 

which within the error of their compositional ratio, exhibited near equivalent volume fractions 

and nearly equivalent stress free transformation temperatures (Table 2.1).  
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Figure 2.3. (a) Ion map showing H-phase precipitates in the 3 hr aged Ni-29.7Ti-20Hf alloy 
delineated with a 22.3 at.% Hf isoconcentration surface. (b) Proximity histogram generated from 
a 27.7 at.% Ti surface with the dashed line marking the interface between the matrix and H-
phase precipitates. (c) Plot of number density of H-phase precipitates as a function of aging time. 
(d) Plot of Ni/(Ti+Hf) concentration in the precipitate phase as a function of aging time. 
 

The compressive load-biased strain-temperature curves for the Ni-29.7Ti-20Hf alloy in 

four selected conditions are plotted in Figure 2.4 for constant stress levels from 0 to 700 MPa. In 

each material condition and stress level a notable change in true strain during thermal cycling 

was observed through the transformation regime. For actuator applications, a sharp 

transformation with narrow hysteresis is generally preferred in order to increase cycling rate. For 

the solution annealed specimen, the transformation region of the curve especially during heating 

shows a notable slope indicative of a shape memory response that requires significant 

temperature change to proceed (or sluggish propagation) and generally wide hysteresis compared 
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to the aged conditions. This is in agreement with the wider transformation hysteresis with 

thermal cycling observed in Figure 2.1(b) for the solution treated condition under stress-free 

conditions.  

The 3 hour aged specimen, Figure 2.3(c), revealed a much more near vertical true strain 

response with transformation signifying a very rapid and easy propagation of the transformation 

front and a narrow hysteresis compared to the other conditions. Also the beginning and ending 

portion of the cooling and heating plots for the 3 hr aged sample lie almost completely on top of 

each other indicating exceptional stability with little or no unrecovered strains. The 30 hour aged 

sample showed a similar thermo-mechanical response at lower stresses consistent with the near 

equivalent number density of precipitates, Figure 2.3(d). However, at higher stress levels a 

decrease in dimensional stability compared to the 3 hours aged specimen was observed. 

Consequently, the longest aging condition (300 hours) was not conducted.  
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Figure 2.4. Load-biased shape memory behavior of the Ni-29.7Ti-20Hf alloy: (a) solution 
annealed and quenched, and aged at 550°C for (b) 0.3 hours, (c) 3 hours, and (d) 30 hours. The 
red curves indicate heating cycles and the blue curves are the cooling cycles.  
 

A specific comparison of various shape memory properties as a function of aging 

condition is more clearly shown in Figure 2.5. Figure 2.5(a) is a plot of transformation strain in 

compression versus applied stress level. In all conditions, the transformation strain increased 

with increasing stress, though at higher stresses the rate of increase quickly decreased and the 

samples approached a maximum strain of approximately 2.0 - 2.5%by 700 MPa, consistent with 

[32]. At stress levels up to 200 MPa, the heat treatment does not seem to have a significant effect 

on transformation strain and the values are fairly similar. At the higher stress levels, the absolute 

differences in transformation strain are relatively small but are maximum for the solution 

annealed and the 0.3 hr aged samples (both precipitate free conditions) followed by the 3 and 

then 30 hr aged conditions. This is attributed to a higher volume fraction of precipitates and thus 
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a slightly smaller volume of transforming matrix phase. It is worth noting that the overall 

transformation strains are not large. It is worth noting that in polycrystalline NiTiHf alloys, 

depending on texture, can exhibit much larger transformation strains in tension and torsion, 

being a factor of 1.5 to 2.5 times greater than that in compression [33,13]. 

Figure 2.5(b) is a plot of unrecovered or residual strain measured in the martensite phase 

for the various heat treatment conditions as a function of stress providing a quantitative measure 

of dimensional stability. In general, the strain values are significantly lower, by an order of 

magnitude, compared to similar binary NiTi and high temperature SMAs like NiTiPd [34,35] 

demonstrating the excellent dimensional stability of the NiTiHf system. This intrinsic attribute is 

advantageous as the alloy would not necessitate subsequent ‘training’ (repeated cycling to 

stabilize) as required in other SMA alloys prior to use. Upon aging, with subsequent 

precipitation, an even lower residual strain than the solution treated condition was observed. The 

550 °C/3hour condition exhibited the best stability particularly at the higher stresses, though 

these values are almost within the noise of the extensometer measurements and little difference 

in unrecovered strain was resolvable at lower stresses.  

Finally, Figure 2.5(c) is a plot of the temperature hysteresis for the various conditions as 

a function of stress. Hysteresis is critical for thermal cycling considerations as it impacts the time 

it takes to drive through an entire heating and cooling cycle, which significantly affects cycle 

time. In this plot, the superior advantage of the 550 °C/3hour specimen is apparent compared to 

the other conditions. The hysteresis is relatively flat and between 15 and 20°C up to a stress 

levels of 500 MPa and does not surpass 30°C even at 700 MPa in this condition. 
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Figure 2.5. Comparison of load-biased shape memory properties for the Ni-29.7Ti-20Hf alloy in 
the solution treated and aged conditions: (a) transformation strain as a function of compressive 
(engineering) stress, (b) unrecovered strain as a function of compressive (engineering) stress, and 
(c) thermal hysteresis as a function of compressive (engineering) stress. 
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2.4 Conclusions 

A Ni-29.7Ti-20Hf alloy was studied to determine transformation temperatures and load-

biased thermomechanical behavior as a function of aging time at 550°C.The corresponding 

microstructures were characterized by TEM and APT. The alloy revealed diffuse scattering 

consistent with short-range ordering resembling the distinct reflections of the H-phase precipitate 

in the solution-annealed/quenched and 0.3 hour aged conditions. These reflections were most 

apparent in the [001] zone, suggesting it was the initial nucleating plane for this phase. Upon 

precipitation of the H-phase at 3 hours and longer, the transformation temperature increased and 

was stabilized for multiple thermal cycles. The precipitates also contributed to a near vertical 

transformation strain response for the 3 hours aged condition. In general, negligible strain 

accumulation was noted between cycles indicative of excellent dimensional stability, with the 

550oC/3 hour condition optimal in terms of unrecovered strain and temperature hysteresis. Aging 

to 300 hours resulted in a drop in the number density of precipitates and a corresponding 

decrease in hardness, but a significant in transformation temperature. Since the precipitate 

composition (Ni/(Ti + Hf) ratio) was within the error of each other, the transformation 

temperature increase is believed to be more associated with fraction of precipitate than 

compositional changes. 

Through this study, the heat treatment of a Ni-29.7Ti-20Hf alloy has been explored and 

the links between structure and properties determined. Though the primary focus is on actuator 

based applications, where maximizing transformation strain and minimizing unrecovered strain 

and temperature hysteresis is essential, the results also lend themselves to other needs. For 

example, if a wider hysteresis was required for a bonding or sealing application, then the solution 

treated condition would be preferable. Clearly, the ability to alter properties through heat 
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treatment is a significant advantage of this two phase NiTiHf alloy and provides ample 

microstructural engineering opportunities in the future.  
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CHAPTER 3 
 

MECHANISMS FOR THE ANOMALOUS RISE IN HARDNESS IN A 55NITI (AT.%) 
‘BEARING’ ALLOY2 

 
Abstract 

A 55Ni-45Ti (at.%) bearing alloy was solutionized at 1050°C for 10 hours and water 

quenched. The hardness was 644 ± 5.1 VHN, which compares to typical tool steels, and retained 

this high hardness after aging at 400°C for at least 100 hours. Transmission electron microscopy 

revealed that the strengthening was attributed to narrow B2 NiTi channels encasing nanoscale 

Ni4Ti3 precipitates. Generalized stacking fault energies were determined for each phase by 

molecular dynamics confirming the difficulty to slip, contributing to the microstructural-driven 

high hardness. 

 

 

 

 

 

 

 

 

2 A manuscript has been prepared for the work in this chapter for publication in Scripta 
Materialia. 
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3.1 Introduction 

NiTi and its variety of off-stoichiometric compositions, commonly referred to as Nitinol 

alloys, are well known for their ability to exhibit shape memory and superelastic behaviors [1]. 

The equiatomic NiTi and Ti-rich Nitinol alloys have received significant attention for actuator 

applications because of their higher transformation temperatures and large recoverable strains, 

while slightly Ni-rich compositions are primarily utilized for their superelastic behavior [1,2]. Of 

the Ni-rich alloys, compositions containing 50.7 to 52 at% Ni have been optimized for 

biomedical shape memory applications such as stents, staples, vascular filters, and orthodontic 

arch wires [2]. The exploration into even higher Ni-rich compositions has been largely ignored 

because the transformation temperatures readily drop well below room temperature with 

increasing Ni-content. Consequently, increasingly Ni-rich Nitinol alloys are impractical for many 

shape memory and superelastic designs. 

Deviations from equiatomic NiTi stoichiometry result in the precipitation of a variety of 

intermetallic phases [3]. For example, the Ti2Ni phase is observed in Ti-rich compositions 

whereas Ni3Ti, Ni3Ti2, and Ni4Ti3 phases form on the Ni-rich side of stoichiometry depending on 

the heat treatment and cooling conditions [4]. These latter phases, in particular Ni4Ti3, have been 

shown to help stabilize the shape memory and superelastic behaviors [5]. As with other 

precipitation hardened alloys, optimized strengthening in these near stoichiometric compositions 

[5] is only achieved over particular aging times and temperature conditions. This is of particular 

concern for Ni-rich alloys, as Ni4Ti3 and Ni3Ti2 are metastable and decompose to Ni3Ti [4]. 

Early on in the investigation of Nitinol alloys, Buehler et al. [6] noted that Ni contents on 

the order of 55 at.% (60 wt.%) exhibited unique sets of properties, which included high hardness, 

stably non-magnetic, lighter weight than most structural metals, and corrosion resistance even in 
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marine environments. Subsequently Buehler proposed the use of such alloys in non-magnetic 

hand tools, hardened penetrators, and bearings for water flooded rotating components [7]. 

Arguably, much of this work was over shadowed by the discovery of shape memory and 

superelastic behaviors in NiTi alloys. 

Recently, interest in 55Ni-45Ti (at.%) as a bearing alloy has resurfaced with the 

realization that the material can be lubricated, unlike Ti alloys [8]. This property coupled with 

the exceptionally high hardness and its very low modulus allows it to undergo very large strains 

without permanent deformation. These latter traits reduce the chance for structural damage at 

contact points during shock loading [8,9]. Hence, the combination of these properties with those 

previously mentioned makes very Ni-rich Nitinol alloys promising candidates for bearings and 

other mechanical components. In fact the imminent use of this very Ni-rich Nitinol composition 

is as a bearing in the water recycling system for the International Space Station [10]. 

The hardening mechanisms resulting in such high strength [9] and the reported peculiar 

lack of conventional age hardening behavior [11] has not been fully understood in these alloys. 

Without such knowledge, systematic advancements will be dependent on chance trial and error 

discoveries. In this paper, the microstructure of a 55NiTi (at.%) alloy is characterized, and 

coupled to molecular dynamics simulations of generalized stacking fault energies (GSFE) for 

crystallographic slip, to elucidate the hardening behavior. 

 

 

3.2 Experimental Procedure 

The Ni-rich 55NiTi (at.%) alloy was acquired from ATI Wah Chang, Portland, Oregon. 

In former reports [6-10] this material is referred to as 60NiTi or 60Nitinol, which is in reference 
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to its weight percent. The as-received condition of the material was a hot-rolled plate that had 

been heated to ~980°C for 150 minutes then oil quenched. The as-received material was 

sectioned into smaller specimens and solution-annealed (SA) at 1050°C for 10 hours, placing it 

in the B2 phase field [3]. At the conclusion of SA, the specimens were water quenched and 

subsequently aged at 400°C for a variety of times. The SA grain size was ~110 microns. One SA 

specimen was aged at 750°C for 1 hour to determine the temperature stability of the hardening 

mechanism. For all SA and aging processes, the specimens were placed in a tube furnace under a 

continuous flow of ultra-high purity Ar. 

The alloy’s phases and microstructure were characterized by transmission electron 

microscopy (TEM), scanning electron microscopy (SEM), and X-ray diffraction (XRD) and 

prepared in manners previously reported in [12]. Hardness testing was done on a Buehler Model 

1600-6100 microhardness tester equipped with a Vickers indenter using a 1 kg load. Each 

specimen was indented 10 times with the mean hardness and standard deviation reported. 

 

 

3.3 Results and Discussion 

The hardness of the 55NiTi alloy is plotted as a function of aging time in Figure 3.1. In 

as-received (hot-rolled) condition, the alloy’s hardness was 386 ± 6.1 VHN whereupon SA the 

hardness increased to 644 ± 5.1 VHN, a 66% rise in hardness. This value is equivalent to a 

Rockwell hardness of 57-58 HRC, which is a typical value for fully hardened 440C tool steels 

[9]. Upon aging at 400°C, the hardness of the 55NiTi alloy was unaffected and remained 

relatively constant up to 100 hours aging with a slight decrease in hardness noted after 336 

hours, Figure 3.1. Interestingly, the material did not exhibit a characteristic parabolic hardening 
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curve with aging time which is generally associated with a precipitation hardened alloy. When an 

equivalent SA specimen was aged at 750°C for 1 hour, a dramatic decrease in hardness to 388 ± 

4.0 VHN was noted; this value is similar to the as-received sample. Clearly, a processing 

dependent behavior is present for optimizing this alloy’s hardness. 

 

Figure 3.1. Aging curve for a 55NiTi (at.%) alloy at various processing treatments. 
 

The TEM bright-field image of the as-received 55NiTi, Figure 3.2(a), shows a B2 NiTi 

matrix with precipitates of Ni4Ti3, Ni3Ti, and R-phase (a martensitic phase in Nitinol). The 

selected area electron diffraction (SAED) patterns that confirm each phase is found in the 

appendix figure available on-line. The SAED pattern from the SA 55NiTi alloy, Figure 3.2(b), 

was indexed only to B2 NiTi phase (matrix) and Ni4Ti3 phase (precipitate). The Ni4Ti3 

precipitate reflections appear at x/7 positions along <123> reciprocal vectors of the B2 phase, 

confirming its rhombohedral structure and orientation relationship discussed [13]. Since 

metastable Ni4Ti3 decomposes to Ni3Ti2 and/or Ni3Ti with increasing temperatures above 700°C 

[4], the absence of these other Ni-rich phases indicates that the alloy was solutionized in the B2 

phase field. Though this alloy was quickly removed from the tube furnace and water quenched, 

the precipitation of the Ni4Ti3 phase from the B2 NiTi matrix was not suppressed. Based on the 
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time-temperature transformation curves found in references [1,4], this phase transformation 

occurs within tens to hundreds of milliseconds and would be difficult, if not impossible, to 

prevent in these Ni-rich alloys. 

The TEM bright-field image of the SA 55NiTi, Figure 3.2(c), reveals strain contrast 

within the microstructure, which masked the microstructure morphology. These Bragg-scattering 

effects are substantially reduced in a scanning TEM – high angle annular dark field (STEM-

HAADF) image where scattering is primarily from Rutherford or nuclear effects. In such images, 

bright contrast originates from phases with higher atomic number atoms, which will be the Ni-

rich phases. The STEM-HAADF image of Figure 3.2(d) clearly reveals a microstructure 

composed of a high volume fraction of individual, nanoscale Ni4Ti3 precipitates separated by a 

continuous B2 NiTi matrix in the form of thin channels (~5-10 nm in width). SEM micrographs 

(not shown for space considerations) could not resolve these nanoscale precipitates nor were any 

coarse precipitates observed. The numerous and small length scale of Ni4Ti3 supports a high 

driving force for nucleation and growth upon quenching. The same nanoscale microstructure was 

noted for specimen aged at 400°C for 100 hours. The lack of an evolving microstructure 

contributed to the retained high hardness, Figure 3.1. 
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Figure 3.2. (a) Many-beam bright field image of the as-received microstructure of the 55NiTi. 
(b) SAED pattern from the [111] zone of the SA condition confirming the presence of Ni4Ti3 
precipitates, evident by the x/7 reflections along the <123> reciprocal vector of the B2 phase 
(highlighted by the arrows) (c) Two-beam bright-field micrograph showing strain contrast 
around the Ni4Ti3 precipitates in the B2 NiTi matrix of the SA condition. (d) STEM-HAADF 
image of the SA microstructure revealing a high volume fraction of the Ni4Ti3 precipitate phase 
(bright contrast) with very narrow B2 NiTi matrix channels (dark contrast) between the 
individual precipitates. 
 

In contrast, the microstructure of the 55NiTi specimen aged at 750°C for 1 hour is 

dramatically different. The back-scattered SEM image of Figure 3.3(a) reveals much coarser 

precipitate morphologies as well as the presence of Ni3Ti2 and Ni3Ti. These phases, along with 

the B2 NiTi matrix, were confirmed by XRD, whose scan is plotted in the Appendix 

Figure (Figure 3.5). The higher aging temperature (750°C) provided sufficient thermal energy for 

the decomposition of the metastable Ni4Ti3 phase to the more thermodynamically stable Ni3Ti2 
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and Ni3Ti phases [4,11]. The presence and coarsening of these phases resulted in a dramatic 

decrease in hardness on par with those measured and characterized in the as-received condition. 

While the hardness decrease in the specimen aged at 400°C for 336 hours was relatively 

slight as compared to that observed in the 750°C for 1 hour, the onset of the decrease is apparent 

in the microstructure. The SEM micrograph in Figure 3.3(b), with its XRD scan shown in the 

online appendix figure, indicated that the Ni4Ti3 has begun to decompose to the coarser Ni3Ti 

phase, which as previously shown results in a drop in hardness. Though this decomposition has 

initiated, the hardness remained relatively high indicating that significant Ni4Ti3 strengthening is 

still present. Interestingly, the SEM micrographs (and TEM not shown for space considerations) 

did not reveal the presence of Ni3Ti2 phase. This result may suggest a direct decomposition of B2 

NiTi + Ni4Ti3 to B2 NiTi + Ni3Ti without the intermediate metastable Ni3Ti2 phase formation. 

 

Figure 3.3. (a) SEM back-scattered image of a 55NiTi specimen aged at 750°C for 1 hour 
revealing coarse Ni3Ti2 and Ni3Ti phases. (b) SEM back-scattered image of a 55NiTi specimen 
aged at 400°Cfor 336 hrs showing the initial decomposition of the B2 NiTi+Ni4Ti3 to B2 NiTi + 
Ni3Ti phases. 
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Future work is underway to definitively address the decomposition pathways. 

Figure 3.1 clearly demonstrates that the 55NiTi alloy does not exhibit a peak in hardness as 

commonly observed in typical precipitation strengthened alloys. Since the alloy’s peak hardness 

occurs upon water quenching and remains unaffected with aging at 400°C to at least 100 hours, 

this suggests that the maximum amount of Ni4Ti3 formed on quenching and did not undergo 

appreciable changes in size or volume fraction. This conclusion is supported by comparison of 

the observed and expected fraction of Ni4Ti3 phase in the alloy. The fraction of the Ni4Ti3 phase 

in the SA alloy was estimated by the area of precipitates relative to the total image area in the 

STEM-HAADF micrograph of Figure 3.2(d), which assumes the precipitate is through the foil 

thickness. This value was approximately 69% and is in excellent agreement, considering its 

assumptions, with the expected 71% value determined from a simple lever rule. The lever rule 

calculation was done by projecting Ni4Ti3 as a line compound at 57NiTi (at.%) and the B2 NiTi 

also being a line compound at 50NiTi. This latter line composition is validated by the phase 

diagram in reference [12] in which B2 NiTi does indeed exhibit a line compound composition at 

temperatures below approximately 600°C. Hence, these two phase compositions bound the only 

two phases seen experimentally in the SA 55NiTi specimen. 

It is well known that as the microstructure grain size decreases, the hardness increases, 

commonly referred to as the Hall-Petch effect. Considering the micron-plus grain size of the 

starting material created by solutionizing and holding at such a high temperature, this is not a 

contributing microstructural effect for the anomalous increase in hardness. In general, there are 

three principle strengthening mechanisms attributed to precipitation of secondary phases in an 

alloy matrix. The first mechanism is coherency strain hardening where dislocations interact with 

the strain fields that result from the misfit between the matrix and precipitate phase. The strain 
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contrast for the 400°C specimen, Figure 3.2(c), is directly related to the coherency strain and 

high volume fraction of the Ni4Ti3 precipitates present in the B2 matrix. Such strain would be a 

contributing factor to the overall hardness of the material. Tirry et al. [14] reported for 52NiTi 

(at.%) that the strain in the B2 NiTi matrix was at its greatest value when the precipitate-to-

precipitate spacing was approximately 16 nm. Though higher Ni concentration-strain 

relationships have not been reported, this spacing would decrease with increasing volume 

fraction of precipitate and would be expected to contribute even more to the overall strength and 

hardness of the alloy. 

The second and third mechanisms of precipitation strengthening are associated with 

direct dislocation interactions with the precipitates’ crystallography, size, and morphology. For 

example, chemical hardening occurs when a dislocation cuts through the precipitate by the 

creation of additional surface area as well as the formation of an anti-phase boundary. However, 

this mechanism is limited to matrix - precipitate systems with similar or related slip systems that 

are aligned across the interface [15]. The third is dispersion hardening when a dislocation has to 

move around or over a precipitate. This is generally accomplished by dislocations either bowing 

between the particles resulting in Orowan loops or cross slipping around them to produce 

prismatic loops [15]. In either case, the flow stress increases inversely to the distance between 

precipitates [15]. The relative contributions of each will depend on the particular matrix – 

precipitate properties and microstructure morphology. 

The high volume fraction of Ni4Ti3 precipitate phase and its morphology in the matrix, 

Figure 3.2(d), would imply that the latter strengthening mechanism is substantial. Yang et al. 

[16] reported the Young’s modulus of Ni4Ti3 and B2 NiTi to be 163 ± 4 and 118 ± 4 GPa, 

respectively, with the precipitate phase being elastically stiffer. Additionally, both phases are 
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ordered intermetallic structures where the generalized stacking fault energy (GSFE) for slip 

would be high. Unfortunately, the experimental strain contrast in Figure 3.2(c) prevents clear 

identification of dislocations or slip planes in either phase. To determine the energy hierarchy for 

slip, molecular dynamic (MD) simulations [17] were utilized to calculate the GSFE surfaces for 

the most probable slip systems in the B2 NiTi matrix and the Ni4Ti3 precipitate phases. The MD 

simulations presented in figure 4 have been performed utilizing the LAMMPS code [18] and the 

Ni-Ti embedded atom method potentials found in reference [19]. The GSFE curves were 

calculated by rigidly shifting two semi-infinite blocks of crystal on the NiTi (011) and Ni4Ti3 

(111) planes with either a 20 x 20 or 40 x 40 displacement mesh, respectively, and the atom 

positions perpendicular to the slip plane were allowed to relax. The choice of planes is based on 

either experimental observation in B2 NiTi [20] or close-packed plane arrangements in Ni4Ti3, 

where to the authors’ knowledge, no experimental data of slip has been reported. 

The calculated GSFE surfaces for B2 NiTi, Figure 3.4(a), as compared to Ni4Ti3, Figure 

3.4(b), is nearly one-half the energy. Given the higher GSFE and the lower rhombohedral 

symmetry of the Ni4Ti3 phase, deformation would most likely be accommodated in the cubic B2 

NiTi phase. Considering that the B2 NiTi matrix consists of extremely narrow channels (<10 nm 

spacing between precipitates), Orowan dislocation propagation by a bypass mechanism would be 

quite difficult, as the stress to propagate a dislocation scales inversely with precipitate spacing, 

and result in extremely high strength and hardness. Hence, the coupled intrinsic mechanical 

attributes of each phase and the microstructure formed from solutionizing and water quenching is 

believed to account for the anomalous high hardness values observed. With sufficient time or 
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higher aging temperatures, the strengthening Ni4Ti3 phase decomposes and coarser Ni3Ti2 and/or 

Ni3Ti precipitates form. This change in microstructure results in a dramatic loss of hardness, as 

confirmed by the 750°C aged specimen. 

 

Figure 3.4. MD simulations of the GSFE surfaces for (a) (011) NiTi plane and (b) (111) 
Ni4Ti3 plane. The x-y axis for each figure represents the crystallographic direction on each 
surface plane with the increments being the fractional displacements along that particular 
direction. Note the surface energies are nearly double for Ni4Ti3 as compared to NiTi for 
equivalent colors. 
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3.4 Conclusions 

A 55NiTi alloy was SA at 1050°C in the B2 NiTi phase field and subsequently water 

quenched. After quenching, electron imaging and diffraction indicated that the alloy was 

comprised of a B2 NiTi matrix with a nearly instantaneous pseudo-equilibrium fraction of 

nanoscale Ni4Ti3 precipitates. The SA alloy had a hardness of 644 ± 5.1 VHN, which is 

comparable to tool steels, and retained this high hardness after aging at 400°C to least 100 hours. 

This processing resulted in an approximate 66% increase in hardness as compared to the as-

received (hot-rolled) alloy. MD simulations of the GSFE suggested that deformation would most 

likely be accommodated by the softer B2 NiTi matrix than the harder Ni4Ti3 precipitates. 

However, the narrow, channel-like morphology of the B2 matrix would make it difficult to 

propagate dislocations within this microstructure. The sluggish decomposition kinetics of Ni4Ti3 

contributed to its ability to retain the high hardness for extended times at modest temperatures. 

Aging the alloy at 750°C for 1 hour resulted in the rapid decomposition of the Ni4Ti3 towards the 

thermodynamically stable Ni3Ti phase and the loss of the narrow, nanoscale channel 

morphology. Consequently, the hardness decreased significantly. This alloy’s high hardness now 

expands generic Nitinol uses beyond traditional shape memory and superelastic applications, 

thus yielding a material that would be advantageous in various turbomachinery and other 

structural applications. 
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3.5 (Appendix Figure). Phase identification: (a) SAED pattern taken from the labeled Ni3Ti 
region in figure 2(a) (b) SAED pattern taken from the [111] B2 NiTi zone axis from the labeled 
Ni4Ti3 region in Figure 3.2(a). Additional diffraction spots confirms Ni4Ti3 (white arrows) and R-
phase (red arrows). (c) XRD of the SA 55NiTi specimen (d) XRD of 55NiTi sample aged at 
750°C for 1 hour (e) XRD of 55NiTi sample aged at 400°C for 336 hours. Note, the XRD scans 
are from bulk specimens (not powder) indicating care in any interpretation of the XRD peak 
intensities. 
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CHAPTER 4 

HARDENING BEHAVIOR AND PHASE DE-COMPOSITION IN VERY NICKEL-RICH 
NITINOL ALLOYS3 

 
Abstract  

A series of Ni-rich Nitinol compositions spanning from 53NiTi to 58NiTi (at.%) have been 

solutionized at 1050°C and aged at 400, 625, and 750°C for varying lengths of time to determine 

the effect of precipitation strengthening on hardenability. Compositions of 55NiT, 56NiTi, and 

57NiTi displayed peak hardness values of 649.4 ± 4.5, 649.4 ± 4.7, and 634.4 ± 5.4 VHN, 

respectively, on quenching from the solutionizing temperature of 1050°C. These hardness values 

are on par with tool steels. Upon aging at 400°C, all but the 55NiTi and 56NiTi compositions 

exhibited a decrease in hardness initiating between 1 and 10 hrs for the lower Ni alloys and after 

100 hrs for the highest Ni containing alloys. The high hardness was attributed to the precipitation 

of a high volume fraction of platelet-shaped Ni4Ti3 that resulted in narrow B2 NiTi matrix 

channels. These channels provided a microstructure-driven strengthening morphology. Upon 

increasing Ni content to greater than 56NiTi and increasing the aging time and temperature, the 

Ni4Ti3 phase decomposed to either Ni3Ti2 and/or Ni3Ti with a subsequent loss in hardness. The 

decomposition morphology between the precipitates was characterized by serial sectioning 

showing that Ni4Ti3 platelets act as a heterogeneous nucleation sites and subsequent Ni-

reservoirs during the growth of globular Ni3Ti precipitates. 

3A manuscript has been prepared for the work in this chapter for publication in Journal of Alloys 
and Compounds. 
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4.1 Introduction 

The thermoelastic martensitic transformation behavior in binary NiTi, commonly referred 

to as Nitinol, is known for its shape memory and superelastic behaviors [1]. Though these 

properties remain the dominant attribute for engineering applications, a recent report by 

DellaCorte et al. revealed that very Ni-rich compositions of Nitinol have a hardness on par with 

tool steels when properly heat treated [2]. Coupling this high hardness with corrosion resistance, 

ability to be lubricated, and stably non-magnetic behavior, very Ni-rich Nitinol alloys position 

themselves as candidates for bearing applications [3,4]. To date, this high hardness has only been 

reported in one specific very Ni-rich Nitinol alloy, i.e. 55Ni-45Ti alloy (at.%), with little to no 

exploration of this effect in other similar binary compositions.  

Recently the authors have reported on the mechanisms that resulted in this high hardness 

in the 55Ni-45Ti alloy [5]. These Ni4Ti3 precipitates have previously been shown to be critical in 

allowing Ni-rich Nitinol shape memory alloys to exhibit stabilizing influence on the 

transformation temperatures and dimensional stability of Ni-rich Nitinol shape memory alloys 

upon repeated cycling through the martensitic transformation [6,7]. The seemingly anomalous 

hardness rise now noted in these alloys was attributed to the precipitation of a large volume 

fraction of nanoscale Ni4Ti3 precipitates the promoted thin channels of B2 NiTi matrix phase. 

Since the matrix is the softer or more likely deforming phase, such a microstructure would result 

in a potent Orowan strengthening behavior. Though Ni4Ti3 has been critical in each of the 

aforementioned attributes, most of this research focused on Ni contents ≤ 52 at.% because higher 

Ni concentrations significantly suppresses the transformation temperatures [8]. This explains the 

interest gap in researching very-Ni rich Nitinol until DellaCorte et al. [2] recently pursued these 

materials for bearing applications. 
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Consequently, a systematic study of hardness as a function of Ni content is explored here 

to determine the compositional range for this emerging new high hardness property. The aim of 

this work is to define the optimal compositional range where a maximum in hardness occurs and 

begin to determine the stability of the alloys within that finding. From this study, the optimal 

binary compositions and heat treatments for hardness can then be elucidated, particularly since 

the hardening phase, Ni4Ti3, is known to be metastable [9].  

Several reports [1,9] have shown that when a Ni-rich Ni-Ti alloy is solutionized in the B2 

phase field, quenched, and then aged at moderate temperatures of less than ~ 680°C, the Ni4Ti3 

phase will precipitate. This phase has a rhombohedral structure and is thermodynamically 

metastable. With sufficient time, the Ni4Ti3 will decompose to the metastable Ni3Ti2 and then to 

the thermodynamically stable Ni3Ti phase. If the aging temperature is between ~680 to ~750°C, 

the Ni3Ti2 phase precipitates (with Ni4Ti3 formation being bypassed), and it then decomposes to 

Ni3Ti. Aging temperatures greater than ~ 750°C result in the direct precipitation of the Ni3Ti 

phase. Much, if not all, of this phase stability work was done using a 52Ni-48Ti (at.%) alloy. 

Since the Ni4Ti3 phase has been identified as the critical strengthening phase in a broader range 

of Ni-Ti alloys, elucidating its stability as a function of even more Ni-rich compositions is 

essential for developing such alloys for proposed structural applications [2-4]. Consequently this 

effort explores the stability of theNi4Ti3 phase and its relationship to hardening in Ni-Ti alloys 

containing 53 – 58 at.% Ni. 
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4.2 Experimental Background 

A series of binary Ni-rich Ni-Ti alloys (e.g., 53Ni-47Ti, 54Ni-46Ti, 56Ni-44Ti, 57Ni-

43Ti, and 58Ni-42Ti(at.%)) were fabricated as arc-melted 80 g. buttons of ~ 4 cm diameter. 

Starting with the appropriate weights of high purity elemental Ni and Ti constituents, the alloys 

were melted, and the ingots reversed and re-melted at least 4 times under a protective partial 

pressure of argon. Following casting, the individual buttons were homogenized in vacuum at 

1050°C for 24 hours and furnace cooled. The buttons were then sectioned into smaller pieces and 

re-solution annealed at 1050°C for 10 hours followed by a water quench and subsequent aging at 

400, 625, and 750°C for various times. The 55Ni-45Ti (at.%) data presented in conjunction with 

these specimens was taken from reference [5]. The solution treatment and quench was critical in 

achieving the high hardness. In contrast, furnace cooling allowed the formation of coarse stable 

and metastable Ni-rich precipitate phases resulting in a much lower hardness [10]. All of these 

solution annealing and aging processes were conducted in a tube furnace under a continuous 

flow of ultra-high purity Ar with the specimens wrapped in Ta foil to reduce the amount of 

oxidation. For any aging conditions longer than 24 hours, the specimens were again wrapped in 

Ta foil but encapsulated within a quartz tube backfilled with Ar to further minimize oxidation for 

these extended aging times. 

Phase identification and microstructural characterization were performed by transmission 

electron microscopy (TEM), scanning electron microscopy (SEM), and X-ray diffraction (XRD). 

TEM samples were prepared by cutting 3 mm discs, grinding the discs to ~100 µm in thickness, 

followed by dimpling the discs using a 6 µm diamond suspension to a final thickness < 10 µm in 

a Fischione Model 200 Grinder. Once dimpled, the discs were then ion milled using a Gatan 691 

Precision Ion Polishing System until electron transparent perforations occurred in the dimpled 
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region. All specimens were analyzed in a FEI Tencai G2 F-20 Supertwin (scanning) transmission 

electron microscope ((S)TEM) operated at 200 keV. SEM specimens were roughly polished with 

800 grit SiC paper to remove any residual surface oxide layer formed during the heat treatment 

process. Once the oxide layer was removed, the specimens were then polished using a 9 µm and 

3µm diamond solution in consecutive steps with a final polish with 0.05µm colloidal Si in a 

Buehler AutoMet 250 Grinder Polisher. SEM back-scattered images were taken using a JOEL 

7000F. Electron Backscattered Diffraction (EBSD) was performed using the Oxford Aztec 2.2 

platform. XRD was conducted on a Phillips X’Pert XRD system operated with a Cu Kα radiation 

source at 40keVand 35mA. Hardness testing was determined using a Buehler Model 1600-6100 

microhardness tester equipped with a Vickers diamond-pyramid indenter using a 1 kg load with a 

15 sec. dwell time. Each specimen condition was indented 10 times with the mean hardness and 

standard deviation reported. 

For particular specimens, serial sectioning to reveal the 3D microstructure morphology 

was done using a Tescan Lyra 3 XM Focus Ion Beam (FIB) – Field Emission SEM (FESEM). 

Back-scattered electron (BSE) images were collected at each of the 500 slices taken of the 

surface providing atomic contrast which enabled easier identification of the secondary phases 

and their morphologies. The total analyzed volume was 10 x 10 x 10 µm with each slice being 20 

nm with the FIB settings of 30 keV and 2 nA. A fiducial marker was milled into the adjoining 

material for post-processing imaging alignment. The 3D visualization was constructed using the 

Avizo Fire 6 platform. 
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4.3 Results 

The hardness of all the alloys aged at 400°C is plotted as a function of aging time in 

Figure 4.1(a). In the solution treated and quenched condition (t = 0), the hardness was a 

maximum of 633 ± 9.6 VHN for the 56NiTi, and this value is comparable and within the error of 

the prior reported 55NiTi hardness [5]. Both the 55NiTi and 56NiTi alloys retained this level of 

hardness up to ~ 100 hours of aging at 400°C, after which the hardness began to show signs of 

decreasing. The initial hardness of the solution treated and quenched 57NiTi and 58NiTi alloys 

was slightly less than the prior alloys, with a continual, though modest, decrease in hardness with 

aging time. The 53NiTi and 54NiTi alloys were significantly lower in hardness and over the 

aging times studied exhibited classical parabolic hardening curves with regions of increasing 

hardness, peak hardness, and overaging behavior. 

 

Figure 4.1. (a) 400°C aging curves for various Ni-rich Ni-Ti compositions. (b) XRD scans and 
phase identification for the various Ni-rich Ni-Ti compositions in the solutionized/quenched 
condition. (c) Binary Ni-Ti phase diagram from [11]. 
 

The XRD scans, Figure 4.1(b), indicated that each specimen consists of a B2 matrix 

phase with various Ni-rich precipitate phases. However, it should be noted that arc melts are less 

than optimum samples for x-ray analysis given the large grain size and preferred orientation, the 

possibility that some secondary phases have extremely small grain sizes leading to broad peaks, 
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and the low volume fraction of some phases. With that caveat, the x-ray scans represent a 

preliminary assessment of the phases present, which need to be confirmed with other techniques 

as described below. 

The precipitation of secondary phases from the solutionizing condition is a result of 

either (1) intrinsically rapid nucleation of the phases upon quenching and/or (2) the solutionizing 

temperature was inadequate to completely dissolve all the phases. This would be of particular 

concern for the highest Ni content alloys where the exact solidus line, shown in Figure 4.1(c), 

maybe less established. In regards to (1), the nucleation of Ni4Ti3 precipitates from the B2 matrix 

phase occurs in a time scale of milliseconds making it nearly impossible to suppress in Ni-rich 

alloys [1,9]. For item (2), the liquidus solubility curve for the high temperature B2 single phase 

field at ~ 58NiTi is at ~ 1090°C, Figure 4.1(c), which is very near the 1050°C solutionizing 

temperature used in this study. Increasing the temperature much further to ensure a single phase 

condition is impractical because it would result in entering the liquid + B2 phase field. It is also 

worth noting that the phase diagram boundaries themselves are based on approximations with 

some inherent uncertainty. The microstructure of the solution annealed/quenched 57NiTi, Figure 

4.2(a), as well as 58NiTi (not shown but similar to Figure 4.2(a)), revealed coarse globular Ni3Ti 

and plate-shaped Ni3Ti2 phases. The coarse Ni3Ti and Ni3Ti2 precipitates suggest that at this 

composition, the solutionizing temperature was inadequate to dissolve all the secondary phases. 

In comparison, the BSE SEM micrograph of the 54NiTi solution annealed specimen did not 

show any coarse precipitates, Figure 4.2(b). Note that the 53NiTi, 55NiTi, and 56NiTi alloys all 

exhibited similar microstructures to that of 54NiTi in Figure 4.2(b). 
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Figure 4.2. (a) BSE SEM micrograph of the 57NiTi solutionized/quenched microstructure 
revealing coarse Ni3Ti and Ni3Ti2 precipitates, indicated by the arrows, in a B2 matrix. The fine 
scale of Ni4Ti3 precipitates at this magnification could not be observed. (b) BSE SEM 
micrograph of the 54NiTi solutionized/quenched microstructure where no obvious coarse 
precipitates were observed at this magnification.  
 

TEM micrographs of the 53NiTi, 56NiTi, and 58NiTi specimens in the solutionized 

condition revealed that the Ni4Ti3 phase identified in the XRD plots in Figure 4.1(b), was 

nanoscale in size. Several of these precipitates are indicated by white arrows in Figure 3, 

however, the strain contrast makes it difficult to resolve the individual Ni4Ti3 precipitates, 

particularly in the higher Ni alloys. Selected area electron diffraction (SAED) patterns for the 

54NiTi solution annealed sample are shown in Figure 4.3(d). The reflections were consistently 

indexed to the B2 and Ni4Ti3 phases. In particular, the diffraction pattern taken from the [111] 

B2 matrix zone axis contains a series of extra reflections occurring at x/7 positions along the 

<123> reciprocal vector of B2. These reflections are indicative of Ni4Ti3 [12]. Additional 

reflections indexed to the R-phase were noted in the [111] zone axis, which is not surprising 

since this phase is often associated with the precipitation of Ni4Ti3 [1]. The microstructures of 

the 53NiTi, 55NiTi, and 56NiTi alloys were similar to the 54NiTi sample in the solution treated 

conditioned as determined by SEM and XRD. For the 57NiTi and 58NiTi, the coarse Ni3Ti and 



70 
 

Ni3Ti2 precipitates observed in Figure 4.2(a), were not readily apparent in the TEM micrographs 

due to their size and spacing relative to the field of view typical of a TEM foil.  

 

Figure 4.3. Multiple beam bright field image of the solution annealed condition for (a) 53NiTi, 
(b) 56NiTi, and (c) 58NiTi. Note the stark difference in strain contrast as Ni content is increased 
especially from 53NiTi to 56Ni. SAED patterns for the solution annealed condition for the 
54NiTi sample from (d) the [111] zone axis of B2 matrix phase with squares highlighting the 
Ni4Ti3 reflections and circles highlighting the R-phase, (e) the [011] zone axis of B2 matrix 
phase, and (f) the [001] zone axis of B2 matrix phase. 
 

Upon extended aging at 400°C, the hardness quickly peaked and then continuously 

decreased for the 53NiTi and 54NiTi alloys, while much more modest reductions in hardness 

were noted for the higher Ni content alloys compared to their solution annealed and quenched 

versions. The SEM micrograph for the 300 hour aged 53NiTi specimen revealed coarsened 

versions of the Ni4Ti3 phase, while the 56NiTi and 58NiTi specimens also began to decompose 

into the Ni3Ti2 and equilibrium Ni3Ti phases, Figure 4.4. Coarsening of the Ni4Ti3 phase would 
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contribute to the loss of the optimal precipitate size and spacing that gave rise to a peak hardness 

value via an Orowan strengthening mechanism. Note that prior high resolution SEM 

micrographs were unable to easily resolve this phase until overaging occurred. The formation of 

Ni3Ti2 and Ni3Ti phases occurred at the expense of the Ni4Ti3 phase, also contributing to a 

decrease in hardness. 

 

Figure 4.4. (a) BSE micrograph of 53NiTi specimen aged 300 hours at 400°C consisting of a B2 
matrix phase and coarsened Ni4Ti3 precipitates, (b) BSE micrograph of 56NiTi aged 300 hours at 
400°C, and (c) BSE micrograph of 58NiTi specimen aged 300 hours at 400°C. In the latter two 
samples, Ni3Ti2 (b) and Ni3Ti (c) were observed in addition to Ni4Ti3 and B2 matrix phases. 
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Finally to determine the stability of the Ni4Ti3 precipitates with temperature for the 

various alloys, each alloy was subjected to 625°C and 750°C aging treatments for various times. 

These temperatures were based loosely on the Ni3Ti2 and Ni3Ti aging temperatures previously 

discussed in the introduction and detailed in reference [9].  

Each alloy showed a decrease in hardness with increasing aging temperature and time, 

with the higher Ni content alloys showing a much quicker rate of hardness decrease, Figure 4.5, 

than seen in the 400°C aged conditions, Figure 4.1(a). The BSE SEM micrographs of the 53NiTi, 

56NiTi, and 58NiTi aged for 48 hours at 625°C and 750°C are shown in Figure 4.6. For all 

alloys in both aging conditions, a variety of phases are present with each having a unique 

morphology. For these three alloys aged at 625°C, the B2 matrix phase was present with a high 

density of coarsened Ni3Ti2 present, while the presence of equilibrium Ni3Ti was seen in the two 

highest Ni content alloys, 56NiTi and 58NiTi. For the same alloys aged at 750°C, the B2 matrix 

phase remained present with a decreased amount of Ni3Ti2 and an increased amount of coarsened 

Ni3Ti present in the 53NiTi alloy, while 56NiTi and 58NiTi were found to have a B2 matrix with 

a distribution of coarse and fine Ni3Ti present. This distribution is believe to be the result of a 

reduce amount of excess Ni present in the B2 matrix to allow for the fine Ni3Ti to grow to the 

degree seen in the coarsened version. Clearly, the coarse precipitate microstructure resulted in 

the dramatic hardness drop. 
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Figure 4.5. Aging curves for various Ni-rich Ni-Ti compositions aged at (a) 625°C and (b) 
750°C for various times. 
 

Phase identification of each of these phases was accomplished through observation of the 

morphology in the BSE SEM micrographs [13] and EBSD, Figure 4.6. Our EBSD results 

confirmed prior reports of the morphologies of these phases – Ni4Ti3 being thin platelets, Ni3Ti2 

as coarse laths, and Ni3Ti being globular in shape. Note, the SEM images and EBSD images do 

not necessary correspond to the same field of view but are under the same processing conditions. 
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Figure 4.6. BSE micrographs of 53NiTi specimens aged 48 hours at (a) 625°C and 
corresponding (b) EBSD scan identifying phases present; BSE micrographs of 56NiTi specimens 
aged 48 hours at (c) 625°C and corresponding (d) EBSD scan identifying phases present; BSE 
micrographs of 58NiTi specimens aged 48 hours at (e) 625°C and corresponding (f) EBSD scan 
identifying phases present. BSE micrographs of 53NiTi specimens aged 48 hours at (g) 750°C 
and corresponding (h) EBSD scan identifying phases present; BSE micrographs of 56NiTi 
specimens aged 48 hours at (i) 750°C and corresponding (j) EBSD scan identifying phases 
present; BSE micrographs of 58NiTi specimens aged 48 hours at (k) 750°C and corresponding 
(l) EBSD scan identifying phases present. 
 

 



75 
 

4.4 Discussion 

Figure 4.1(a) indicated that there is an optimum level of Ni for maximum hardness, 

which is on the order of 55-56Ni. Lower Ni contents are significantly softer, whereas higher Ni 

contents also resulted in a slightly lower hardness. For these latter alloys, it is likely contributed 

to the difficulty to completely solutionize the alloys. The TEM micrographs showed that in each 

solution treated alloy (Figure 4.3), nanoscale Ni4Ti3 phases were present, rationalized by their 

rapid precipitation kinetics upon quenching [1,4]. Since the precipitates can form within tens of 

microseconds [1,4], with higher Ni-content only increasing the driving force further, it was 

impossible to prevent their formation in this experimental set-up. As the Ni-content increased, 

the volume fraction of this phase would correspondingly increase. Based on a prior report for the 

55NiTi alloy, the experimentally determined volume fraction, ~71% Ni4Ti3 in the solution 

treated and quenched 55NiTi alloy, matched very well with the lever rule approximation taken 

from the phase diagram of Figure 4.2, where Ni4Ti3 and NiTi are considered line compounds at 

temperatures under ~ 680°C. Using this lever rule principle, the 53NiTi content alloy would be 

~43% Ni4Ti3, 54NiTi would be ~57%, 56NiTi would be ~86%, and 57NiTi would be 100% 

respectively. A volume fraction estimate for the 58NiTi was not done as it has a composition that 

would exceed this pseudo-binary approximation. A consequence of this higher volume fraction 

of Ni4Ti3 in the microstructure would be a further decrease in the B2 matrix channel width 

between the precipitates, as shown in Figure 4.7. 
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Figure 4.7. HAADF-STEM image from a 55NiTi alloy to give prospective of Ni4Ti3 spacing and 
narrow B2 NiTi channels between the precipitates. Ni4Ti3 volume fraction was ~71% [5]. 
 

Since the shear stress is inversely proportional to the precipitate spacing for an Orowan 

strengthening mechanism [14], an increase in volume fraction, assuming a nearly constant 

precipitate size, would result in a corresponding increase in strength. The nanoscale formation of 

these precipitates, driven by the rapid nucleation kinetics, coupled with their platelet-like 

morphology, yielded a microstructure that is ideal for a high hardness alloy. The B2 phase is 

more ductile then the hard, brittle Ni4Ti3 phase [5,15] resulting in likely dislocation propagation 

in the B2 matrix phase. Also, the relatively large size of the Ni4Ti3 precipitates makes particle 

cutting less likely. Hence the narrow B2 channels provided a microstructural barrier for easy slip 

while alloys consisting of wider channels (lower Ni4Ti3 precipitation fraction due to lower Ni-

content) easier to deform. This was manifested in the lower hardness values, Figure 4.1(a). 

In addition, the lower Ni content alloys qualitatively appeared to generate less strain 

contrast, Figure 4.3, which could also contribute in the loss of another hardening mechanism. 

Tirry et al. reported that in a 52NiTi alloy, the highest internal strains occurred with a precipitate 

spacing of ~16 nm [16]. But the material was limited by the volume fraction of Ni4Ti3 phase that 

could form. By increasing the fraction of Ni4Ti3 precipitates, the inter-precipitate spacing would 
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decrease further and the corresponding strain created would increase, as evident by the 

qualitative strain contrast increase seen in the series of alloys in Figure 4.3. Unfortunately, due to 

the high strain contrast created by the precipitates, dislocation analysis was difficult, if not 

impossible, to perform in these narrower B2 matrix channels. Regardless, the increase in volume 

fraction of Ni4Ti3 phase and corresponding increase in hardness in alloys containing up to 56% 

Ni provided further experimental evidence that this precipitate-driven microstructure contributed 

to the higher hardness.  

Ideally, the 57NiTi alloy should be ~100% Ni4Ti3, which is expected to be an extremely 

hard and brittle phase. This was not observed due in part to the experimental difficulty in 

creating an exact line compound. The fact that Ni3Ti2 and Ni3Ti phases were present in the 

solutionized alloy indicated that an alloy composition may have been slightly off (or greater) 

than 57% Ni; but this could not be confirmed due to the limitation errors associated with our 

available measurement techniques. Consequently, this alloy would have a volume fraction of 

Ni4Ti3, similar to the 55NiTi and 56NiTi, and it did indeed have a hardness on par with those 

alloys. This alloy, as well as the 58NiTi alloy, exhibited coarse Ni3Ti precipitates yet it was 

shown to have hardness values exceeding alloys that also had similar coarse precipitates, albeit 

after extending aging times and/or higher temperatures. This difference was attributed to the 

intrinsic nanoscale precipitation of a large volume fraction of Ni4Ti3 upon quenching that 

occurred for this alloy as compared to the decomposition and coarsening of those phases by the 

other alloys. Additionally, the micro-indenter was able to sample these ‘nanoscale’ strengthened 

regions in 57NiTi and 58NiTi that was in between the large, but separated coarse Ni3Ti 

precipitates. By increasing the Ni content to 58NiTi, the bulk composition was now driven past 

the Ni4Ti3 composition, further supported by the increased amount of Ni3Ti2 and Ni3Ti present in 
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the alloy. Despite a bulk composition past the Ni4Ti3 line composition, the alloy would still have 

a fraction of this phase based on a pseudo-equilibrium lever rule between Ni4Ti3 and Ni3Ti in 

Figure 4.1(c).  

The four highest Ni content alloys, aged at 400°C, revealed reasonably stable hardness 

values out to ~ 100 hours, Figure 4.1(a). Based on the initial as-quenched hardness, the alloys 

would be expected to have a similar volume fraction of Ni4Ti3 phase. Also, within each alloy the 

nanoscale precipitates are essentially the same size, as seen in Figure 4.3.Hence there does not 

appear to be a high driving force for coarsening as each precipitate is relatively equivalent in size 

in the microstructure, i.e. a lack of Ostwald ripening to larger precipitates consuming smaller 

precipitates. In addition, the aging temperature (400°C) was relatively low and the interfaces 

being relatively flat in the platelet like morphology, i.e. an infinite radius of curvature, could all 

contribute to a low coarsening rate. Since the Ni4Ti3 phase has been reported to take tens to 

hundreds of hours to decompose to the metastable Ni3Ti2 and thermodynamically stable Ni3Ti at 

this temperature [1,9], the hardness remained relatively constant over a long period of time. 

However, as the alloy deviated further from the high Ni4Ti3 content, it does appear that 

coarsening became easier indicative of the classical parabolic age hardening curve seen for the 

53NiTi and 54NiTi alloys in Figure 4.1(a). 

When the temperature was increased to either 625°C or 750°C, sufficient thermal energy 

was present to accelerate the coarsening and decomposition of the Ni4Ti3, Figure 4.6. The 

dramatic drop in hardness, Figure 4.5, at these aging temperatures supports the contention that 

high hardness is indeed driven by the microstructure. As discussed previously, the initial 

presence of the Ni3Ti2 and Ni3Ti phases, Figure 4.2(b), was attributed to the lack of solutionizing 

in the single phase B2 region for the 57NiTi and 58NiTi alloys. With aging of all the alloys at 
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elevated temperatures, the Ni3Ti2 phase formed an almost continuous film along the grain 

boundaries; such boundaries would act as heterogeneous nucleation sites as well as provided 

‘fast-track’ pathways for Ni diffusion. This phase also nucleated homogeneously within the 

grains. In contrast, the Ni3Ti phase, precipitated predominantly within the grains.  

Using serial sectioning, the morphological relationship between the Ni4Ti3 decomposition 

to that of the Ni3Ti precipitation was studied in a 57NiTi alloy aged 1000 hours at 400°C. Figure 

4.8 is micrographs from four successive slices with a marked region showing the morphological 

connection between a Ni4Ti3 platelet and a globular Ni3Ti phase. These images provide 

morphological insights as to how the phases evolved during the decomposition process. From 

these images, the Ni4Ti3 precipitate appears to act as a heterogeneous nucleation site for the 

Ni3Ti phase and then serves as a reservoir of Ni to the growing precipitate. As the Ni4Ti3 phase 

decomposed, evident by its smaller size in Figure 4.8, the Ni3Ti coarsened. These 3D images 

provide further insights into the decomposition. In the prior work [9], done with a 52NiTi alloy, 

at this aging temperature, the phases would decompose as Ni4Ti3→Ni3Ti2→Ni3Ti. With this 

higher Ni content alloy shown here, at this equivalent temperature, the Ni4Ti3 was able to 

directly decompose to the thermodynamically stable Ni3Ti phase. 
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Figure 4.8. Consecutive images of 57NiTi specimen aged 1000 hours at 400°C starting at (a) 
and finishing at (c) from serial sectioning procedure highlighting a Ni3Ti heterogeneously 
growing off of Ni4Ti3 precipitates, which act as a reservoir for the extra Ni needed for the growth 
of the Ni-rich phase; (d) Reconstructed model of the Ni3Ti growing from a Ni4Ti3 precipitate.  
 

 

4.5 Conclusion  

A series of Ni-rich Nitinol compositions spanning from 53NiTi to 58NiTi (at.%) have 

been solutionized at 1050°C and aged at 400, 625, and 750°C for varying lengths of time to 

determine the effect of microstructure and subsequent phase decomposition on hardenability. 

The 57NiTi and 58NiTi solutionized alloys revealed coarse Ni3Ti2 and Ni3Ti precipitates 

suggesting that this temperature was inadequate to fully solutionize these alloys. Higher 

temperature annealing was not practical due to uncertainty in the liquidus and solvus lines. Upon 

quenching after solutionizing, all the alloys consisted of nanoscale Ni4Ti3 precipitates, with the 

55NiTi, 56NiTi, and 57NiTi alloys having peak hardness values of 649.4 ± 4.5, 649.4 ± 4.7, and 

634.4 ± 5.4 respectively, which are on par with tool steels. The hardness was attributed to the 

high volume fraction of Ni4Ti3 precipitates that resulted in narrow B2 NiTi matrix channels and 
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yielding a microstructure-driven morphology that would enhance Orowan strengthening 

mechanisms.  

Upon aging at 400°C, the 53NiTi and 54NiTi alloys exhibited a significant drop in 

hardness after a few hours, while the higher Ni alloys exhibited stable hardness up to at least 100 

hours. Upon increasing Ni content to greater than 56NiTi and increasing the aging time and 

temperature, the Ni4Ti3 phase decomposed to either Ni3Ti2 and/or Ni3Ti phases with all 

precipitates coarsening, resulting in a subsequent loss in hardness. The decomposition 

morphology between the precipitates was characterized in a 57NiTi alloy aged 1000 hours at 

400oC by serial sectioning showing that Ni4Ti3 acts as a heterogeneous nucleate site and Ni-

reservoir for direct globular Ni3Ti precipitates. 

Through this study, the optimal composition and aging treatments have been determined 

in binary Ni-rich Nitinol. Optimal hardness was found between 55-56NiTi in the solutionized 

1050oC, water quenched and 15 minutes of 400oC aging.  
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CHAPTER 5 

NEXT-GENERATION HIGH HARDNESS NICKEL-RICH NITINOL VIA HAFNIUM 
SOLUTE INDUCED PRECIPITATION4 

Abstract 

Very Ni-rich Nitinol alloys have recently been shown to have an anomalous rise in 

hardness, comparable to tool steels, when solutionized and quenched. Consequently, they have 

been identified as a bearing material. This hardness has been associated to the precipitation of 

Ni4Ti3 precipitates that create narrow B2 matrix channels. In this work, a series of Ni-rich 

ternary alloys with dilute solute additions of Hf (54Ni-45Ti-1Hf, 55Ni-44Ti-1Hf, 54Ni-44Ti-

2Hf, and 56Ni-40Ti-4Hf (at.%)) have been investigated.  Transmission electron microscopy 

confirmed a B2 NiTi matrix phase containing nanoscale Ni4Ti3 platelets, H-phase precipitates, 

and R-phase. At aging times greater than 100 hours at 400oC, all ternary alloys showed a slight 

secondary increase in hardness, which was attributed to the H-phase precipitates filling these 

narrow B2 channels. In particular to the 4% Hf alloy, the hardness increased to a maximum value 

of 679.3 ± 2.8 VHN, which was greater than all other binary or ternary alloys.  Additionally the 

H-phase appeared to alter or delay the typical breakdown sequence of the metastable Ni4Ti3 

strengthening phase by removing the excess Ni needed for its decomposition. The collective 

results provide new material insights for creating a next-generation Nitinol based bearing alloy. 

 

 

4 A manuscript has been prepared for the work in this chapter for publication in Advanced 
Engineering Materials. 
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5.1 Introduction 

 NiTi binary alloys, commonly referred to as Nitinol, have received considerable research and 

commercial interest because of their shape memory and superelastic behaviors. These properties are 

derived from a thermoelastic martensitic transformation [1]. Of the Nitinol alloys, the equiatomic and Ti-

rich variations have received considerable attention because of their shape memory behaviors at moderate 

transformation temperatures of ~70-100°C [2,3]. The Ni-rich Nitinol alloys, with the exception of body-

temperature superelastic behavior, have been less studied because they exhibit a rapid decrease in their 

transformation temperature, well below 0°C, with increasing Ni-content [4]. However, a recent study has 

indicated that a very Ni-rich Nitinol alloy, 55NiTi (at.%), has a hardness comparable to that of tool steels 

[5]. Considering the high strength, moderate elastic modulus, and corrosion resistance of this alloy, it is 

considered an ideal candidate for bearing applications where resistance to shock loading and corrosion 

would be a benefit [6]. It was recognized as one of the top 100 R&D technology advancements in 2014. 

This binary alloy has been considered for use as bearings in the water recycling system for the 

International Space Station [7] with other applications being actively explored.  

The hardening mechanism for this particular alloy has been attributed to a high volume fraction 

of nanoscale Ni4Ti3 platelets that precipitate extremely rapidly upon water quenching from a B2 

solutionized condition [8]. These precipitates create narrow B2 matrix channels that provide a 

microstructural-driven Orowan hardening mechanism [9]. In addition, these coherent precipitates also 

create significant strain within the microstructure providing a strain hardening contribution as well [10]. If 

the alloy is furnace cooled from the solution temperature, coarse Ni4Ti3 precipitation occurs as well as 

decomposition to the more thermodynamically stable Ni3Ti2 and Ni3Ti structures. All of which results in a 

precipitous drop in hardness. Hence solutionizing in the B2 phase field is requisite for the rapid nanoscale 

Ni4Ti3 precipitation that results in the seemingly anomalous rise in hardness in the as-quenched condition 

[8].  

As the Ni-content increases, the temperature necessary to place the alloy in the single-phase B2 

phase field also increases. Based on the phase diagram of Massalski et al., a 55NiTi alloy would require a 
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minimum solutionizing temperature of ~1000°C [11]. Clearly, the ability to retain the high hardness, 

while lowering the necessary solutionizing temperature would be advantageous for industrial scale-up and 

production of these alloys. For example, if the alloy is 54NiTi, the solvus temperature is ~925°C but the 

equilibrium fraction of Ni4Ti3 precipitates decreases. To offset the volume fraction loss of Ni4Ti3, solid 

solution strengthening could be used as one alterative that could offset the loss in precipitation 

strengthening. In addition, the ability to explore additional strengthening mechanisms even for the higher 

volume fraction of Ni4Ti3 (high Ni content) alloys could result in further increases in hardness and lead to 

second generation bearing alloys.  

In the present study, we investigate micro-alloying additions of 1 – 4 at. % Hf in Ni-rich Nitinol 

to determine the effects on microstructure and hardenability. It is generally assumed that Hf would reside 

in the Ti sublattice as both metals are group IVB transition metals for low concentrations, yet no 

definitive investigations have addressed this assumption. Suspected advantages of Hf include its slow 

diffusivity in Nitinol, which could reduce the kinetics of Ni4Ti3 decomposition (i.e. the strengthening 

phase in Nitinol alloys) as well as provide an additional component to hardening through solid-solution 

strengthening due to its larger atomic size. Of the prior ternary Hf additions in Nitinol, the majority of 

these efforts have been at the macro-alloy levels (≥15 at.%), which has shown the precipitation of more 

complex phases, such as the H-phase [12-14]. The primary objective of those studies was the influence of 

the secondary precipitate on the shape memory and/or superelastic effect in slightly Ni-rich alloys. 

Though these properties are important, the current work addresses how ternary (solute) additions 

influence the phase stability and its high hardness properties in an emerging family of structural alloys.  

 

 

5.2 Experimental Methodology 

The four ternary compositions studied were the following: 54Ni-45Ti-1Hf; 55Ni-44Ti-

1Hf; 54Ni-44Ti-2Hf; and 56Ni-40Ti-4Hf (at.%). The 54Ni-45Ti-1Hf alloy was induction melted 
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and then hot isostatic pressed at ~900°C under a pressure of 15 ksi for 2 hours. The  55Ni-44Ti-

1Hf, 54Ni-44Ti-2Hf, and 56Ni-40Ti-4Hf (at.%) were arc melted and then homogenized at 

1050°C for 24 hours in a vacuum furnace and furnace cooled. The as-processed material was 

then sectioned into several smaller samples and solution annealed at 1050°C for 10 hours 

followed by a water quench to ensure uniformity in the initial processing history for each alloy. 

The solution annealed samples were then aged at 400°C for various times with each followed by 

a water quench. During all solution annealing and aging treatments, the samples were placed in a 

tube furnace under a continuous flow of ultra-high purity Ar and wrapped in Ta foil to reduce the 

amount of oxidation. 

 The microstructure of each sample was characterized by transmission electron 

microscopy (TEM) in a FEI Tecnai G2 F-20 Supertwin (S)TEM operated at 200 keV and atom 

probe tomography (APT) using a Cameca Instruments Local Electrode Atom Probe (LEAP) 

3000XSi. The TEM foils were prepared by cutting out a 3mm diameter disc, grinding the disc to 

≤ 100 µm followed by dimpling with a 6 µm diamond suspension. This leaves ~ 10µm of foil 

below the dimple depth, which was then Ar ion milled until electron perforations occurred in the 

dimple. The atom probe specimens were prepared using a lift out procedure in a FEI Quanta 3D 

dual electron – focus ion beam microscope as outlined in references [15,16]. The atom probe tips 

were set to a base temperature of 30 K and field evaporated at a constant evaporation rate of 

0.5% using a 250 kHz laser pulse at 0.2 nJ. The data was reconstructed using the IVAS 3.6 

software platform. Hardness was measured using a Buehler Model 1600-6100 microhardness 

tester equipped with a Vickers diamond-pyramid indenter. A 1 kg load and 15 second dwell time 

was utilized for each of the ten separate hardness measurements from which an average and 

standard deviation was determined.  
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5.3 Results and Discussion 

The age hardening curves for the four ternary alloys are plotted in Figure 5.1(a). 

Additionally, the aging curves for 54NiTi, 55NiTi and 56NiTi [8,17] are also included for 

comparison to the binary alloys. The aging curves in Figure 5.1(a) clearly indicate that the 

hardness scales primarily with Ni content, with higher Ni–containing alloys having a higher 

hardness value. It has previously been reported [8], that the high hardness was associated with a 

high volume fraction of nanoscale Ni4Ti3 platelets. Based on the Ni-Ti phase diagram [11,18], 

where NiTi and Ni4Ti3 are line compounds, the estimated volume fraction of precipitate phase 

for a 55NiTi alloy was ~ 71%, which was confirmed by TEM analysis [8]. The precipitates 

created significant strain contrast in the bright field image, Figure 5.1(b) and revealed narrow, 

linear B2 matrix channels between the Ni4Ti3 platelets in the High Angle Annular Dark Field 

(HAADF) micrographs, as exemplified in Figure 5.1(c) for the 54Ni-44Ti-2Hf ternary alloy. 

Note, the HAADF image is based on atomic number or Z contrast; hence the brighter phases are 

those with higher atomic number, Z, elements. In this case, the Ni4Ti3 phase appears brighter 

than the equiatomic B2 NiTi matrix because it is more Ni-rich. Since B2 NiTi is softer than 

Ni4Ti3 [8,19], deformation at moderate strains would likely be constrained to these matrix 

channels. The narrow and tightly spaced channel microstructure would provide a microstructural 

induced hardening effect by pinning dislocations at the precipitates and stretching the dislocation 

line length through the channel.   
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Figure 5.1. (a) 400oC aging curves for various Ni-rich binary and ternary Ni-Ti alloys; note the 
binary data is from [8, 17]. (b) Bright-field image and (c) STEM-HAADF image of the 54Ni-
44Ti-2Hf solutionized/quenched microstructure. Note the significant strain contrast generated 
from the high volume fraction of Ni4Ti3 precipitates in (b) and the nanoscale Ni4Ti3 precipitates 
and narrow B2 matrix channels revealed in (c). 
 

For a constant Ni-content, the Hf-containing alloys exhibited similar or superior hardness 

compared to the binary alloys. Assuming that Hf substitutes on the Ti sublattice, the 55Ni-44Ti-

1Hf alloy would be expected to have a similar microstructure as the binary 55Ni-45Ti alloy. The 

TEM bright field and selected area diffraction images are shown in Figure 5.2(a)-(b) for the 

55Ni-44Ti-1Hf alloy in the solution annealed and quenched condition. While very little detail 

can be resolved in the bright field micrograph due to high strain contrast, the diffraction pattern 

confirms the presence of the B2 and Ni4Ti3 phases and is similar to what is observed in the 

comparable binary alloy [8]. Note that the Ni4Ti3 reflections create the characteristic double 

reflection halo pattern around the fundamental <110> B2 reflections. Occasionally, we noted in 

some diffraction patterns the R-phase, which is a martensite variation known to form in Ni-rich 

Nitinol [20]. This phase was only observed in samples in significantly overaged conditions and 

never in the solution annealed material. These reflections were seen as a single spot between the 

Ni4Ti3 characteristic double reflection halo pattern around the primary <110> B2 reflection noted  
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above. The other ternary alloys, in the solutionized condition, exhibited similar microstructures 

with equivalent phases. 

 

Figure 5.2. (a) Bright-field image and (b) SAED pattern from the <111> zone axis of the 55Ni-
44Ti-1Hf solutionized/quenched condition confirming the presence of the B2 and Ni4Ti3 phases. 
The Ni4Ti3 reflections are denoted by the rectangular boxes in Figure 5.2(b). Again note the 
significant strain contrast generated from the high volume fraction of Ni4Ti3 precipitates in 
Figure 5.2(a). 
 

With aging, the binary 55Ni-45Ti and 55Ni-44Ti-1Hf alloys had a near equivalent 

hardness after 15 minutes aging at 400°C. The slight increase in the 55Ni-44Ti-1Hf is attributed 

to the system having sufficient time to precipitate out the maximum Ni4Ti3 volume fraction. 

Unlike the binary alloy, the Hf additions appear to slightly hinder the kinetics of Ni4Ti3 

precipitation upon quenching. Hf has been reported to diffuse slower than either the binary 

elements in Nitinol [21] and may have slightly reduced the volume fraction of Ni4Ti3 that formed 

on quenching, but was recovered with aging. Nishida et al. has shown time-temperature-

transformation curves for Ni-rich Nitinol that indicated tens of microseconds for Ni4Ti3 

precipitation [22], which is difficult, if not impossible, to suppress upon quickly removing 

samples from a furnace and water quenching.  

The 54Ni-45Ti-1Hf and 54Ni-44Ti-2Hf alloys exhibited lower initial hardness then the 

55 or 56 NiTi alloys upon solutionizing and quenching. But similar to the 55Ni-44Ti-1Hf alloy, a 
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modest increase to a peak hardness occurred after 15 minutes of aging at 400°C and is again 

attributed to the system reaching the maximum Ni4Ti3 precipitate volume fraction. Using the 

simple lever rule approximation described above and assuming Hf substitutes for Ti, alloys 

containing 54 at.% Ni would result in~57 vol.% Ni4Ti3 phase. This is approximately a 14 % 

volume reduction in Ni4Ti3 phase from the 55Ni-based to 54Ni-based alloys. Clearly, by 

reducing the fraction of the strengthening phase, i.e. Ni4Ti3, the hardness decreased. But there 

was some benefit of the Hf addition, compared to binary alloys with similar Ni content when the 

Hf content was greater than or equal to 2 at.%. For example, the 54Ni-44Ti-2Hf alloy was 40 to 

60 VHN harder in the solution annealed condition and after short aging times at 400°C compared 

to the binary 54Ni-46Ti alloy. 

The highest hardness was observed in the 56Ni-40Ti-4Hf alloy in both the solution 

treated condition and after aging at 400°C for up to 300 hrs, reaching 679.3 ± 2.8 VHN. Based 

on the dependence of Ni4Ti3 volume fraction with Ni content, one could initially assume that the 

higher hardness is associated completely with an increase in Ni4Ti3 volume fraction. Based on 

the prior lever rule approximation, the Ni4Ti3 content would be ~86 % by volume. However, the 

binary 56NiTi alloy has an approximate hardness value of that of the 55NiTi, suggesting a 

possible hardness limit as a function of composition (volume fraction) in the binary alloys. In 

fact, alloys with even higher Ni content actually exhibited a slight decrease in hardness 

compared to the 55-56NiTi alloys [17]. Hence, the increase in hardness for the 56Ni-40Ti-4Hf 

alloy, which is higher than the comparable 56NiTi binary, is attributed to solid solution 

strengthening by Hf, similar to the increase in hardness noted for the 54Ni-44Ti-2Hf alloy 

compared to the corresponding binary 54NiTi, for Figure 5.1(a). 
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With extended aging, all of the ternary alloys evolved microstructurally including the 

onset of H-phase precipitation [12-14]. Figure 5.3(a) is the bright field image for the 54Ni-45Ti-

1Hf alloy after 400oC/24 hours aging. The precipitate morphology can be observed after aging 

with the HAADF image, Figure 5.3(b). The diffraction pattern, Figure 5.3(c), indicated the 

presence Ni4Ti3 reflections (the double halo spots) around the (110) type of B2 reflections. An 

additional single spot reflection between these double spot reflections has been indexed to either 

the H-phase or R-phase indicated by the black arrows. By titling to the [001] zone of B2, 

reflections associated only with the H-phase (not R-phase) can be clearly discerned and indicated 

by the black arrows again, Figure 5.3(d). The other ternary alloys, after extended aging, showed 

equivalent diffraction characteristics. 

 

Figure 5.3. 54Ni-45Ti-1Hf alloy aged at 400oC/24 hours: (a) Bright-field image, (b) STEM-
HAADF image, (c) SAED taken //<111>, and (d) SAED taken //<001>. The presence of the B2, 
Ni4Ti3 precipitates, and H-phase precipitates (denoted by arrows), were all confirmed. 
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The ability to precipitate the H-phase at low Hf solute concentrations was surprising, 

since it has only previously been reported in macro-alloyed (≥15Hf at.%) systems [12,13]. The 

long aging time for formation of H-phase (as compared to the solutionized and quenched 

precipitation of Ni4Ti3) is associated with the slower diffusion of Hf than either Ni or Ti in 

Nitinol [21], the low solute levels, and aging temperature, which significantly reduces the driving 

force for precipitation. The precipitation of the H-phase also appeared to hinder or prevent the 

typical decomposition sequence of Ni4Ti3 to Ni3Ti2 (metastable) and Ni3Ti (stable) phases [1,8, 

22], as neither of these phases were observed for the aging times and temperatures studied. This 

is attributed to the H-phase depleting the available Ni required for the higher Ni-content phases 

to form. This suggests that co-precipitation may provide a means for stabilizing Ni4Ti3. 

The later precipitation of the H-phase has an effect on the secondary hardening behavior 

of the ternary alloys. At approximately 100 hours, the 54Ni-45Ti-1Hf, 55Ni-44Ti-1Hf, and 54Ni-

44Ti-2Hf alloys revealed a modest secondary hardness peak, Figure 5.1(a). Moreover, the steady 

hardness for the 56Ni-40Ti-4Hf alloy also began to show the onset of a rise in hardness around 

the same aging time. The STEM-HAADF images and diffraction patterns for the solution 

annealed and 300 hour aged conditions of the 56Ni-40Ti-4Hf alloy are shown in Figure 5.4. The 

diffraction patterns confirm only the presence of B2 and Ni4Ti3 for the solutionized condition, 

Figure 5.4(b-c), while these phases as well as the H-phase were confirmed in the 300 hours aged 

specimen’s patterns, Figure 5.4(e-f). The STEM-HAADF image of the solutionized condition, 

Figure 5.4(a), shows extremely narrow channels of B2 matrix between the Ni4Ti3 precipitates 

after solutionizing and quenching. Recall that these channels are created from the as-quenched 

microstructure by the rapid precipitation of Ni4Ti3, Figure 5.1(c). The HAADF image 

corresponding to the 300 hours aged specimen, Figure 5.4 (d), reveals the H-phase precipitates 
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forming within the narrow channel of B2 matrix. To further strengthen the assertion H-phase was 

forming in the narrow B2 channels, a dark field image, Figure 5.4(g) was taken using the H-

phase reflection circled with the black dotted line in Figure 5.4(f). This image confirmed H-

phase formed in narrow B2 channels surrounding the Ni4Ti3 precipitates. A consequence of 

secondary H-phase precipitation is a strengthening of the softer B2 channels and an uptick in 

hardness. But for low Hf levels (1-2 at.%), the precipitation of a low volume fraction of H-phase 

is not enough to overcome the larger loss in hardness with aging that occurs due to coarsening of 

the Ni4Ti3 platelets prior to precipitation of the H-phase. Upon continued aging, after the 

secondary hardening peak, the Ni4Ti3 platelets continue to coarsen and the hardness once again 

begins to decrease in these alloys.  

 

Figure 5.4. 56Ni-40Ti-4Hf alloy solutionized and quenched condition: (a) STEM-HAADF 
image; (b) SAED taken //<111>; (c) SAED taken //<001>. The presence of the B2 and Ni4Ti3 
precipitates were confirmed. 56Ni-40Ti-4Hf aged at 400°C/300hrs: (d) STEM-HAADF image; 
Note the formation of H-phase filling the narrow channels of B2 between the as-quenched Ni4Ti3 
microstructure. (e) SAED taken //<111>; (f) SAED taken //<001>; and (g) Dark field image 
generated using the H-phase reflection circled with the black dotted line in (f). The presence of 
the B2, Ni4Ti3 precipitates, and H-phase precipitates (denoted by arrows) were all confirmed. 
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The exception is the 56Ni-40Ti-4Hf alloy. In this alloy, the B2 channels are nearly filled 

with the H-phase, Figure 5.4(d), because of the smaller initial channel spacing, Figure 5.4(a), due 

to the higher Ni-content and because of the higher Hf content. Thus, there are only very narrow 

strips (2-4 nm) of B2 left in the alloy after aging, indicated by the dark regions in this HAADF 

image. The SAED patterns, Figure 5.4(e-f), confirmed the presence of all three phases (B2, 

Ni4Ti3, and H-phase). It is reasonable to assume that as the Hf content increased, the volume 

fraction of H-phase would also increase, though the complete phase equilibrium in the Ni-Ti-Hf 

system has yet to be determined. The addition of the higher Hf content also appeared to reduce 

the diffusivity (or coarsening) of the Ni4Ti3 platelets evident by the lack of a classical parabolic 

hardening curve observed in the lower Hf containing alloys or even a decrease in hardness at 

longer aging times as observed for the higher Ni-containing binary alloys. Hf is known to be a 

slower diffusing species relative to Ti or Ni [21]. The formation of the H-phase, which is Hf 

enriched relative to the matrix and a complex face-centered orthorhombic structure with 192 

atoms in the unit cell [12], would be a difficult structure to diffuse through as compared to the 

simple 2 atom basis of B2. The precipitation of the H-phase would also alter the availability of 

excess Ni from which the Ni4Ti3 phase could coarsen or decompose to the Ni-rich Ni3Ti2 or 

Ni3Ti phases [22]. All of which may explain the sluggish coarsening behavior of the Ni4Ti3 

platelets in this alloy.  

The solutionized and quenched version of the 54Ni-45Ti-1Hf alloy is shown in Figure 

5.5(a-c). In this condition, only the B2 and Ni4Ti3 phases are present. The matrix appears to be 

slightly enriched in Hf, which is attributed to Ni and Ti being able to diffuse faster and 

chemically order into Ni4Ti3 (confirming that Hf is the slower diffusing species [21]). The peak 

aged condition’s (15 minutes) Hf atom map, proximity histogram, and diffraction pattern, are 
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shown in Figure 5.5(d-f), respectively. Equivalent to the solutionized and quenched specimen, 

the same phases are present (no H-phase), but the Hf content appears to be homogenizing 

between the B2 and Ni4Ti3 phases. The Hf in solution would act as a strengthening addition and 

is in agreement to the rise in hardness for this alloy as combined to the binary. The 72 hours aged 

condition’s Hf atom map, 1D compositional profile, and diffraction pattern are shown in Figure 

5.5(g-i) respectively. The Hf atom map, Figure 5.5(g), clearly shows Hf partitioning to a 

precipitate phase. The diffraction pattern, Figure 5.5(i), confirmed the presence of the B2, Ni4Ti3, 

and H- phases. While the atom probe provides chemical analysis, it unfortunately does not 

provide diffraction information, so the exact identity of the precipitate within the atom probe 

data cannot be obtained.  
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Figure 5.5. 54Ni-45Ti-1Hf alloy: Solutionized and quenched condition (a) Atom map of Hf 
showing no clear Hf partitioning, (b) Proximity histogram generated from a 52.48% Ni 
isoconcentration surface showing slight enrichment of Hf in the matrix, (c) SAED taken //<111> 
confirming B2 and Ni4Ti3 precipitates (denoted by rectangular boxes). 400°C/15 minutes aged 
condition: (d) Atom map of Hf showing no clear Hf partitioning, (e) Proximity histogram 
generated from a 52.25% Ni isoconcentration surface showing Hf homogenizing between the 
two phases, (f) SAED taken //<111> confirming B2 and Ni4Ti3 precipitates (denoted by 
rectangular boxes). 400oC/72 hours aging: (g) Atom map of Hf showing Hf partitioning to the 
Ni4Ti3 phase with cylinder displayed used to create 1D concentration profile, (h) 1D 
concentration profile indicating Ni4Ti3 phase is enriched in Hf and Ni compared to the matrix, (i) 
SAED taken //<111> confirming B2, Ni4Ti3 precipitates, and H-phase (denoted by arrows), but 
not observed in the limited volume of the APT analysis.  
 

 

 

 



97 
 

5.4 Conclusion 

A series of micro-alloyed Hf additions were made to very Ni-rich Nitinol alloys and 

compared to similar binary versions. All the samples were solutionized at 1050°C for 10 hours 

and water quenched with subsequent aging at 400°C for various times. The hardness, in general, 

increased with Ni content, which seems to be the major factor in controlling the volume fraction 

of Ni4Ti3 precipitate phase, which occurs rapidly upon quenching. The 54Ni-45Ti-1Hf, 55Ni-

44Ti-1Hf, and 54Ni-44Ti-2Hf alloys all exhibited classic age hardening behavior with a peak 

after very short aging times (between 15 min and 1hr). The loss in hardness with aging is 

attributed to coarsening of the Ni4Ti3 precipitates. It was noted that the Hf-containing alloys did 

not decompose to the typical Ni3Ti2 or Ni3Ti phases from the metastable Ni4Ti3 but rather the co-

precipitation of the H-phase occurred with extended aging times. The H-phase likely biased the 

Ni content in the alloy needed for Ni4Ti3 to decompose, though extended aging times (possibly 

out to several thousand hours) are needed to truly determine the phase equilibrium behavior. 

At approximately 100 hours, a modest secondary hardness peak was noted in the Hf-

containing alloys and was attributed to the precipitation of H-phase, as this secondary peak was 

not observed in any of the binary alloys. This secondary peak was significantly lower in hardness 

than either the solutionized or peak aged conditions. At these low Hf levels, precipitation of H-

phase could not compensate for the loss in hardening due to the coarsening of the Ni4Ti3 phase. 

The 54Ni-44Ti-2Hf alloy also appeared to show benefits in hardness due to solid solution 

strengthening. 

Of all the alloys investigated, the 56Ni-40Ti-4Hf composition showed the highest 

hardness and was able to retain as well as increase its hardness with aging up to 300 hours 

(679.3± 2.8VHN), the longest time investigated. This hardness was associated with solid solution 
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strengthening as well as H-phase precipitation. The H-phase precipitates occupied a significant 

volume fraction of the softer B2 matrix channels furthering the hardening of the alloy. The lack 

of softening over time was attributed to the slow Hf diffusion kinetics and complex precipitate 

phase structures that hinder atomic mobility. These results demonstrate that next-generation high 

hardness very Ni-rich Nitinol alloys can be processed with tunable microstructures, and thus 

variable mechanical attributes through micro-alloy additions. 

Finally, this work has demonstrated that Hf, in very Ni-rich Nitinol alloys does not 

necessarily stay in solid solution even for dilute concentrations, but instead precipitates out as H-

phase. Previously H-phase has been observed in slightly Ni-rich alloys at concentrations of ≥ 15 

at.% Hf, but has never been reported in such dilute Hf-containing alloys. This suggests that much 

more work is still required in identifying the compositional stability and phase relationships in 

the Ni-Ti-Hf system. 
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CHAPTER 6 

CONCLUSIONS AND FUTURE WORK 

 

In this work, the phase stability and mechanical attributes in Ni-rich Nitinol with and 

without Hf additions were investigated through an array of microanalysis techniques. The work 

had two distinct areas of interest: (1) establishing the structure-properties relationship for a 

slightly Ni-rich ternary shape memory alloy with macro-additions of Hf for use as solid-state 

actuators and (2) determining the primary strengthening mechanisms and its compositional limit 

in very Ni-rich alloys with and without solute additions of Hf for bearing applications. 

 In chapter 2, a Ni-29.7Ti-20Hf (at.%) alloy had it transformation temperature and load-

bias thermomechanical behavior correlated to its microstructure as a function of aging times at 

550°C. The alloy was found to have short range ordering in the solution annealed condition and 

0.3 hrs aged condition that yielded a transformation temperature < 100°C; however the 

transformation temperature was not consistent with thermal cycling. Once the H-phase 

precipitate formed after 3 hours of aging, the transformation temperature was still greater than 

100°C and stabilized. Correspondingly the load-bias response was nearly vertical, dimensional 

stability was excellent due to negligible retained strain, and a narrow temperature hysteresis. 

With aging to 30 hours, the shape memory response slightly degraded indicating 3 hours was the 

optimal aging condition; despite the H-phase’s number density and composition remaining 

within the error for both conditions.  
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 A 55NiTi (at.%) alloy, known to possess a hardness on par with tool steels when properly 

aged, had its primary strengthening mechanism determined in chapter 3. After solution annealing 

and quenching the alloy, its hardness was 644 + 5.1 VHN and remained steady until ~ 100 hours 

aging at 400°C. TEM revealed the microstructure to be composed of two phases: the B2 NiTi 

matrix and metastable Ni4Ti3. The volume fraction of Ni4Ti3 was found to be ~ 69% matching 

nicely to a lever rule calculation for an alloy of this composition. Additionally, GSFE for each 

phase was calculated, and it was found Ni4Ti3 required nearly twice the energy to slip compared 

to the B2 matrix phase. These GSFE values plus the microstructure of narrow B2 channels 

between the much harder Ni4Ti3 explained the high hardness. The retained hardness was found to 

be due to the slow kinetics at 400°C preventing the coarsening/decomposition of Ni4Ti3 that 

occurred in a sample aged at 750°C. 

 The work in chapter 4 built off the work in chapter 4 by determining if the Ni4Ti3 

strengthening mechanism had a compositional limit by characterizing a series of binary 

compositions from 53NiTi to 58NiTi (at.%). It was found the 56NiTi alloy had a near equivalent 

aging behavior and hardness as the 55NiTi alloy, while the lower Ni content alloys displayed 

classic, parabolic aging curve as their lower volume fraction of Ni4Ti3 coarsened. The high Ni 

content alloy appeared to not have been solutionized at 1050°C due to the presence of coarse 

Ni3Ti, but a higher temperature was not possible due to the solid-liquidus line. Additionally, the 

alloys hardness and microstructure were observed at 625°C and 750°C to observe the 

precipitation sequence in these lesser studied, very Ni-rich compositions. It has found Ni4Ti3 

quickly decomposed at these higher temperatures and acts as a Ni reservoir for Ni3Ti during its 

nucleation and growth. 
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 Finally, chapter 5 was a second generation study of these possible bearing alloys with Ni-

rich composition containing solute additions of Hf. The lower Hf containing alloys (1-2 at.% Hf) 

displayed typical overaging behavior due to the coarsening of their primary strengthening 

mechanism. Interestingly with extended aging H-phase co-precipitated rather than the formation 

of Ni3Ti2 and/or Ni3Ti seen in Ni-rich binary alloys. This composition has substantially less Hf 

than any other composition currently reported to have produced H-phase. Despite the lower Hf-

containing alloys appearing less promising as bearing alloys, the highest Hf containing alloy 

produced tremendous results. Its hardness was greater than the original 55NiTi alloy after 

solution annealing; furthermore its hardness continued steadily climbing out to 300 hours. The 

microstructure responsible for this extreme hardness after 300 hours was again a high volume 

fraction of Ni4Ti3 encased in narrow channels of B2, plus H-phase formed in the narrow B2 

channels. The H-phase precipitation essentially eliminated the B2 matrix phase, which is the 

phase where slip is most likely to occur, and replaced it with a harder, intermetallic alternative. 

 With regard to future work, perform precession electron diffraction on the Ni-29.7Ti-

20Hf (at.%) alloy to more quantitatively examine the strain fields as they evolve from the 

solution annealed condition through aging and formation of the H-phase precipitate. Then apply 

this knowledge to a study of strain as a function of Hf content to determine if there is a minimum 

Hf requirement to ascertain the required strain fields yielding the outstanding shape memory 

properties noted in the 20% Hf alloy. Since the transformation temperature continued to increase 

in the 300 hours aged specimen, perform an extend aging at 550°C to observe the possible 

decomposition sequence for the H-phase, and its effect on the SMA properties. For the ternary 

solute additions, continue aging of the 4% Hf alloy to monitor its hardness and microstructure. 

Finally, perform a compositional study by lowering Ni content and raising Hf in the 56Ni-40Ti-
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4Hf (at.%) alloy to try and lower the required solution annealing temperature, while maintaining 

the incredible hardness. 
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APPENDIX A 

A PROCEDURE FOR ESTABLISHING ISOCONCENTRATION SURFACES FOR THE 
DETERMINATION OF PRECIPITATE COMPOSITION AND VISUALIZATION5 

 
Abstract 

Proximity histograms, or proxigrams, are a prevailing means of representing 

compositional profiles between two phases. Though the technique has been around for over one 

decade, the procedures on how isoconcentration surfaces are selected is largely user defined, 

which can result in potential inconsistencies in how data is reported between users. This is 

particularly concerning in weakly partitioning systems where clear chemical segregation is not 

obvious. This paper addresses a methodology on how to identify the most appropriate elemental 

species and its value used to create the isoconcentration surface. From these selections, the 

highest fidelity visual representation of the precipitate and its compositional profile can be 

determined for atom probe data analysis. The case system used to illustrate these constructions is 

a Ni-Ti-Hf shape memory alloy.   

 

 

 

 

 

 

5 A manuscript has been prepared for the work in this chapter for publication in Ultramicroscopy. 
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A.1 Motivation 

 Atom probe tomography has grown from its groundbreaking infancy as a field ion 

microscope, which allowed for the first viewing of individual atoms [1], to an established 

technique capable of generating 3D reconstructions with near atomic rectification [2-5]. The 

atom probe data can be represented in a variety of manners such as individual atom maps, 1-

dimensional (1D) compositional profiles, 2-dimensional (2D) concentration maps, as well as 

isoconcentration or isodensity surfaces which highlight secondary phases within the 

microstructure [6-8]. In each representation, the quantitative capability of the atom probe is 

manifested in how atomic species partition within a microstructure.   

In the past decade, wide field-of-view detectors have enabled the atom probe to 

reconstruct specimens over 100 nm in diameter with millions of ions being collected in the 

reconstructed volume [8-10]. These larger data sets have enabled more of the material’s 

microstructural features to be captured, including entire precipitates. From these features, the 

compositional partitioning between the phases can be quantified. For example, by using a 

cylindrical data volume, the 1D compositional profile across the matrix-precipitate interface can 

be plotted by simply counting the number of atoms within the volume as a function of the 

distance within the cylinder. [7] If this cylinder is not perfectly normal to the interface, the 

interfacial profile can be wider than the actual partitioning behavior in the material resulting in a 

loss of fidelity. Moreover when the precipitates are small, the diameter of the cylinder must be 

decreased to ensure that it captures the correct feature size. A consequence of this reduction is an 

increase in the error of the measurement because of the lower atom count [7]. Hence, 1D profiles 

can be plagued with user defined settings that may not provide the necessary quantitative 

reproducibility between results.  
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In 2000, Hellman et al. [11] introduced the proximity histogram or proxigram to 

overcome several of these issues. The proxigram is based off of a pre-defined isoconcentration 

surface with the compositional profile determined normal to that surface on either side [11], as 

shown in Figure A.1. These surfaces provide clear visual representation of precipitate features 

that can allow direct cross-correlation comparison to more conventional imaging of such phases 

by transmission electron microscopy [12,13]. Using this surface, the summed values of the 

compositions across the entire surface as a function of distance out of and into the surface are 

used to generate the compositional profile. A major advantage of the proxigram is the ability to 

take repeatable compositional measurements normal to the surface, even if it is anisotropic or 

curved. This provides a reliable means of capturing the compositional interfacial gradient 

between phases. 

The data in these proxigrams are binned by voxels. Hence, the voxel size is critical in 

determining how the compositional data is binned and quantified. Torres et al. [14] reported a 

means to determine the optimal voxel size as function of feature size in reconstructed atom probe 

data sets. As the voxel size decreased, the spatial resolution increased at the expanse of the 

compositional certainty, and vice versa. Through simulated and experimental data sets, a 

procedure was established for determining the optimal voxel settings for a fixed delocalization 

setting that was kept constant at one-half of the voxel size. Felfer et al. [15] have also reported 

new approaches for determining how to bin data to increase the fidelity of the characterization. 

Clearly, how atom probe data is binned is critical in how the compositional results are 

interpreted.  

Using the binned data, various visualization and compositional analysis methods are 

untaken. Unfortunately, many atom probe results only report the voxel size without the 



115 
 

procedure of how that binning was optimized for that particular material. The establishment of 

procedures on how data is reconstructed, reported, and represented in data plots is essential in 

providing reproducibility between different research entities. A study by Hudson et al. [16] 

reported widely varying results for a simulated data set analyzed by a sample of over twenty 

experienced atom probe tomography (APT) users. The results revealed that the standard 

deviation between the true composition and that ranged by these users was as high as 22.60%; 

this extreme difference was noted for species that were the lowest in composition (1 at.%). 

Arguably, these differences between users can be tied to a lack of consistent procedures on how 

atom probe data is processed after its collection. 

Here, a procedure for identifying the most appropriate isoconcentration surfaces is 

discussed and developed. The selection of the isoconcentration surface is paramount in how the 

proxigram will report the compositional profiles and how the microstructural features are 

visually represented. Simply stating the isoconcentration value in a reconstruction does not 

necessarily provide insight into how or why that value was chosen, yet its value significantly 

impacts the interpretation of the results. For the proxigram, the profiles are relative values to the 

selected isoconcentration surface. In the cases when chemical partitioning is clearly observed in 

the atom map, such as shown in Figure A.1, the identification of the isoconcentration species and 

the value that delineates the partitioned features are easily established. However, for specimens 

where chemical partitioning is weak or modest, the selection of the isoconcentration species and 

the value which created the visual surface can be an ambiguous decision. 
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Figure A.1. (a) Fe atom map from a Co-Fe-Zr-Hf alloy showing clear Fe partitioning; (b) A 6 
at.% isoconcentration surface for Fe; (c) Proxigram  of the composition profile into and out of 
the defined isoconcentration surfaces. These images were adapted from those previously reported 
in reference [14]. 
 

In prior work done by the authors [17], a series of Ni-Ti-Pd shape memory alloys have 

been shown to precipitate a nanoscale P-phase that are instrumental in regulating the shape 

memory attributes of the alloy. Though the alloy was macro-alloyed with Pd, the chemical 

partitioning between the matrix and the precipitates, particularly at shorter aging times, was not 

visually obvious in any atom map. Subsequent work by the authors on other shape memory 

alloys, such as Ni-Ti-Hf [18], has also shown this weak partitioning behavior. Since chemical 

composition between phases is paramount in regulating the shape memory transformation 

temperature [19], the fidelity of the atom probe reconstructions and compositional data 

representations is essential. Using the Ni-Ti-Hf alloy as a case study, we provide a procedure on 

how to properly select the correct element to create the isoconcentration surface that gives the 

highest fidelity to how the species partition and are visually represented in the reconstruction. 

The results of which provide a more general procedure on how to approach atom probe 

reconstruction and data representation using existing analysis tools and methods for other alloys.  
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A.2 Experimental  

The atom probe specimen was taken from an ingot with a nominal composition of 

50.3Ni-29.7Ti-20Hf (at.%). The specimen studied was solution annealed at 1050°C for 3 hours 

and immediately water quenched followed by an aging treatment at 550°C for 3 hours and water 

quenched. The 3 hours aged condition resulted in the precipitation of the H-phase [13,20]. All 

solution annealing and aging treatments were conducted in a tube furnace under a continuous 

flow of ultra-high purity Ar with the specimens wrapped in Ta foil to reduce oxidation of the 

specimen. Further details about the specimen can be found in reference [18]. 

The atom probe specimen was prepared using a Focused Ion Beam (FIB) lift-out 

procedure [21,22] in a FEI Quanta 200 3D dual scanning electron beam-FIB microscope 

equipped with an Omniprobe micromanipulation lift-out system. The atom probe analysis was 

performed on a Cameca 3D Local Electrode Atom Probe (LEAP) 3000XSi. The specimen was 

maintained at a base temperature of 30K  (-243°C) and thermally assisted field evaporated using 

a laser at a pulse rate of 200 kHz, pulse energy 0.2 nJ, and a target evaporation set point at 0.5. 

The atom probe data was reconstructed using the IVAS 3.6.6 software package.  

 

 

A.3 Results and Discussion 

Figure A.2(a) is the atom map of the 50.3Ni-29.7Ti-20Hf alloy aged at 550C for 3 hours. 

From this image no obvious partitioning of the species was observed. The STEM-HAADF 

image, Figure A.2(b), clearly showed the presence of nanoscale precipitates which were 

identified to be H-phase in the selected area electron diffraction patterns in Figure A.2 (c)-(e).  
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Figure A.2. (a) Atom map of 50.3Ni-29.7Ti-20Hf (at.%) aged 3 hours @ 550°C; (b) STEM-
HAADF image of the same aged condition with Hf-enriched nanoscale precipitate present 
throughout the microstructure; (c) Selected area electron diffraction patterns from the [001], 
[1 0] and [1 1] zone axes of the B2 phase with additional reflections (indicated with the arrows) 
indexed to the H-phase precipitate.  
 

An isoconcentration surface for each element - Ni, Ti, and Hf respectively – are shown in 

Figure A.3. The value of the isoconcentration surface was determined by where the mid-point in 

the compositional profile is at ‘zero’ (referred to in this paper as the mid-point) on the 

proxigram. By selecting this compositional value for the isoconcentration surface, a user is able 

to center the profile relative to the matrix-precipitate interface where the compositional change in 

one species relative to another is approximately equal. For this particular alloy, these 

isoconcentration values are unable to yield a clear visual reconstruction that delineation the 

precipitates in the matrix.  
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Figure A.3. 50.3Ni-29.7Ti-20Hf (at.%) aged at 550°C specimen for 3 hours: (a) 48.39 at. % Ni 
isoconcentration surface and its corresponding proximity histogram with its mid-point marked 
with a dashed circle; (b) 28.24at.% Ti isoconcentration surface and its corresponding proximity 
histogram with its mid-point marked with a dashed circle; (c) 18.71at.% Hf isoconcentration 
surface and its corresponding proximity histogram with its mid-point marked with a dashed 
circle. 
 

The high and low compositional values for each profile from the Figure A.2’s proxigrams 

are tabulated in Table A.1. Using the composition of the precipitate phase, the isoconcentration 

surfaces are re-generated using these new values for each specific species, Figure A.4. In the 

IVAS 3.6 program, this data is referred to as the higher and lower gradient values with respect to 

the individual surfaces. Hence, the determination of the mid-point is critical in correctly 

identifying these high and low gradient compositional numbers. For certain species these new 

isoconcentration surfaces are able to clearly delineate the precipitate morphologies within the 

matrix. This is essential as the determination of the value and its relative encapsulation of the 

precipitate value will influence the microstructure quantification of number density, volume 

fraction, etc. For this system the Ti and Hf surfaces generate the precipitates with morphologies 
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most closely matching those seen in Figure A.2. The Ni surfaces clearly do not provide a good 

visual match thereby eliminating it as the proper choice for any further partitioning analysis.  

Table A.1. The compositional values taken of the matrix and precipitate phase using the 
proxigrams in Figure A.3 for the 50.3Ni-29.7Ti-20Hf (at.%) alloy aged at 550°C for 3 hours. 
Note how the composition of the matrix and precipitate phase was altered by the choice of the 
isoconcentration value used for the Ni, Ti, and Hf species.  
 

 

 

 

Figure A.4. 50.3Ni-29.7Ti-20Hf (at.%) aged at 550°C  for 3 hours: (a) 46.27 at.% Ni 
isoconcentration surface and its proximity histogram generated using the listed Ni composition 
from the precipitate phase in the original 48.39 at.% Ni surface (Table A.1); (b) 23.44 at.% Ti 
isoconcentration surface and its proximity histogram generated using the listed Ti composition 
from the precipitate phase in the original 28.24 at.% Ti surface (Table A.1); (c) 22.69 at.% Hf 
isoconcentration surface and its proximity histogram generated using the listed Hf composition 
from the precipitate phase in the original 18.71 at.% Hf surface (Table A.1). Note the shift for 
all.  
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All three species showed a relative shift of the gradient profiles away from the mid-points 

where the compositional gradient changed, Figure A.4. Moreover, the highest and lowest 

compositional values for the matrix and precipitate phases in the proxigrams from Figure A.4 

and tabulated in Table A.2 have deviated slightly from those seen from Figure A.3 and Table 

A.1. The compositional deviation, or error bar, also increased for the proxigrams in Figure A.4 as 

compared to those in Figure A.3. This increased error is because of the lower atom count in the 

smaller volume created by the re-generated surface. Hence, the creation of the most visually 

pleasing isoconcentration surface that may match the correct morphology does not necessarily 

yield the highest compositional fidelity profile. Based on these trends, compositional information 

should be extracted from the mid-point inflection procedures used in Figure A.3’s proxigrams. 

Hence, the isoconcentration surface that yields the most visually pleasing reconstruction match 

may not necessarily be ideal for the compositional analysis. 

Table A.2. The compositional values taken of the matrix and precipitate phase using the 
proxigrams in Figure A.4 for the 50.3Ni-29.7Ti-20Hf (at.%) alloy aged at 550°C for 3 hours. 
Note how the composition of the matrix and precipitate phase was altered by the choice of the 
isoconcentration value used for the Ni, Ti, and Hf species.  
 

 
 

Though Ti and Hf yield more idealized isoconcentration surfaces that match the 

precipitates’ true morphology, the proxigram profiles used for the compositional determination 

for each phase, Figure A.3, have compositional trends (and values) that differ between the Ti and 

Hf surface, i.e. the Ni appears enriching the precipitate for the Ti-based surface and depleting in 

the precipitate with the Hf-based surface. This is critical to shape memory alloys as the Ni:Ti 
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ratio has a significant influence on the transformation temperature. To determine which species 

should be used as the isoconcentration surface that yields the highest compositional fidelity, a 1D 

profile is sliced through the isoconcentration surfaces in Figure A.4 for direct comparison. These 

1D profiles are shown in Figure A.5. Though this type of composition profile may not be ideal 

for the reasons listed in the introduction section, it does not bias how the atoms are counted to a 

predefined surface. Rather it simply counts the species as a function distance. This profile clearly 

indicates Ti depletion and Hf and Ni enrichment in the precipitate. Comparing this profile to the 

proxigrams in Figure A.3, the proxigram generated from the Ti based isoconcentration surface 

was in the best agreement. In both profiles, the species partitioning behavior to each phase was 

the same. The advantage of the proxigram, as compared to the 1D profile, is seen by its reduced 

error in the compositional uncertainty as a function of distance since it is able to provide an 

aggregate average over all the precipitate in the analyzed tip volume. In addition, the proxigram 

profile is computed to being truly normal to the interface to yield a higher fidelity in the 

compositional width. 
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Figure A.5. 50.3Ni-29.7Ti-20Hf (at.%) aged 3 hours @ 550°C specimen: (a) Atom map with a 
precipitate isoconcentration surface displayed showing the cylinder used to generate the 
corresponding 1D profile; (b) Atom map with a precipitate isoconcentration surface displayed 
showing the cylinder, turned 90 degrees to generate a second orientation, used to generate the 
corresponding 1D profile.  
 

 

A.4 Conclusion 

Atom probe data sets by their very nature allow different means of visualization and data 

analysis. This paper has reported a procedure in how to identify isoconcentration surfaces that 

optimize both compositional and visual representations of precipitates within a microstructure. 

These procedures provide standardization practices in how one may consistently reconstruct 

atom probe data from proxigrams for quantitative analysis within a system and between systems 

where chemical partitioning occurs.  As noted, the isoconcentration surfaces used to yield the 

most visually pleasing agreement to the morphology in the microstructure may not necessarily be 

the best suited surfaces to create the proxigrams for the compositional analysis. Rather by 

combining a series of steps and surfaces, one is able to achieve both needs in the atom probe data 

analysis. These steps are summarized below: 
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1. Create an isoconcentration surface at the value where that particular species exhibits an 

midpoint (or inflection point)  in composition where it is equally divided between the two 

phases. This proxigram has the highest counting statistics (lowest error) in determining 

the composition between the two phases. From this surface, the high and low 

compositional values from each profile can be generated.  

2. Using these values relative to the initial species’ isoconcentration surfaces, a new surface 

is generated based on the precipitate phase’s composition. At least one of these new 

surfaces yields features with morphologies consistent with the precipitate phase. This step 

in the procedure lends itself to the generation of the best visual representation of the 

precipitates, though it was found these proxigrams are not ideal for the compositional 

analysis. 

3. Returning to the initial midpoint based proxigrams (#1 above), the compositional profiles 

are better for the overall compositional analysis of the matrix and precipitate phases. To 

determine which species’ isoconcentration surface should be used for the compositional 

analysis from the proxigram, a 1D compositional profile should be placed through the 

precipitate surface generated in step #2. The compositional values and trends from this 

1D profile that best matches the individual species’ midpoint proxigram identifies that 

proxigram as the one with the highest compositional fidelity to the multi-phase material. 
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