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ABSTRACT 

 

It is well known that the grain size of a material controls its properties, including 

mechanical strength, electrical conduction, and corrosion resistance.  Typically, a fine grain size 

is desirable, since it allows for these properties to be increased.  Nanocrystalline materials have 

been engineered in order to maximize the benefits associated with this fine grain size.  

Unfortunately, the high density of grain boundaries for a given volume of the material leads to an 

increase in the excess energy that is associated with grain boundaries.  This excess energy can 

act as a driving force for grain growth, which causes these nanocrystalline structures to be 

unstable, with this grain growth often times being detrimental to the material properties. This 

research investigated the influence of grain boundary mobility and the applied driving force on 

grain growth in nanocrystalline metal films by focusing on the role grain boundary 

misorientation plays in regulating grain growth. The was be accomplished by completing two 

types of studies: (i) Annealing sputter-deposited thin films to study mobility in a case where the 

driving force is assumed to be dominated by grain boundary curvature and (ii) Mechanically 

indenting thin films with different microstructural features while submerged in liquid nitrogen. 

In terms of the latter study, the mobility was expected to be extremely low due to the cryogenic 

temperatures.  Both sets of films were then characterized using precession-enhanced diffraction-

based orientation analysis in the transmission electron microscope to quantify the evolution in 

grain size, grain morphology, and in the grain-to-grain misorientation. 
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CHAPTER 1 

INTRODUCTION 

 

1.1  Motivation 

Understanding and controlling grain growth is important to nearly every engineered 

material [1-4].  For materials that rely on strength, toughness, or formability, including most 

nanocrystalline materials, a stable, fine grain size is desirable [1].  For example, the mechanical 

strength of a metallic material can be significantly increased by grain size refinement [2].  

Classically, this has been shown through the Hall-Petch relationship [5], but researchers have 

demonstrated the ability to synthesize and implement nanocrystalline grain structures, which are 

inherently governed by a different set of mechanisms. In addition to the improvements associated 

with these nanocrystalline length scales, researchers have been able to tailor the structure of 

materials to meet certain property requirements.  An example of this is the inclusion of twin 

boundaries in nanocrystalline grains in order to improve the electrical conduction of Cu [6]. In 

addition to the size of the grains, the texture and orientation of the grains have been shown to 

dominate strength, as well as electrical and magnetic properties in polycrystalline materials [3].  

Therefore, controlling both texture and grain orientation is equally important in optimizing 

property performance [3]. 

Grain growth occurs through the migration of grain boundaries, and the velocity of these 

migrating grain boundaries is typically represented by the product of a driving force and grain 

boundary mobility. Driving forces for this grain boundary migration can originate from a variety 
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of sources, including stored deformation energy, grain boundary energy, surface energy, elastic 

energy, or chemical and/or thermal gradients [4].  The mobility term in determining grain 

boundary motion is, simply stated, the means for atoms to diffuse in order to reduce the applied 

driving force. One can imagine that in order for a grain boundary to migrate within a 

polycrystalline material, the atoms in front of the leading edge of the boundary would need to 

move out of their current lattice positions and into new positions that match the lattice sites of 

the growing grain. This motion would then allow the boundary to progress one atomic diameter 

at a time [7].  

In some cases, specific grains can grow more rapidly than others, leading to a small 

subset of large grains contained with a matrix of much smaller grains. This behavior is referred 

to as abnormal grain growth (AGG).  In nanocrystalline materials, there is intrinsically a high 

density of grain boundaries per volume, as compared to coarse-grained materials. Because of the 

increased boundary content, there is excess energy associated with the grain structure of 

nanocrystalline materials.  This excess energy can lead to grain instability, which in turn could 

be detrimental to the material properties, as was reported by Boyce and Padilla [8]. 

There were two main goals in this research.  The first of these was to investigate the 

underpinnings of grain growth that occurs through the annealing of nanocrystalline metals, 

where the growth is driven by grain boundary curvature.  The second goal was to investigate the 

underpinnings of grain growth that occurs as a function of nano-indentation within liquid 

nitrogen.  In this second case, the driving force is high from the mechanical indentation, but the 

cryogenic temperatures should limit the grain boundary mobility. 
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1.2 Curvature Driven Grain Growth 

Normal grain growth is considered a self-similar event, which simply means that the 

features (or in the case of a polycrystalline system, the grains) change in size in a uniform 

manner.  It is typically characterized by an increase in the mean grain size with a simultaneous 

decrease in the total grain boundary length, which leads to a minimization in the total interfacial 

energy [9].  Analytical models for normal grain growth have been developed by researchers such 

as Hillert, Louat, and Zinke-Allmang [9-11] and are based on the particle coarsening theory.  The 

concurrent result of such models is that the evolution of the mean grain size follows a scaling 

law: 

	   	   	   	   	   	   	   	   	   [Eq.1]	  

where Rm is the mean grain radius, n is the growth exponent, K is a temperature dependent 

constant, and t is the time [10].  In particular, Hillert [9] proposed that for an individual grain, the 

rate of the normal growth could be approximated by 

	   	   	   	   	   	   	   	   [Eq.2]	  

where M is average grain boundary mobility, γgb is average grain boundary energy, Rc is the 

critical grain diameter at which it neither grows or shrinks, and R is the diameter of the 

considered grain [9]. Therefore, this equation illustrates that the driving force is proportional to 

γgb/R, and the grain growth occurs as a function of the grain boundary energy and the grain 

boundary curvature.   

Curvature-driven motion of grain boundaries leads to the lowering of the total surface 

area-to-volume ratio [12].  For example, an arbitrary element within a moving boundary does not 

typically sense a driving force for growth stemming from remote grain boundaries.  Instead, the 
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force on this boundary element results from the curvature of the boundary.  This curvature is 

caused by the fact that at the grain boundary junctions, mechanical equilibrium has been 

established, so any additional stress will cause the boundary to migrate via the induction of 

curvature [5].  A curved boundary then responds to a force by moving towards the center of the 

curvature in order to become straighter, thus reducing its area and in turn, its energy [5].   

In contrast, during AGG, the grain size distribution does not remain self-similar.  Rather, 

a bimodal distribution of grain sizes develops, where one of the modes is representative of the 

slowly growing grains, and the other mode represents the grains that have preferentially evolved 

to a larger size [5].  The distribution of the slowly growing grains will become smaller as the 

larger grains continue to evolve, and they will eventually disappear as they are consumed by the 

large, rapidly growing grains.  Therefore, the AGG regime is characterized by only some of the 

grains growing larger at the expense of the smaller ones [13].  

Typically, the curvature of a grain boundary is small, and this corresponds to the radius 

of the curvature being substantially larger than the grain size (by a factor of 5-to-10) [5].  

Therefore, the driving force for normal grain growth is about 5 to 10 times smaller than it would 

be for AGG.  Assuming that all grains have the same radius of curvature, the anisotropy in γgb 

would control which grains grow abnormally.  To estimate the average excess energy of a grain 

boundary, the interface can be imagined by creating two free surfaces and then joining them 

together to form the boundary [14].  The grain boundary energy can then be written as   

€ 

γ gb = 2γ s − B 	   	   	   	   	   	   	   	   	   [Eq.3]	  

where γs is the elastic work done to create a free surface (typically ~ (E/8) * 10-10 m, where E is 

the elastic modulus [14]) and B is the binding energy gained when two grain surfaces are brought 

together.  Thus, the energy anisotropy from either γs or B arises because of differences in the 
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grain boundary structures.  This grain boundary structure warrants a detailed microscopy-based 

study to provide the experimental inputs necessary to further develop these simple model 

concepts [14].  

 

1.3 Mechanical Driving Forces 

When a grain in a metal is subjected to a mechanical load, dislocations propagate to allow 

for grain boundary motion, which is directly responsible for the grain growth necessary for 

deformation.  While individual dislocation slip is still active in nanocrystalline metals with a 

grain size in the range of 20 to 50 nm [15-17], there is insufficient space for the collective 

dislocation interaction mechanisms found in coarse-grained metals, such as pileups and sub-grain 

formation. Instead, deformation is governed by dislocation nucleation and absorption at grain 

boundaries [16-19].  Boyce and Padilla [20] proposed that the persistent slip mechanism 

responsible for conventional fatigue crack initiation may be suppressed when the grain size is 

below a certain threshold, likely on the order of 100 nm or several hundred nanometers. This 

length scale threshold is between the grain sizes that could support collective dislocation activity 

and the grain sizes that could support individual dislocation activity. A survey of the available 

literature on the fatigue of nanocrystalline metals reveals that fatigue failure still occurs for 

nanocrystalline metals, often with nothing more than a modest improvement in performance over 

coarse-grained metals [21-22]. 

Perhaps the explanation for the lack of improvement in fatigue performance is related to 

the instability of nanocrystalline grain structures, which are even known to evolve during storage 

at room temperature [23]. The grain growth reported for fatigue experiments performed on 

nanocrystalline Cu by Witney et. al. [24] refers to modest overall grain growth, as opposed to the 
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discontinuous local coarsening observed in the monotonic loading experiments performed by 

Gianola et al. [25]. In addition, several numerical models exist to predict the evolution of 

nanocrystalline grain structures under both elastic [26, 27] and plastic [28-30] deformation. 

These observations are in agreement with the fact that nanocrystalline metals form coarse grain 

structures during fatigue loading and that fatigue mechanisms are influenced more by the 

evolved structure than by the initial. 

Grain orientation can also have profound effects on growth behavior [31, 32], ranging 

from elastic mismatch accentuating the elastic driving force [26] to causing local variations in 

grain boundary mobility [33]. It is well known that the orientation of a face-centered cubic 

(FCC) single crystal rotates during uni-axial deformation [34] to take full advantage of available 

slip systems. Evidence of this is proposed in the conclusions of the experiments performed by 

Boyce and Padilla [20].  Their examination of the elongated coarse grains revealed the presence 

of several low-angle sub-boundaries, which may be remnants of previously existing smaller 

grains. This structure suggested a mechanism proposed by experimentation [35] and simulation 

[36, 37], in which neighboring grains under an external stress can rotate to a common 

orientation, effectively eliminating the high-angle grain boundaries between them and allowing 

collective dislocation mechanisms to occur.  

In addition to traditional mechanically induced grain growth, Zhang et al. [38] have 

shown that growth can occur in nanocrystalline Cu films as a result of micro-indentation 

performed while the sample was submerged in liquid nitrogen. When the temperature is 

sufficient and a driving force is present, it is easily understood how and why a system would 

undergo grain growth; in the work by Zhang et al. [38], however, the mobility was significantly 
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hindered by the low temperature and the kinetics of grain growth are poorly understand.  

Additionally, the governing kinetics were not addressed in their experimental paper. 

There have been a limited number of modeling simulations which have suggested that 

grain growth can occur as a function of mechanical loading, even in low temperature regimes. 

Sansoz and Dupont [39] and Battaile et al. [26] have modeled the case of stress-driven grain 

growth at 0 K.  Both sets of researchers found that stress-driven grain growth is dominated by the 

elasticity, and in a lesser extent, the plastic strain in the material. The driving force for elastic 

energy is given as  

P	  =	  τ2/2	  (E1-‐1–	  E2-‐1)         [Eq.4] 

where τ is the elastic stress and E1 and E2 are the elastic moduli of neighboring grains.  The 

plastic deformation energy is defined by P = ½ ρµb2 where ρ is the dislocation density and ½ µb2 

is the dislocation energy. Recent molecular dynamics simulations [12] of grain boundary motion 

have suggested that there are strong variations in mobility, especially at low temperatures.  These 

mobilities will depend strongly on the grain boundary plane since the energy will be a function 

of the grain-to-grain misorientation angle [14]. Clearly, providing high fidelity experimental data 

on the evolution of grain boundary types is required to validate these simulations.  This would 

provide the needed information to elucidate the governing mechanisms of grain growth under 

these driving forces and at low temperatures. 

 

1.4 Thin Films – A Special Case 

To study this phenomenon at the nanoscale, thin films can be investigated.  They are 

extensively used in electronic materials, hard coatings, and optical coatings, making them a 

relevant study [2, 14, 39, 40].  To this point in the explanation of grain growth, AGG has been 
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considered to occur without specifying the geometry of the material.  The dimensions of a thin 

film, however, must be considered when investigating grain growth.  Grain growth in thin films 

is represented through a two-dimensional perspective.  As a consequence, the influence of film 

height and surface (not grain boundary) energy must also be considered in the treatment of grain 

growth.  Normal grain growth usually ceases when the grain size becomes comparable to the 

smallest specimen dimension, which in the case of thin films is the film thickness [5]. For the 

specific case of thin films, discontinuous growth of a few grains can be observed after 

continuous growth has come to an end.   

The kinetic mechanisms of AGG, in thin films, were extensively studied by Thompson et 

al. [41-44].  In these models, the driving force for AGG, ΔF, was approximated by 

        [Eq.5] 

where h is the film thickness and Δγ is the difference between the average surface energy of 

abnormal grains and the average surface energy of normal grains.  Therefore, the driving force in 

Equation 5 is different from that in Equation 2.  The modification in driving force will need to be 

considered in this research, since nanocrystalline thin films are of interest.   

Therefore, the fundamental scientific questions in the case of either thermal annealing or 

mechanical loading are: (1) How and what types of boundaries in nanocrystalline metals 

contribute to abnormal grain growth? (2) Does the growth occur at specific temperatures, 

preferentially in specific orientations or based on a particular curvature? (3) Since the material is 

crystalline, do specific orientations generate specific types of curvatures that are favorable for 

curvature driven growth in conditions, particularly when the thermal conditions are varied?  A 

series of in situ and ex situ experiments were designed in order to investigate this grain growth 

behavior.    
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1.5 Grain Boundary Character 

As described above, the grain boundary energy will dominate the grain growth behavior 

in the case of nanocrystalline materials.  This energy is also directly related to the structure of the 

grain boundary. When some of the atomic sites in two crystals overlap in the boundary plane, a 

coincidence boundary can form and is used to described specific orientations where the 

boundaries have “good fit,” typically associated with lower energies [14].   

Coincidence site lattice (CSL) boundaries have been one of the most influential concepts 

in the study of grain boundaries during the past 60 years [14].  CSL misorientations are named 

by the inverse of the number of coincidence lattice sites in the grain boundary [14].  For 

example, considering a specific boundary in an FCC material, shown in Figure 1, if one-fifth of 

the sites are in coincidence, this is known as a Σ5 boundary [14].  A smaller Σ number is 

typically associated with special characteristics.  As a consequence of this matching of the lattice 

points across the boundaries, coincidence site boundaries have lower energies than general 

boundaries. Rohrer [14] indicates that the energy anisotropy might have a strong link to the ideal 

crystal structure [14]. For Al and Cu at higher temperatures, there is agreement that minimum 

grain boundary energy occurs at the Σ11 boundary [14]; however, for Cu at low temperatures, 

this energy minimum moves closer to the Σ9 boundary [14].  This indicates that a temperature 

dependence of the grain boundary energy can exist, and this could be a contributing factor for 

AGG, where specific boundary energies can alternate as the lowest energy boundary.   

  In general, simulations confirm that for low-angle grain boundaries, the mobility rapidly 

drops [45].  To date, this has not been experimentally shown, but rather predicted.  Through the 

experimental techniques utilized in this research, we have the capability to validate this type of 
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Figure 1.1. CSL configuration Σ5 in two different, symmetrical, rotations [45] 
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prediction.  In addition, other CSL boundaries have been thoroughly simulated and modeled, but 

few experiments have provided validation to these predictions. For example, a Σ5 boundary has a 

lattice point agreement every fifth point, suggesting a reduced amount of 'free volume' in the 

boundary for atomic diffusion, it has been shown that it has high mobility relative to other 

boundaries [14].  The near-Σ7 40o [14] boundary has also been reported to possess an 

anomalously high mobility [46].  This too was experimentally explored in this research by 

tracking individual grain boundary movement.  By understanding the energetics and 

thermodynamics associated with specific grain boundaries, the governing mechanisms of grain 

growth could be investigated. 

One characteristic of AGG is that it often appears to occur suddenly during annealing, as 

if there is an incubation time [47]. This could be related to variations in grain boundary energies 

and grain boundary mobilities with temperature, as is noted above.  In Ni [13] and Ag [40], the 

incubation time for AGG was observed to decrease, and the density of abnormal grains was 

observed to increase, as the annealing temperature increased [47].  Yoon et al. [47] suggested 

that such temperature dependence was consistent with the step-growth mechanism, if the grain 

boundary roughening transition was taken into account.  However, the evolution of the grain 

structure during the annealing treatments was not presented, and the dependence of AGG on the 

annealing temperature could not be fully characterized in real time [47].  Their conclusions were 

based on before-and-after observations as opposed to during the evolution.     

To address this question of quantitative microstructure evolution during abnormal grain 

growth, a systematic study that measure and quantifies the number and type of boundaries as a 

function to annealing temperature is required. This was undertaken in this research. By 



 

12 
 

investigating the evolution of the grain boundaries in situ, this will provide information 

necessary to advance the fundamental understanding of grain growth phenomena.  

 

1.6 Twin Boundary Motion 

In addition to CSL boundaries, another set of boundaries known to exhibit special 

properties within a polycrystalline material is twin boundaries. Coherent twin boundaries, Σ3 

{111}, are formed during the deposition process and are frequently observed in FCC metals that 

exhibit a low stacking fault energy (SFE), [48-51]. An array of Shockley partial dislocations, 

with equivalent Burgers vectors, can be used in order to represent the ends of these twin 

boundaries [52-56]. Because of the inherent nature associated with Shockley partial dislocations, 

the presence of twin boundaries in a polycrystalline structure produces a change in the 

crystallographic orientation between the matrix and the twinned crystal [57, 58].  Additionally, 

there is a discontinuity formed in the available slip systems, across the twin boundaries [59, 60].  

This discontinuity means that a high resolved shear stress is required to transmit a single 

dislocation across a twin boundary – effectively strengthening the material [59-63].  

Examples of this twin boundary-induced strengthening were presented by Lu et al. [6, 62, 

63].  Their research showed that ultra-fine grained Cu with a high density of twin boundaries 

could achieve an uncommon combination of ultra-high strength and high ductility.  Furthermore, 

Zhang et al. [1,2] reported that the inclusion of twin boundaries led to strengthening in austenitic 

stainless steel thin films by an order of magnitude, compared to their bulk counter part.  In 

addition, they showed that a high tensile strength (~1 GPa) could be achieved in sputter-

deposited nanotwinned Cu thin films.  This high tensile strength was attributed to the fact that 

the slip systems in both the twinned and matrix crystals were symmetrical.  This meant that both 
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sides of the twin boundary contained three conventional {111}-type glide planes which were not 

parallel to the twin boundary plane and contained three {100}-type glide planes that were not 

parallel to the twin boundary [48-51].  When the thin foils were subjected to a normal loaded 

(perpendicular to the twin boundary plane), the activity of the dislocations contained in the foil 

were the same, either on all {111}-type planes or on all {100}-type planes. Given the same 

number of slip systems and the same slip activity on the glide planes, plastic deformation can 

take place in symmetrical modes in both crystals within the twin boundary [59, 60].   

Atomistic simulations have provided some insight into the interactions that occur 

between twin boundaries and the lattice glide dislocations, with respect to both the kinetics and 

the energetics of slip transmission across the coherent twin boundaries [52, 59, 64-66].  These 

studies supported the hypothesis that the interactions between lattice dislocations and twin 

boundaries could be a dominant factor in the strengthening process for metals containing twin 

boundaries [65].  Twin boundaries are nominally considered to be more resistant to migration, as 

compared to conventional grain boundaries, since their excess energies are an order of magnitude 

lower than that of other grain boundaries [67].    

Although the twin boundaries are more resistant to migration than other grain boundaries, 

Chen et al. [68] explained that detwinning processes could occur, starting at 400 oC, along with 

the growth of grains.  Dislocation arrays are often found at the migrating twin boundary front, 

and Chen et al. suggest that they are actively involved in the detwinning process.  These 

dislocation arrays form not only at the ends of the receding twins, but also at the sites of 

dislocation walls that formed during processing.  This allows twin boundaries to locally 

annihilate and convert into single dislocation lines, through detwinning mechanisms [68].  These 

mechanisms include the collective glide of partial dislocations at twin ends and the local 
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movement of dislocations.  In the first case, detwinning occurs in a discontinuous step-wise 

process, while in the latter, twinned regions are converted back to the matrix orientation by 

dislocation movement [68]. 

The migration of the Σ3 {111} coherent twin boundary, along its normal direction, is 

accomplished by the glide of twinning dislocations.  These dislocations are characterized by 

Burgers vectors corresponding to Shockley partial dislocations, on the twin boundary plane [52].  

These twinning dislocations are either nucleated from grain boundaries or can be formed as a 

result of a reaction between the lattice glide dislocations and the twin boundaries [59, 53-56].  A 

critical issue currently being disputed is whether or not these twin boundaries can be removed 

during deformation. To elucidate this behavior, in situ studies would be required, since ex situ 

studies may not reveal how detwinning occurs and which specific kinetic processes are involved 

during the annihilation of twin boundaries. Recently, Wang et al. [67] reported that the rapid 

migration behavior of incoherent twin boundaries in nanotwinned Cu films during in situ 

nanoindentation, which directly led to the motion of coherent twin boundaries.   

When an incoherent twin boundary (Σ3 {112}) is subjected to a shear stress, Wang et al. 

[68] demonstrated that the net Peach-Koehler glide force is equal to zero, regardless of the 

magnitude of the applied shear stress. They used this theory to present an MD simulation of the 

room temperature migration of the incoherent twin boundaries [67].  Their developed model 

contained a Σ3 {112} incoherent twin boundary with a thickness of 12 (111) planes and two Σ3 

{111} coherent twin boundaries, separated by the incoherent twin boundary [67].  This structure 

allowed for the net glide force acting on the incoherent twin boundary to be zero.  They then 

subjected the modeled system to a constant shear strain of εyx = 0.015, which corresponded to a 

shear stress of 0.45 GPa.  What they found was that the emitted Shockley partial dislocations 
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move, and the incoherent twin boundary was able to migrate through the collective glide of those 

partials [67].   

Wang et al. [67] also presented simulations, which suggested that detwinning could occur 

relatively easily for thin films [67]. The driving force for this detwinning was attributed to the 

interaction between two twin boundaries, arising from the variation in the energy of the twin 

boundaries. They also showed that shear stresses enable the incoherent twin boundaries to 

migrate with ease.  They suggested that this is because the dissociation of the twinning 

dislocations, from the incoherent twin boundary, reduces the Peierls barrier to boundary motion 

[55, 67].  Additionally, Wang et al. [67] also suggested processes by which coherent twin 

boundaries can annihilate each other.  When multiple twinning dislocations simultaneously 

nucleate at grain boundaries, the twinned crystal is reoriented into the matrix crystal, through 

collective glide [67].   

 

1.7 Precession-Enhanced Diffraction Orientation Analysis 

In order to investigate the underpinnings of grain growth, the grain size, grain 

morphology, and grain-to-grain misorientation of each grain within a sample can be quantified 

using electron diffraction-based orientation mapping.  Traditionally, orientation mapping has 

been performed with the use of electron-backscattered diffraction (EBSD) in the scanning 

electron microscope (SEM).  The limitation of the spatial resolution in orientation imaging via 

EBSD, however, makes it difficult to investigate the microstructure of nanocrystalline metals.  

Several approaches towards orientation microscopy using diffraction methods in the TEM have 

been explored, and these include the automated analysis of convergent beam diffraction patterns, 

transmission Kikuchi patterns, and diffraction patterns reconstructed using dark field images 
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[69].  These methods, in principal, allow for a high spatial resolution in orientation mapping, but 

there are limitations that make these approaches unsuitable in many cases.  The presence of 

strong dynamical effects, associated with the interaction between the emitted electron beam and 

a TEM foil, in electron diffraction is a limitation in many situations as the kinematical theory of 

electron diffraction is no longer applicable, leading to unreliable orientations.  Improvements to 

the dynamical diffraction problem have been made by precessing the beam as it is scanned, in 

order to reduce the dynamical effects of the electron beam and by better sampling of spots in a 

higher-order Laue zone (HOLZ) [69].  This is the basis for the ASTAR system, manufactured by 

nanoMEGAS [70]. 

The ASTAR system allows for the possibility of reliable orientation/phase mapping with 

a spatial resolution down to 3 nm, within the TEM [70].  Precession enhanced electron 

diffraction (PED) was first introduced by Vincent and Midgley [71]. In PED, the incident 

electron beam is double-deflected in a conical manner such that the diffraction intensities can be 

integrated over the entire scan, as is presented in Figure 2.  As the incident beam undergoes this 

precession, the diffraction pattern moves and quasi-kinematical diffraction conditions can be 

achieved.  This is because the dynamical effects of the electron beam are reduced since the 

incident electron beam is no longer on-axis and fewer beams are excited simultaneously.  The 

use of precession also allows for the collection of a higher number of reflections, including 

reflections from HOLZs, which is useful in improving the reliability in the orientation matching 

of an electron diffraction pattern [70].  Within the ASTAR platform, spot diffraction patterns are 

captured sequentially by the use of a high-speed optical CCD camera while an area on the 

sample is being scanned by a nano-sized quasi parallel probe [70]. Simultaneously, the incident 

electron beam is precessed about the optic axis, and the CCD camera captures the diffraction  
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Figure 1.2. A graphical representation of the precession enhanced diffraction orientation 

procedure. (a) the sample is aligned in the TEM  (b) a grid is defined over a region of interest  (c) 

the beam is precessed and the acquired diffraction patterns are saved as a block file  (d) the 

acquired diffraction patterns are compared to a bank of all possible patterns, and an orientation 

map is generated [70] 
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 patterns that are projected onto the fluorescent screen at a rate of up to 180 frames per second 

[50].  As the beam is scanned over a pre-selected region of interest, an electron diffraction 

pattern from each step in the scan is recorded and stored. 

 Next, using the basic theory of kinematical diffraction, diffraction spot patterns, 

corresponding to all of the possible orientations within a specific crystallographic space group, 

are calculated and stored as a bank of possible patterns.  Every experimentally collected 

diffraction pattern is compared to this template bank, and the degree to which a pre-calculated 

pattern matches the experimental pattern is represented by the correlation index (the highest 

correlation index indicates the best fit for matching).  Finally, the ASTAR system allows the user 

to generate a virtual bright-field image, a correlation index map, and a reliability map, 

corresponding to the orientation map produced from the PED scan [72].   

Since the orientation of a specific pattern is determined through the correlation index, 

there are situations where the highest correlation index value is not representative of the correct 

orientation, although it is identified as the “best fit” for the pattern.  This can arise due to an 

electron diffraction pattern with poor contrast or from an ambiguous electron diffraction pattern.  

In order to improve the fidelity of the orientation maps, there are corrections applied using the 

TSL OIM 5 software platform.  The two corrections that are utilized in this research were the 

‘Grain Dilation’ and the ‘Neighbor Confidence Interval Correlation’ [73].  The ‘Grain Dilation’ 

function works as a clean-up method by using an iterative process that acts only on points that do 

not belong to any grains but have neighboring points which belong to grains.  A point may be 

considered to not belong to a specific grain if it belongs to a grain group having fewer members 

than the minimum allowed grain size.  If the majority of the neighbors belong to the same grain, 

then the orientation of the unmatched point is changed that that of the majority grain [73].  Next, 
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the ‘Neighbor Confidence Interval Correlation’ was performed on data points with a correlation 

index less than a defined confidence value.  For the research presented in this dissertation, the 

confidence interval used was 95%.  If a particular point has a correlation index less than this 

minimum value, then the neighbors are checked to see which has the highest correlation index.  

The orientation and the correlation index of the poorly matched point is reassigned to match the 

orientation of the neighboring point [73].  These two corrections were found to increase the 

matching in the orientation maps without aggressively changing the collected data.      
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2.1 Abstract 

Grain growth of Cu and Ni thin films, subjected to in situ annealing within a transmission 

electron microscope, has been quantified using a precession-enhanced electron diffraction 

technique.  The orientation of each grain and its misorientation, with respect to its neighboring 

grains, were calculated. The Cu underwent grain growth that maintained a monomodal grain size 

distribution, with its low angle grain boundaries being consumed, and the Ni exhibited grain 

growth in stages from normal-to-abnormal-to-‘normal’. The onset of Ni’s abnormal grain growth 

was accompanied by a sharp increase in the Σ3 and Σ9 boundary fractions, which is attributed to 

simulation predictions of their increased mobility. These Σ3 and Σ9 fractions then dropped to 
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their room temperature values during the third stage of grain growth. In addition to the Σ3 and Σ9 

boundaries, the Σ5 and Σ7 boundaries also underwent an increase in total boundary fraction with 

increasing temperature in both metals.   

 

 

2.2 Introduction 

The strength, toughness, corrosion resistance, electrical properties, and optical properties 

of nanocrystalline materials are frequently grain size dependent [1-3].  For example, the bulk 

properties of polycrystalline materials can be significantly improved by controlling the grain 

size, the grain boundary character distribution, and the grain boundary connectivity [4].  The 

stability of these properties is of concern, since these fine grain sizes are associated with an 

inherently high driving force to coarsen [1, 2, 5].  Extending the processing and application of 

these fine grain materials requires validation of modeling predictions.  Elucidating 

microstructural evolution is currently one of the central tasks of materials science [3, 5, 6].   

Examples of microstructural instability in nanocrystalline metals include abnormal grain 

growth at low temperatures [7] as well as abnormal grain growth under cyclic loads [8].  Since 

grain boundary properties, such as energy and mobility, play a key role in determining the 

growth of grains, there has been a long-standing interest in these topics.  Recent microstructural 

modeling that explicitly includes the variation of boundary properties with boundary type [9-13] 

has drawn even more interest to the topic. These studies utilize simple models for the variation in 

boundary properties with macroscopic boundary geometry, and they would benefit greatly from 

a more complete description of the property variations. 
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The conventional concept of grain growth, derived from coarse-grained polycrystalline 

studies [14] is that the process is driven by the reduction of the total grain boundary area in the 

material. The underlying mechanism involves curvature-driven grain boundary migration, where 

the motion of the grain boundaries is towards the center of their curvature [6, 11]. Normal grain 

growth occurs continuously, with grain boundary migration distributed uniformly over the 

interfacial network.  This allows the grain size distribution to undergo self-similar growth 

behavior [15-17]. Normal grain growth occurs when there are no opposing energies to curvature 

driven growth.  This description leads to a simple relationship between the grain boundary 

migration velocity, V, the interface mobility, M, and the driving force, P(V) [6]. Alternatively, 

abnormal grain growth may occur when the coarsening of some grains is suppressed or 

augmented by a variety of effects, such as grain boundary grooving, precipitate drag, significant 

distribution of grain boundary energies, and substrate interactions [15-17].  This causes the 

growth of a specific orientation to be favored, typically a low-energy, high-symmetry plane. 

The microstructural instabilities of nanocrystalline metals have been observed through 

grain growth, including abnormal grain growth, at temperatures below 600 K in Au [18-20], Cu 

[19], Pd [21], and Ni [22].  Previous observations of abnormal grain growth have been attributed 

to the initial microstructure, including the distribution of grain sizes, misorientations, grain 

boundary energies and mobilities, triple junction mobilities, impurities, microstrains, and 

topological features such as curvature and the number of boundary faces [23, 24].   In addition, 

for films, the formation of grooves at grain boundaries has been noted to occur, and to contribute 

to the stagnation of grain growth.  This was noted as early as 1956 by Mullins, who also noted 

that a grain with a low surface energy must avoid trapping of its boundaries by groove formation, 

leading to abnormal grain growth.  This idea has since been elaborated on in the thin film grain 
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growth field and extended to include grains favored by strain energy minimization.  To date, 

there has been considerable theoretical attention on abnormal grain growth [25, 26].  Most 

models propose that the initial grain size distribution is not uniform, but contains at least one 

large grain [27].  The models analyze possible growth mechanisms based on this large grain.  

Recently, Rios [24, 28] found that abnormal grain growth can occur, even when a uniform grain 

size distribution is present if grain growth is restricted by a pinning force. 

While there is some understanding of how boundary properties vary, the variation of 

boundary properties has not yet been fully elucidated [29, 30]. A number of experimental and 

theoretical studies in the past decade have shown that polycrystalline materials develop an 

anisotropic grain boundary character distribution (GBCD) during grain growth [31, 32]. Results 

from experiment and simulation suggest there is an inverse relationship between the relative 

energy of a grain boundary and its total area in the polycrystal. While it is not possible to 

measure the frequency with which boundaries are eliminated, it is possible to determine which 

grain boundaries are shrinking and which are growing.  Holm et al. [32] found, through atomistic 

modeling, that the boundary structure is the dominant influence on boundary energy for materials 

with the same crystal structure. For some boundaries, they observed a large number of 

configurations that minimize to approximately the same low-energy value [32]. Low-energy 

boundaries, such as low coincidence site lattice (CSL) boundaries, are more likely to grow [31].  

Theoretical models for the misorientation distribution function predict that the population 

of special grain boundaries in polycrystals ranges from 20 to 60% [33]. Such a large fraction of 

special boundaries is rationalized by the annealing textures and existence of local clusters of 

special boundaries as discussed by Ralph and Randle [34]. Despite the numerous computational 

and experimental studies referenced above, very little of the actual grain boundary migration is 
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understood.  In large part, this is because of difficulty in observing grain boundary migration.  

Typically, migration is inferred by characterizing the change in microstructure after annealing 

treatments.  This study implements a step-wise annealing schedule so the motion of individual 

grain boundaries can be tracked as the grain boundaries evolved during annealing. This	  allows	  

the	  tracking	  of	  not	  only	  the	  grain	  size,	  but	  also	  the	  evolution	  of	  specific	  boundary	  types	  and	  

the	  overall	  texture	  of	  the	  film	  as	  it	  responds	  to	  the	  increase	  in	  temperature. 	  

Previous experimental studies [35, 36] on grain boundary character distributions in low 

stacking fault energy (SFE) face-centered cubic (FCC) materials found that the distribution of 

coincidence site lattice (CSL) boundaries show a strong prevalence of Σ3n	  (where	  n	  =	  1,2,3)	  

boundaries.	  	  As	  for	  FCC	  metals,	  there	  have	  been	  several	  computational	  studies	  [37,	  38]	  

investigating	  the	  structure	  and	  energy	  of	  grain	  boundaries.	  The	  evolution	  of	  the	  CSL	  

boundary	  distributions	  has	  been	  found	  to	  be	  influenced	  by	  the	  processing	  conditions	  [39]	  

and	  has	  been	  discussed	  in	  terms	  of	  the	  relative	  contributions	  of	  both	  the	  kinetic	  and	  

geometric	  influences	  [40].	  	  The	  main	  objective	  of	  this	  study	  is	  to	  experimentally	  assess	  the	  

relative	  proportions	  of	  low-‐ Σ	  CSL	  boundaries	  in	  FCC	  metals	  to	  elucidate	  the	  role	  of	  special	  

boundaries	  in	  microstructural	  evolution. 

The designed study is unique in that we are able to determine the specific orientation of 

each grain, as well as the misorientation across each grain boundary.  To date, the nanoscale size 

regime of grain growth has not been systematically studied because of the limitations of scanning 

electron microscopy (SEM) electron backscatter diffraction (EBSD) techniques when 

quantifying <50 nm grains.  This is because the spatial resolution of traditional EBSD scans is 

governed by the SEM electron optics. This work uses precession-enhanced diffraction 

orientation analysis for the transmission electron microscope (TEM) to generate pseudo-
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kinematic electron diffraction conditions, allowing grain orientations to be captured to sizes 

approaching 5 nm.  This allows the program to probe a length scale an order of magnitude 

smaller to elucidate how grain type (special boundaries, twins, or high angle boundaries) in 

nanocrystalline Cu and Ni contributes and evolves during grain growth.	   

Nanocrystalline	  thin	  films	  are	  optimal	  to	  investigate	  these	  outstanding	  questions	  

because	  of	  their	  high	  grain	  boundary	  curvature	  and	  they	  possess	  a	  high	  surface	  area-‐to-‐

volume	  ratio.	  Normal grain growth usually ceases when the grain size becomes comparable to 

the smallest specimen dimension, in this case the thickness of the thin film [11]. Because	  of	  this,	  

the	  grain	  boundary	  energies	  will	  dominate	  the	  growth	  mechanisms	  since	  some	  grains	  will	  

grow	  quickly	  to	  reach a diameter that is much larger than the film thickness. Hence, the 

majority of the grain growth will be two-dimensional [41].  

 

2.3 Experimental 

 Nanocrystalline Cu and Ni films were sputter deposited in an AJA ATC-1500 stainless 

steel magnetron-sputtering system with an approximate thickness of 45 nm onto 100 nm thick 

DuraSiNTM substrates.  These two materials were chosen because of the similarities in their 

crystal structures, lattice parameters, melting temperatures, and stacking fault energies, as 

tabulated in Table 1.  This allows for comparison of grain growth behavior independent of such 

material dependent variations. The deposited film thickness was selected because it allowed the 

films to be electron transparent without any further preparation methods. Fiducial markers were 

then focused ion beam (FIB) milled into the films using an FEI Quanta dual-beam FIB, so that 

any thermal drift could be corrected within the TEM.  This ensured the same 4 x 4 μm region of 

interest (ROI) was captured at each temperature step, by resetting the stage to the correct  
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Table 2.1. Selected material properties for metals studied [56, 57] 

Material Crystal 
structure 

Tm 
(oC) 

SFE 
(mJ/m2) 

Cu FCC 1084 70-78 
Ni FCC 1455 90 
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location.  Since the desired ROI was 4 x 4 μm, the fiducial markers were placed at 20 x 20 μm as 

to make certain that no edge effects from the markers were present near the grains of interest.  

The temperature schedule, determined from previous experimentation, was ambient (30 °C), 250 

°C, 400 °C, 450 °C, 500 °C, 550 °C, and 600 °C. Significant grain growth initiated at 400oC such 

that lower temperature scans were not required.   

To achieve these temperatures an in situ Gatan 652 double-tilt heating holder was utilized 

within an FEI Tecnai F20 Supertwin TEM operated at 200 keV.  As described by Hattar et al. 

[42], the temperature of the Gatan heating stages are accurate to within a few degrees, but there 

is some uncertainty about the actual temperature of the area being examined since it is not in 

intimate contact with the heating element. In order to perform the precession-enhanced electron 

diffraction, the NanoMEGAS ASTAR platform was used.  The details of how the nanoMEGAS 

platform produces an orientation map can be found in reference [19]. The precession-enhanced 

diffraction-based orientation analysis was utilized with a 1o angle of precession with a scanning 

step size of 10 nm.  As described by Hau-Riege and Thompson [43], the electron beam was 

averted from the sample at the end of the scan by closing the column valve, which minimized the 

beam effects on possible crystallographic transformations. In order to avoid thermally-induced 

drifting during the orientation mapping, the films were heated to and held at the desired 

temperature for 40 minutes to allow for grain growth, then cooled back to ambient temperature 

by turning off the heating source and allowing the stage to equilibrate.  This nominally took 

about 30-45 minutes, depending on the peak temperature.  In previous research [44], grain 

growth appeared to be complete after about 15 minutes of annealing, so the selected annealing 

time of 40 minutes is considered to be a sufficient amount of time to allow for grain growth.  
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After the orientation scans were collected, the data was converted for analysis using TSL 

OIM Analysis 5 software.  The data was optimized using the Grain Dilation and Neighbor CI 

Correlation corrections. After optimization, the orientation of each of the grains, the 

misorientation distribution, and the CSL boundary fraction using Brandon’s criterion [45] were 

calculated.   

 

2.4 Results 

Figures 1 and 2 are the orientation maps collected at each of the seven annealing 

temperatures outlined above (30, 250, 400, 450, 500, 550, and 600 °C) for Cu and Ni 

respectively.  Each map shows the same ROI allowing individual grains to be tracked. At 30°C, 

the film consisted of equiaxed nanocrystalline grains with a primarily {101} orientation, as seen 

in Figure 1(a) and 2(a).  As the annealing temperature increased, the grain size was found to 

increase, Figures 1(b)-(g) and 2(b)-(g), and the orientation of the individual grains shifted.   

The orientation maps of the in situ Ni annealing experiment are presented in Figure 2.  

Starting at 250°C (Figure 2b), it is seen that a few grains, with a common near {001} orientation, 

start to grow much larger than the surrounding matrix grains.  At 400 (Figure 2c) and 450°C 

(Figure 2d), these larger grains continue to grow much larger than the surrounding grains, 

although they also begin to grow.  At the higher temperatures, 500 (Figure 2e), 550 (Figure 2f), 

and 600°C (Figure 2g), the boundaries of the large grains transition from faceted edges to rough 

and irregular edges. 

To qualitatively view the texture evolution of the Cu and Ni films, the area fraction of 

{001}, {101}, and {111} grains are plotted as a function of homologous temperature (T/Tm) in 

Figures 3(a) –(c), respectively. After sputter-deposition, both the Cu and the Ni consisted almost  
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Figure 2.1. Evolution of Cu microstructure during annealing a) 30 oC   b) 250 oC   c) 400 oC     

d) 450 oC   e) 500 oC   f) 550 oC   g) 600 oC   h) Inverse Pole Figure. Each box is 4µm x 4µm.                
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Figure 2.2. Evolution of Ni microstructure during annealing (a) 30 oC   b) 250 oC   c) 400 oC     

d) 450 oC   e) 500 oC   f) 550 oC   g) 600 oC   h) Inverse Pole Figure. Each box is 4µm x 4µm.             
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Figure 2.3. Texture evolution with temperature for the (a) {001}   (b) {101} and   (c) {111} 

orientations 
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entirely of grains with a {101} orientation.  The Cu film exhibited a steady drop in the area 

fraction of {101} grains as grain growth progressed.  At a homologous temperature of about 0.6, 

it had reached a minimum and remained steady for the remainder of the experiment.  The area 

fraction of the {111} grains in the Cu grew sharply during the annealing, with most of the 

growth occurring before a homologous temperature of 0.5.  The {001} grains also underwent 

growth during the initial stages, with the area fraction remaining relatively constant after a 

homologous temperature of about 0.5.   

As the Ni film was annealed, there was a measured drop in the area fraction of the {101} 

grains.  It was a sharp drop up to a homologous temperature of about 0.4, Figure 3(b).  Then, the 

area fraction of {101} grains slowly began to rise throughout the rest of the annealing 

temperatures.  While the {101} grains were consumed, there was an increase in the area fraction 

of the {001} grains, Figure 3(a), up until a homologous temperature of 0.4.  After this point, the 

area fraction of the {001} grains remained relatively constant.  The same type of growth was 

observed in the {111} grains, Figure 3(c), with the expansion in area fraction occurring initially 

with relatively no texture evolution occurring after a homologous temperature of about 0.4. 

Quantitatively, this evolution of grain sizes in Cu and Ni, as a function of annealing 

temperature, is plotted on the graphs presented in Figure 4(a)-(b), respectively. It can be seen in 

Cu that initially there is a narrow distribution of grain sizes, indicative of the steep slope on the 

cumulative area fraction plot of Figure 4(a).  As the annealing temperature reached 400°C, and 

higher, the curves became less steep, although the formation of ‘ledges’ in the curve is never 

observed.  

In contrast, the Ni cumulative area fraction plot, Figure 4(b), shows some dramatic 

differences compared to Cu’s plot in Figure 4(a). It can be seen that after annealing at 250°C, the  
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Figure 2.4. Cumulative area fractions for different grain sizes as a function of temperature for 

(a) Cu and (b) Ni 
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curvature of the cumulative area plot deviates from that of the initial grain size distribution.  

Next, the distribution of grain sizes between 400 and 450°C continues to change evident by the 

modulated slope, indicated by the arrow in Figure 4(b).  This modulation at these two 

temperature steps is indicative of abnormal grain growth. After the 500, 550, and 600°C 

annealing steps, the grain size distribution is once again monomodal, indicative of a different 

mode of grain growth behavior, evident by the continuous nature of these curves with no abrupt 

slope modulations.   

Since Cu and Ni have similar intrinsic material properties, Table 1, the observed 

difference in grain growth behavior must be linked to another material property. To provide 

quantitative understanding of this phenomenon, the characteristic nature of the grain boundary 

evolution is tracked.  The character of the grain boundaries was determined by their 

misorientation across each grain.  By applying Brandon’s criterion [45], these misorientations 

were analyzed to determine the presence of CSL boundaries, since they have been reported to 

have special properties [12, 13, 17, 18, 32].  

The dependence of the CSL boundary evolution on the homologous temperature is 

plotted in Figure 5.  Figure 5(a) presents the evolution of the low angle boundaries (< 15 o) 

during the annealing experiments.  The Cu, which exhibited only grain growth with no abrupt 

shape modulations in the cumulative grain size distribution plot, exhibits a drop in the low angle 

boundary (Σ1) fraction at 400oC or a homologous temperature of about 0.5.  Interestingly, the Ni 

film does not show any decrease in the low angle boundary fraction.  This may be contributed to 

the peak annealing temperature being 600oC.  Temperatures in excess of this value resulted in 

delamination of the film.  
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Figure 2.5. Coincidence site lattice boundaries as a function of the homologous temperature a) 

Σ1   b) Σ3   c) Σ5   d) Σ7   e) Σ9   f) Σ11 
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During the grain growth in Cu, there was a continual increase in Σ3 boundary fraction, 

Figure 5(b).  For the abnormal grain growth behavior observed in Ni, there is a measured 

increase in the Σ3 boundary fraction only at the temperatures where a bimodal grain size 

distribution was present, Figure 4(b).  This was at a homologous temperature of about 0.4. 

Both the Σ5 and Σ7 boundaries, Figures 5(c)-(d), seem to scale together as the annealing 

progressed.  For the Cu, both CSLs increase sharply up to a homologous temperature of about 

0.4, at which point, they remain relatively constant. In the Ni film, the Σ5 and Σ7 boundary 

fractions increased from the ambient temperature state to a maximum value at a homologous 

temperature of about 0.3.  They then stayed at their maximum boundary fraction while abnormal 

grain growth occurred and begin to slowly decrease after a monomodal grain size distribution, 

Figure 4(b), was once again present.   

The Σ9 boundary fraction evolution with temperature, shown in Figure 5(e), shows a 

marked difference between Cu and Ni. Cu exhibited a Σ9 boundary fraction evolution that 

showed a slow-onset increase as the grain size evolved where as Ni showed a spike at the onset 

of abnormal grain growth. After Ni’s abnormal grain growth completed, and a monomodal grain 

size distribution was once again observed, the Σ9 boundary fraction returned to its original, 

ambient temperature value.  

The Cu exhibits a relatively constant Σ11 boundary fraction, Figure 5(f), over all of the 

temperature steps.  In the Ni film, there is an increase in Σ11 boundary fraction at a homologous 

temperature of 0.4, which is the onset of abnormal grain growth.  When the Ni grain size 

distribution returned to a monomodal state, at a homologous temperature of about 0.5, the Σ11 

boundary fraction still continued to increase. This differs from Ni’s Σ3, Σ5, Σ7, and Σ9 
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observations which all underwent a reduction after the system returned to a state with a 

monomodal grain size distribution.   

  

2.5 Discussion 

The results of the CSL evolutions in the Cu film are in agreement with results seen in the 

simulations performed by Janssens et al. [46].  They predicted that the mobility of low-angle 

grain boundaries (Σ1) rapidly drops.  Holm et al. [47] also explained that there is no mechanism 

to preserve low energy boundaries at the expense of high-angle boundaries.  In this study, the 

low angle grain boundary fraction for Cu decreased as the higher-angle CSL boundaries 

experienced a growth in boundary fraction.  Additionally, Janssens et al. [46] presented that the 

near-Σ7 40° boundary has an anomalously high mobility and that grain boundaries with the Σ3 

type misorientation also possess a very high mobility [47]. Among the Σ3 boundaries identified 

in the Cu film, many are thermal twins created during annealing. These twin boundaries allowed 

for a mode of grain growth, which maintained a monomodal grain size distribution because of 

their high mobility and relatively low boundary energies [23, 25, 48]. The twin boundaries are 

identified by the red boundaries (primary recrystallization twins) and blue boundaries (secondary 

recrystallization twins) within the ROI at 400, 500, and 600°C in Figures 6(a)-(c), respectively.  

In polycrystals with many Σ3 boundaries, there is a tendency for Σ3 boundaries to form 

Σ3-Σ3-Σ9 triple junctions [49], so it is reasonable to expect that the Σ9 boundary fraction would 

scale with the Σ3 boundary fraction, as observed in these experiments.  The Σ3 and Σ7 

boundaries in Cu experienced the most growth during the grain boundary evolution which 

supports previous simulations that these CSLs have high mobilites [31, 32, 48, 49]. 
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Figure 2.6. Twin boundary evolution in Cu at   a) 400   b) 500   and c) 600. The top images are 

orientation maps and the bottom images are image quality maps with the primary twin boundary 

(red) and secondary twin boundary (blue) outlined. Each box is 1µm x 1µm 
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It had been reported [2,50] that nanocrystalline Ni undergoes a multi-staged sequence of 

abnormal-to-normal-to-abnormal grain growth during isothermal annealing. In similar studies 

[45,51] Ni’s microstructure developed in an erratic manner, characteristic of abnormal grain 

growth. These types of observations were confirmed in this study.  As shown in the orientation 

maps in Figure 2, as well as the grain size distribution plot in Figure 4(b), abnormal grain growth 

was evident after the 400°C anneal.  There were a few grains that grew to a size much larger than 

the surrounding matrix grains. Most of these grains were oriented in the {100} direction. Three 

of these grains are labeled 1, 2, and 3 within Figure 2. This abnormal grain growth continued 

through the 450°C anneal, where these {100} grains continued to grow much larger than the 

matrix nanograins around them. After 500°C, these large grains evolved in a different manner, 

where the grain size distribution was observed to be monomodal, observed in the cumulative 

grain size plot in Figure 4(b).  At 550 and 600°C, this new stage of grain growth continued 

dominate.  The Ni underwent a normal-to-abnormal-to-‘normal’ growth pattern suggesting that 

abnormal growth is not a continuous event.  During the third stage of grain growth, the 

boundaries of the large grains, including grains 1, 2, and 3, became curved in a ‘horse-shoe 

shape’ and de-faceted.  

Zhang et al. [52] reported that in {100} and {111} orientations the in-plane stresses were 

approximately equal for FCC symmetries, which is not the case for other orientations [52].  

Additionally, the {100} oriented grains have the lowest strain energy [52]. Consequently, the 

abnormal growth of {100} oriented grains, and the change in texture from {101} to {100} after 

annealing, may be driven for the minimization of strain energy [52]. This orientation change is 

much more drastic in the Ni film compared to the Cu film, Figure 3(a). The most substantial 

texture change observed in the Cu can be seen in the {111}, Figure 3(c).  Initially, the area 
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fraction of grains exhibiting a {111} orientation was almost non-existent, and this fraction 

increased almost three orders of magnitude.  This is likely due to a significant contribution of 

surface energy minimization on the driving force for the grains to grow. Since abnormal grain 

growth can occur in specimens without sharp crystallographic textures, the bulk texture cannot 

solely drive the onset of abnormal grain growth. 

As was previously reported for Ni [36], grain boundaries in large columnar grains 

became curved at numerous locations. A coalescence-type mechanism may be responsible for 

the initiation of abnormal grain growth in nanocrystalline Ni [53]. It is conceivable that a rotation 

mechanism could dominate during the initiation of abnormal grain growth, while a migration 

mechanism dominates once a large enough size advantage is achieved for the abnormally 

growing grains [45]. Uniform grain boundary energies would lead to grain boundary curvature as 

the driving force for grain growth, which would result in uniform expansion along all portions of 

the grain boundary [54]. Variations in grain boundary energy can account for the irregular 

shaped morphology of grains as well as the tendency for growth to sometimes progress from one 

location, stop, and begin at a different location [54]. When variability of grain boundary energy 

is factored in, the growth follows a more irregular path as the best means to minimize the total 

energy in the system [54].  

To further quantify these different grain growth behaviors, the evolution of the CSL 

boundaries provides some insight. During Cu’s grain growth, the grain size starts to evolve at 

400 oC, and there is a decrease in the low angle boundary fraction at that point, Figure 5(a).  

Simultaneously, there is a sharp increase in the fraction of Σ3, Σ5, and Σ7 boundaries, Figures 

5(b)-(d), respectively.  For the abnormal grain growth observed for Ni, there is no loss of low 

angle grain boundary fraction as the grain evolution progresses, also evident in Figure 5(a).  For 
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Ni, after the onset of abnormal grain growth at 400°C, there is a significant increase in the 

fraction of Σ3, Σ5, Σ7, and Σ9 boundaries, shown in Figures 5(b)-(e), respectively.  After 450oC, 

there is a dramatic drop in the boundary fraction in Σ3 and Σ9 and gradual decrease in Σ5 and 

Σ7when the monomodal grain size distribution was once again observed.  

This increase is attributed to the high mobility of these special boundaries [9, 37, 46, 55].  

The boundaries begin to undergo an expansion which facilitates the growth of a few grains.  

When these boundaries reach the surface, which is relatively easy because of the thin film 

geometry, they essentially grow out of the system, and as such no longer contribute to grain 

growth.  At this point, the system returns to a monomodal grain size distribution and the CSL 

boundary fractions begin to return to their original, ambient temperature states.  To investigate 

this concept of boundaries growing out of the sample, the morphology of a single abnormally 

growing grain is tracked against its neighbors at 250, 400, 450, and 500°C in Figure 7(a)-(d) in 

Ni.   

In Figure 7(a), the grain (indicated by the arrow) in the center of the orientation map is of 

an {001} orientation with a {111} orientation grain growing through it.  In the CSL map on the 

bottom of Figure 7(a), a network of Σ3 and Σ9 boundaries separating the two grains is plotted.  

After the Ni film was annealed at 400°C, Figure 7(b), the {001} orientation begins to dominate 

based its coverage fraction, and the {111} orientation consumed.  In the CSL map on the bottom 

of Figure 7(b), the Σ9 boundary has dissipated from the grain while the Σ3 boundary is found 

separating the two grains.  In Figure 7(c), the same region is presented after the film was 

annealed to 450°C.  In this orientation map, the {001} orientation is still growing, while the 

{111} is continually being consumed.  The CSL map in the bottom of Figure 7(c) shows that the 

Σ3 boundary is migrating downwards.  At 500°C, Figure 7(d), it can be seen that the {001}  
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Figure 2.7. Evolution of Ni grains at various temperatures. a) 250 oC   b) 400 oC   c) 450 oC   d) 

500 oC . The top images are orientation maps and the bottom images are image quality maps with 

the CSL boundary type labeled. Each box is 1µm x 1µm 
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orientation has nearly completed consuming the {111} orientated grain.  In the CSL map on the 

bottom of Figure 7(d), the Σ3 boundary length is significantly decreased compared to the 

previous plots in Figure 7(b)-(c). The loss of the Σ3 boundary length is suggestive that its high 

mobility allowed for the abnormal growth of this grain. The loss of this fast moving boundary 

caused the system to return to a more normal state of grain growth.   

  

2.6 Conclusion 

The current study has tracked grain morphology, boundary character, and grain 

orientation for a series of Cu and Ni films annealed up to 600oC.  The Cu grains consumed the 

low angle grain boundaries with increases in the boundary fraction of Σ3, Σ5, Σ7, and Σ9 during 

grain growth that led to a monomodal grain size distribution. Alternatively, Ni was found to 

undergo normal-to-abnormal-to-‘normal’ grain growth. The onset of abnormal grain growth 

resulted in no significant reduction of low angle boundaries but increases in the Σ3, Σ5, Σ7, Σ9, 

and Σ11 boundary fractions and a texture evolution from {101} to {001}. The Σ3 and Σ9 

boundaries peaked together during the abnormal grain growth stage. There coincident behavior is 

contributed to twin boundaries.  Once abnormal grain growth concluded the fraction of Σ3 and 

Σ9 boundaries returned to ambient temperature fraction values. This is contributed to these CSL 

boundaries possessing a high mobility allowing them to grow out of the system.  It is concluded 

that strain energy minimization, i.e. texture evolution, surface energy minimization, and grain 

boundary mobility contribute to the onset of abnormal grain growth in the Ni film. The results of 

this work provide experimental validation of prior simulation work on the mobilities of 

boundaries and which may be contributing to abnormal grain growth.  
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3.1 Abstract 

A sputter-deposited Cu80Ni20 solid solution film was heated in situ using a step-wise annealing 

schedule within a transmission electron microscope to observe the grain boundary character 

evolution associated with grain growth.  The grain size distribution broadened with increasing 

temperature with a corresponding increase in the Σ9 boundary fraction.  Particular grains grew at 

a faster rate than others, as compared to a Cu film, and is attributed to Ni segregation to the grain 

boundaries. 
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3.2 Introduction 

Nanocrystalline metals are of interest for a variety of technological applications because 

of their grain size dependent mechanical [1,2], electrical [3], magnetic [4] and corrosion [5] 

properties.  An inherent feature of nanocrystalline structures is the high fraction of grain 

boundaries within a given volume as compared to coarser grain materials. This increase in grain 

boundary fraction contributes to excess energy, which can result in grain growth at modest 

homologous temperatures [6-9].  In particular, when specific grains grow at a faster rate than 

their surrounding grains, referred to as abnormal grain growth, it has been shown to have 

detrimental effects on properties, such as mechanical fatigue life [8].  The origins of abnormal 

grain growth, particularly for single phase materials, are still a matter of much interest and 

research without a clear understanding of the governing mechanisms [10].  It is likely that grain 

boundary energies and their mobilities contribute to specific boundaries moving faster than 

others thereby allowing certain grains to grow preferentially. 

Since such structural instability limits the application of nanocrystalline metals, 

researchers have attempted to stabilize these smaller grains.  A mechanism proposed for 

improving the stability involves the reduction of grain boundary energy through the segregation 

of solute atoms to grain boundaries [11, 12, 13]. At elevated temperatures, the segregation of 

these solute atoms through alloying has been reported to minimize  grain growth [14, 15, 16, 17]. 

Consequently, alloying can be used to extend the temperature range at which nanocrystalline 

structures could be preserved [13].  

Thermal stability has often been associated with kinetic phenomena, where the addition 

of an alloying element decreases the grain boundary velocity. The structural stability may also be 
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enhanced by the preferential segregation of the solute to the grain boundary reducing the 

thermodynamic grain boundary energy [11, 13, 18, 19]. With this reduction in grain boundary 

energy, the driving force correspondingly would decrease. Specifically, Kim and Park [20] 

simulated grain boundary kinetics in terms of the segregation of solute atoms to the grain 

boundaries. They reported that when the driving force was small, the grain boundary velocity 

was low, allowing solute atoms to diffuse with the moving boundary.  In this regime, migration 

kinetics are governed by solute diffusion near the grain boundary [20].  As the driving force 

increases, solute atoms gradually resist grain boundary motion, resulting from the increased grain 

boundary velocity [21].  To date, there have been limited experimental studies that have 

quantified the grain boundary evolution during grain growth for an alloyed material where such 

effects may occur.   

The authors recently published a comparison between Cu and Ni grain growth [22]. The 

microstructural evolution for these thin films was characterized by quantifying the change in 

grain size, grain morphology, and grain-to-grain misorientation using precession-enhanced 

electron diffraction (PED).  The Cu film exhibited grain growth which maintained a monomodal 

grain size distribution. This growth was accompanied by a consumption of the low-angle grain 

boundaries and an increase in the Σ3, Σ5, and Σ7 coincidence site lattice (CSL) boundary 

fractions.  The Ni film underwent transitions from monomodal-to-bimodal-to-monomodal grain 

size distributions [22].  The onset of the bimodal grain size distribution was accompanied by an 

increase in the Σ3 and Σ9 boundary fractions [22]. When these CSL boundaries were reduced in 

length, the grain size distribution returned to a monomodal growth state indicating their 

importance in the irregular grain size evolution.   Clearly, these two face-centered cubic metals 

(FCC) exhibit different grain growth characteristics.   
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The Cu-Ni alloy provides an interesting case study, since each pure film exhibits different 

grain growth behaviors. Additionally, both Cu and Ni have mutual solid solubility, retaining the 

single-phase FCC structure. Surface segregation has been intensively studied for CuNi [23, 24] 

because of its importance in catalysis, with evidence that Ni segregates to grain boundaries for 

Cu-rich alloys. [25]. Consequently, such preferential Ni segregation to the grain boundaries of 

Cu could alter the self-similar grain evolution in Cu.  In this study, a co-sputtered Cu80Ni20 film 

was subjected to a similar annealing schedule as that previously reported for the Cu and Ni films 

[22].  Since the behavior of the two metal films, in their pure state, is known, the influence of 

alloying can be inferred from the experimental results and can provide new insights into how 

grain boundary character is influenced with solute alloying. 

 

3.3 Experimental 

 Alloyed nanocrystalline thin films of Cu and Ni with an approximate composition of 

Cu80Ni20 were sputter deposited in an AJA ATC-1500 stainless steel magnetron-sputtering 

system to an approximate thickness of 45 nm onto 100 nm thick DuraSiNTM substrates. The 

deposited film thickness allowed for electron transparency without further preparation.  Fiducial 

markers were focused ion beam (FIB) milled into the film using an FEI Quanta dual-beam FIB. 

These markers allowed for correct repositioning of the 1 x 1 µm region of interest (ROI) after 

each heating experiment to ensure that the same boundaries in the ROI were tracked. The 

fiducial markers were placed at a distance of 20 x 20 µm from the ROI to make certain there 

were no edge effects from the markers themselves influencing the grain growth behavior. The 

film’s composition was then verified using energy dispersive spectroscopy (EDS) within the 

transmission electron microscope (TEM).  To anneal the films in situ, a Gatan 652 double-tilt 
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heating holder was utilized in the FEI Tecnai Supertwin TEM operated at 200 keV. As described 

by Hattar et al. [26], the temperature of the Gatan heating stages is accurate within a few 

degrees. The temperature schedule, determined from previous experimentation, was ambient (30 

oC), 250 oC, 400 oC, 500 oC, and 600 oC. 

PED was then employed with a 1o angle of precession and a scanning step size of 10 nm 

to determine the grain morphology, the grain size, and the grain-to-grain misorientation. The 

details of how the nanoMEGAS ASTAR platform produces a PED orientation map can be found 

in reference [27]. In order to avoid thermally-induced drifting during the orientation mapping, 

the films were heated to and held at the desired temperature for ~40 minutes to allow for grain 

growth, then cooled back to ambient temperature by turning off the heating source and allowing 

the stage to equilibrate before performing the PED scan. In previous research [28], grain growth 

appeared to be complete after about 15 minutes of annealing, so the selected annealing time of 

40 minutes is considered to be sufficient to allow for grain growth. 

 

3.4 Results 

 Figures 1(a-e) present the orientation maps collected at the five annealing temperatures: 

30, 250, 400, 500, and 600 oC, respectively.  Each map shows the same ROI, allowing individual 

grains and grain boundaries to be tracked. In Figure 1(a), the film was mostly comprised of 

{101} orientated grains, with a minor fraction of randomly orientated grains near the  

orientation.  As the annealing experiment progressed, these  oriented grains underwent the 

most growth, with the {101} grains being consumed in the process.  After the 600 oC anneal, 

Figure 1(e), these  oriented grains had grown significantly larger than the surrounding 

grains.  
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Figure 3.1. PED orientation maps of a 1μm x 1μm region of interest at pre-determined 

temperatures (a) 30oC  (b) 250oC  (c) 400oC  (d) 500oC  (e) 600oC  and (f) inverse pole figure 
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The grain size distributions from each of the annealing temperatures are presented in Figure 2.  

Initially, more than 90% of the grains (by area) had a diameter less than 100 nm and 40% of the 

grains (by area) had a diameter less than 50 nm.  As annealing progressed, the grain size 

distribution significantly broadened, and the largest grains underwent significant growth.  After 

the 600 oC anneal, 40% of the grains (by area) had diameters less than 75 nm, with 80% of the 

grains (by area) having a diameter measuring less than 175 nm.  There was a small subset of 

grains that grew to sizes larger than 500 nm in diameter.  

Initially, the grain size distribution was monomodal, with an average grain size of 34.8 ± 

15.2 nm.  After the 600 oC anneal, the average grain size increased to 41.2 ± 27.5 nm.  Though 

the grain size distribution has broadened significantly, with some of the largest grains being 

upwards of 500 nm, it is still considered to be a monomodal distribution since the standard 

deviation of the mean does not exceed twice that value [29].  The inability to clearly prove 

abnormal grain growth (bimodal distribution) may be a result that the number of counted grains 

decreases within the fixed ROI as the grains evolve.  

 To investigate the types of grain boundaries that developed during grain growth, the 

boundary fractions for specific low-Σ CSL boundaries (Σ1, Σ3, Σ5, Σ7, Σ9, and Σ11) were 

plotted against those previously observed in the Cu film [22], Figures 3(a-f), respectively. There 

was initially a much higher low-angle boundary fraction and a significantly lower Σ3 boundary 

fraction, Figures 3(a) and (b), respectively, between the pure and solid solution films.  As the 

annealing progressed, the low angle grain boundaries were consumed, similar to the previous Cu 

[22].  The fraction of Σ3 boundaries in the Cu80Ni20 alloy, however, was measured at an order of 

magnitude lower than in Cu.  This fraction increased until 400 oC, at which point the Σ3 

boundary fraction stayed relatively constant.  The fraction of Σ5 boundaries also increased, in a  
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Figure 3.2. Cumulative grain size distribution plot quantifying each of the annealing 

temperatures 
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Figure 3.3. The evolution of the CSL boundary fractions in Cu80Ni20 and Cu [6] as a function of 

the annealing temperature (a) Σ1  (b)	  Σ3	  	  (c)	  Σ5	  	  (d)	  Σ7	  	  (e)	  Σ9	  	  (f)	  Σ11	  	  	  
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very similar manner to that of the pure Cu film [22].  The discrepancy between the previously 

studied Cu [22] and the Cu80Ni20 alloy was in the Σ9 and Σ11 boundary fractions, Figure 3(e) 

and (f), respectively.  While the Σ9 fraction in the previous study [22] remained relatively 

constant, the Σ9 boundary fraction for the alloy increased by a factor of five.  The same increase 

was observed in the Σ11 boundary fraction, as well, while the Σ11 fraction decreased in the 

previously studied Cu film [22]. 

 

3.5 Discussion 

 It is clear from the results, significant differences in CSL boundary evolution occurred 

with the addition of Ni to the Cu thin film. After annealing at 600 oC, the Cu [22] grain size 

distribution was 57.1 ± 41.15 nm, as compared to the Cu80Ni20 being 41.2 ± 27.5 nm; the 

alloying actually decreased the average grain size and the standard deviation of the mean, 

although graphically, it can be seen that alloying widened the distribution and increased the size 

of the largest grains.  This lower mean grain size is attributed to the high fraction of small grains 

surrounding the larger  grains in the alloy.  This variation is attributed to the differences in 

CSL boundary fraction evolution, which is likely associated with changes in grain boundary 

mobility.  In Figure 3, the evolution of the CSL boundary fraction, as a function of annealing 

temperature, is presented, and in Figure 4(a-c), the PED orientation maps collected at 400, 500, 

and 600 oC, are presented with their corresponding CSL boundaries overlaid onto image quality 

maps.  

Three evolving  oriented grains are indicated by arrows in the center of Figures 4(a-

c).  These grains grow to a much larger size than the surrounding matrix grains in the orientation 

maps. At 400 oC, Figure 4(a), the three  grains are outlined by Σ9 boundaries, and there is a 
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Figure	  3.4.	  PED	  orientation	  maps	  and	  image	  quality	  maps	  with	  CSL	  boundaries	  overlaid	  at	  

(a)	  400oC  (b) 500oC  (c) 600oC 
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high density of low angle grain boundaries within the matrix. After annealing at 500 oC, Figure 

4(b), these larger grains are still outlined by Σ9 boundaries, which have expanded, and the 

density of the low angle grain boundaries in the matrix has decreased.  Finally, after annealing at 

600 oC, Figure 4(c), the  oriented grains have evolved to an even larger size, and the Σ9 

boundaries have continued to expand with the growth of these grains.  

Atomistic simulations of nanocrystalline Cu alloys have shown that structural 

stabilization is contingent upon the distribution and character of the solute atom, and a certain 

minimum concentration of solute is necessary for grain size stabilization [30-32].  In the 

Cu80Ni20 alloy investigated, the concentration of the solute within the alloy should be well above 

the required minimum needed for grain stabilization.  Unfortunately, there have been a limited 

number of studies to determine which CSL boundaries would be more preferable for solute 

segregation than others [33-35]. Most numerical studies arbitrarily place solute atoms at the grain 

boundaries to determine their effect on grain boundary energy [30-32, 36]. Divinski et al. [37] 

measured grain boundary diffusivity of Ni in polycrystalline Cu to quantify grain boundary 

segregation.  The results of Ni diffusivity around specific boundaries were also presented [37], 

and their results appear to contradict the general trend that special grain boundaries, with a low-Σ 

number, are represented by “cusps” in the angle dependence of grain boundary diffusivity.  

Divniski et al. [37] also found that the absolute values of Ni grain boundary diffusivity are 

significantly smaller than the grain boundary self-diffusion of Cu. The larger surface tension 

value of Ni, in comparison to that of Cu, forces Ni to occupy sub-interface sites and slows down 

the Ni grain boundary diffusivity. This could be especially relevant for a thin film geometry 

where surface effects, such as grooving, could occur.  
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Since Ni is known to segregate in a Cu-rich alloy [37], it is reasonable to expect that the 

solute segregation could be a function of boundary type.  Rapid grain boundary expansion was 

prevalent for the Σ9 boundary, and this is suggestive of the Ni solute atmosphere having little 

effect on the mobility of the Σ9 boundary. Consequently, a lower solute concentration at this 

boundary, relative to other boundaries, would reduce the solute drag effect [21]. This also 

suggests that solute drag can influence preferential grain growth under the specific circumstance 

in which a portion of the grain boundaries are allowed to break away from the solute atmosphere 

[20].  

Aust and Rutter [38-40] proposed an alternative explanation that specific CSL boundaries 

could be less influenced by the addition of solute atoms. They suggested that the solute atoms 

could increase the atomic packing for specific CSL boundaries, which would lead to lower 

interaction energy for the motion normal to the boundary. This would then result in a reduction 

in the transition velocity, thereby allowing boundaries to migrate further in the high boundary 

velocity regime as compared to non-CSL boundaries [38-40].  The measured boundary fraction 

of Σ9 in this study continued to increase at each of the annealing steps.  This is suggestive that 

the addition of Ni atoms allowed for the Σ9 boundary to possess a lower energy than the pure Cu 

film [22] previously studied.  

Lee and Richards [41] reported that the CSL density decreased in pure Ni with increasing 

grain growth. This was attributed to minimization of the solute-boundary interactions which 

inhibited the mobility in low-energy boundaries.  The conclusion of their work and the work of 

Schlegel et al. [42] was that annealing might increase the CSL boundary fraction in high-purity 

metals, while the CSL boundary fraction can be expected to decrease with grain growth in 

samples with impurities. In the experimental results of this paper, the boundary fractions of the 
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Σ3, Σ5, and Σ7 boundaries were considerably lower than those previously measured in Cu [22] 

and would be in agreement with conclusions discussed above. The only significant exception 

would be the Σ9 boundary, which increased in boundary fraction suggesting the influence of 

grain boundary segregation is more complex. The experimental results of this study provide 

forward feeding direction for future computational studies to focus on which specific CSL 

boundaries are affected by solute additions, so that the extent of Ni segregation on grain 

boundary energies and mobilities can be better elucidated.  

 

3.6 Conclusions 

 A sputter-deposited Cu80Ni20 thin film was annealed within a TEM in order to investigate 

the grain boundary character evolution associated with the observed grain growth.  The grain 

size distribution for the alloy film was much broader than the previously investigated Cu film 

[22]. In addition, alloying led to a preferential evolution of  orientated grains.  The 

boundary fraction of Σ9, for the alloy film, was a factor of five larger than the pure Cu film.  

Additionally, the Σ9 were also directly associated with the large  orientated grains. From 

these results and previous published models [30-32, 36,37], it is proposed  that the Ni additions 

occupied sub-interface sites as a result of Ni’s higher surface tension which impeded motion of 

other CSL boundaries (e.g. Σ3 and Σ7). Though solute segregation has been proposed as a means 

to stabilize nanocrystalline grain structures [13] and appears promising, solute preference to 

specific CSL boundaries can result in abnormalities in grain growth and lead to destabilization of 

the grain structure. Further work in determining the extent of solute segregation as a function of 

CSL boundary type is needed.   
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4.1 Abstract 

Nanocrystalline Cu thin-films with as-deposited Σ3 twin boundaries were indented while 

immersed in liquid nitrogen. Quantification using precession-enhanced electron diffraction 

determined the crystallographic texture and grain-to-grain misorientation of the undeformed, 

pile-up, and compressed regions. Grains in the undeformed region retained a high density of Σ3 

recrystallization twins whereas the pile-up showed significant coarsening, prevalent Σ7 subgrain 

formation and a decrease in twin boundaries. The abnormal grain growth is attributed to a 

detwinning mechanism. The compressed region showed significant grain refinement. 
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4.2 Introduction 

Classically, grain growth is considered to be the product of a driving force and intrinsic 

boundary mobility.  Driving forces originate from stored deformation energy, grain boundary 

energy, surface energy, elastic energy, or from a chemical and/or thermal gradient [1]. Boundary 

mobility refers to the kinetics necessary to allow the atoms to move in response to that driving 

force.  Lack of sufficient mobility and driving force prevents systems from achieving their 

lowest energy microstructural configuration.  Since mobility is thought to be related to atomic 

diffusion, temperatures of approximately one-half or higher of the homologous temperature (Tm) 

are usually required to observe substantial grain growth [2]. When the grain growth is self-

similar, it is referred to as normal growth. In some cases, a single grain or an aggregate of grains 

coarsen at a faster rate than others in the microstructure and is referred to as abnormal grain 

growth (AGG).  

As grain sizes approach the nanometer regime, they can exhibit peculiar grain growth 

behavior not observed in larger grains. For example, nanocrystalline metals have been shown to 

undergo both moderate, widespread coarsening as well as dramatic AGG as a result of 

monotonic tensile deformation [3], high cycle fatigue [4], low cycle fatigue [5], and indentation 

[6] at moderate (<0.5Tm) to low (<<0.5Tm) temperatures.  In the case of fine-grained Cu, samples 

that are simply left at room temperature have been shown to display abnormal coarsening [7].  

Zhang et al. [6] have reported transmission electron microscopy (TEM) studies where AGG at 

room temperature occurred under in situ indentation. In this report, the starting grain size was 40 

nm. After indentation, certain grains achieved sizes of nearly 300 nm. Even more surprising was 

a series of ex situ cryogenic indentations at -190°C where the grains grew up to 700 nm.  At 
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temperatures of a few hundred °C, typical boundary velocities for Cu are on the order of 10-9 m/s 

[1]; at -190°C one might expect grain boundary migration to occur only on geologic timescales.  

To date, the ability for grains to grow under cryogenic indentation, where low temperatures are 

insufficient for reasonable mobility, is not well understood.  

In this letter, a series of nanocrystalline copper films with a high density of twins have 

been subjected to indentation at liquid nitrogen temperatures. The films' grain boundary 

misorientations were quantified to understand which grain boundary types are present after 

cryogenic mechanically-induced grain growth.  These remnant grain boundaries could be either 

pre-existing from the parent grain structure or induced by indentation, such as subgrains or cell 

walls; they could be either active boundaries which are responsible for grain growth or static 

boundaries which impede grain growth.   

 

4.3 Experimental 

Copper films ~500 nm thick were grown by a pulsed laser deposition (PLD) technique 

onto a polished 0.5 mm thick silicon substrate.  The deposition was accomplished using a 

previously described setup [8] which has been upgraded with a 248 nm KrFeximer laser 

operating at 35 Hz and 500mJ.  The base pressure during deposition was 4*10-7 torr.  The 

deposition process led to columnar-type grains normal to the substrate with a high density of 

twin boundaries, oriented either horizontally or inclined to the substrate, as determined through 

TEM micrographs shown and discussed later in the letter.  This type of microstructure is 

described as 'nanotwinned'.  The twin-to-twin spacing was typically on the order of tens of 

nanometers.  X-ray diffraction (XRD) measurements confirmed that the film had a strong {111} 

and weak {200} out-of-plane texture intensities. 



 

68 
 

Cryogenic indentation of the Cu film was carried out using a custom-built immersion 

indenter, shown schematically in Figure 1a.  A sample is held in place by a spring loaded platen, 

visible in Figure 1a.  The hollow tube allows a long rod to raise and lower the carriage 

containing the Vickers indenter tip, attached to a lightweight shuttle (Figure 1b). The shuttle 

holds the indenter tip normal to the sample, as well as serving to support small cylindrical 

tungsten weights, which can be added to increase the normal force applied during indentation 

(Figure 1c).  For this experiment, additional weights were used to achieve 0.5 N normal force.  

The assembly was designed to operate either during immersion in a liquid cryogen or in air.  For 

this experiment, the sample was submerged in liquid nitrogen (LN2).   A 1 cm x 1cm film-on-

substrate sample was held in place by a spring-loaded platen, Figure 1b, after which the 

assembly head was submerged until rapid boiling of the LN2 ceased signifying that the indenter 

temperature had equilibrated with its environment.  The shuttle carriage was then lowered at a 

rate of approximately 0.08 mm/s until the indenter tip contacted the sample surface (Figure 1c) 

and held for 60 seconds. After 60 seconds of indentation, the tip was retracted and the sample 

was removed from the LN2 and allowed to warm by sitting at room temperature. 

Samples from the pre- and post- indention film were prepared for TEM analysis with a 

focused ion beam (FIB) milling and lift out procedure [9] using a FEI Quanta 3D dual beam FIB 

with an in situ Omniprobe lift out micromanipulator. For the post-indention sample, the site 

specific region was extracted such that the undeformed, pile-up, and compressed regions of the 

indent were captured in one foil. During the final milling steps, the acceleration voltage was 

reduced from 30 to 5 keV to reduce surface milling damage.  After the foil had been extracted 

and attached to a TEM grid, the TEM specimen was polished further using a Gatan Precision Ion 

Polishing System (PIPS) at 2.5keV, 1.0 mA, and an inclination angle of 8 degrees. This last step  
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Figure 4.1. Cross-section schematic showing (a) components of the indenter apparatus as well as 

the (b) unloaded and (c) loaded positions. Cylindrical weights and sample are not shown. 
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was found to significantly improve foil quality by removing any residual FIB damage, yielding 

crisp bright field and precession-enhanced diffraction patterns. Particular care in preparation 

minimized any possibility of ion beam induced effects on grain growth [9]. The localized nature 

of the indentation facilitated side-by-side comparison of the as-deposited and deformed grain 

structures. 

The TEM foils were analyzed in a FEI Tecnai F20 Supertwin TEM operating at an 

accelerating voltage of 200 kV and fitted with a NanoMEGAS© precession-enhanced diffraction 

orientation identification platform [10].  The NanoMEGAS platform generates pseudo-

kinematical electron diffraction conditions, which allows grain orientation to be measured at a 

spatial resolution of ~10 nm.  This facilitates the collection and analysis of not only grain size 

but also misorientation distributions.  The precession angle used was 1 degree at step sizes of 10 

nm. 

 

4.4 Results 

 The cross-sectional inverse	  pole	  figure	  orientation	  map	  of	  the	  undeformed	  film	  is	  

shown	  in	  Figure	  2b. A	  prevalence	  of	  Σ5	  boundaries	  and	  low-‐angle	  boundaries	  at	  the	  

substrate	  surface,	  where	  growth	  was	  initiated,	  is	  evident	  in	  the	  color	  trace	  map	  of	  

boundary	  type.	  	  The	  columnar	  grains	  from	  the	  initial	  growth	  surface	  are	  separated	  by	  these	  

series	  of	  low-‐angle	  grain	  boundaries,	  Figure	  2c.	  Within	  these	  columnar	  grains,	  Σ3	  twin	  

boundaries	  spanned	  the	  grains'	  diameters.	  Brandon’s	  criterion	  [11]	  was	  used	  to	  distinguish	  

the	  misorientation	  range	  of	  these	  coincident	  site	  lattice	  values.	  In	  Figure	  2d,	  the	  twins	  	  
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Figure 4.2. As-deposited nanotwinned Cu film in cross-section (a) TEM bright field image (b) 

inverse pole figure orientation map (c) image quality map with CSL boundaries highlighted (d) 

image quality map with twin boundaries highlighted in red 
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shown	  in	  red	  are	  the	  primary	  recrystallization	  twins	  with	  a	  plane	  normal	  of	  {111}	  and	  a	  

direction	  of	  <111>.	  	  	  

After cryogenic indentation, a complimentary series of images were captured in the 

indented material.  Figure 3a shows SEM plan and tilted views of an indented region, with 

indication of the orientation of the cross-sectional FIB milling.  The grain orientation map of the 

indented sample is shown in Figure 3c.  Within this figure, clear evidence of grain coarsening is 

present in the pile-up region near the edge of the indent. Many of these coarsened grains show 

what appear to be lamellar twin structures.  The grains in the central region of the indent have 

undergone significant refinement. Outside the indented region (labeled ‘undeformed’ in Figure 

3c), the material resembles the pre-tested images of Figure 2 providing confidence that the grain 

size changes are not from the specimen preparation. In Figure 3d, the CSL boundaries in the 

indented sample are mapped.  It can be seen that the large lamellar grains in the pile-up region 

are separated by Σ3	  boundaries	  with	  Σ7	  subgrain	  boundaries	  within	  these	  large	  grains.	  The	  

low	  angle	  grain	  boundaries	  seem	  to	  be	  depleted	  within	  the	  pile-‐up	  region	  as	  well.	  	  Although	  

the	  large	  grains	  are	  separated	  by	  Σ3	  boundaries,	  Figure	  3e	  reveals	  very	  few	  twin	  

boundaries	  within	  the	  pile-‐up	  region	  as	  compared	  to	  the	  undeformed	  region	  on	  the	  left	  of	  

the	  pile-‐up.	  	   

 

4.5 Discussion 

 Clearly, the indentation of the nanotwinned film resulted in substantial AGG in the pile-

up region. This is most evident by the cumulative density function of grain size for the different 

regions as shown in Figure 4a. In the undeformed region, a high fraction of low-angle, Σ3	  and	  	  



 

73 
 

 

Figure 4.3. Indented nanotwinned Cu film in (a) SEM image of indent with lines/arrows 

showing site specific foil lift-out locations (b) TEM bright field image (c) inverse pole figure 

orientation map (d) image quality map with CSL boundaries highlighted (e) image quality map 

with twin boundaries highlighted in red 
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Figure 4.4. Region-specific response of nanotwinned Cu to mechanical indentation at cryogenic 

temperatures (a) grain size evolution and (b) CSL boundary evolution 
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Σ5	  grain boundaries exist.	  	  These	  Σ3	  boundaries	  are	  indicative	  of	  the	  high	  density	  of	  twins	  

developed	  during	  the	  deposition.	  The	  Σ5	  boundaries	  were	  observed	  at	  the	  substrate	  

interface,	  possibly	  associated	  with	  the	  initial	  growth	  behavior	  of	  the	  film.	  	  Within	  the	  pile-‐

up	  region,	  the	  fraction	  of	  low	  angle,	  Σ3,	  and	  Σ5	  boundaries	  are	  significantly	  reduced.	  	  There	  

is,	  however,	  a	  strong	  Σ7	  accumulation	  in	  the	  pile-‐up	  as	  compared	  to	  either	  of	  the	  other	  

regions,	  as	  shown	  in	  the	  histogram	  of	  Figure	  4b.	  There	  is	  also	  an	  increased	  fraction	  of	  Σ25b	  

within	  the	  pile-‐up	  region.	  	  These	  can	  also	  be	  seen	  as	  subgrains	  within	  some	  of	  the	  larger	  

grains	  in	  Figure	  3d.	  	  Within the indented region, the refinement of the grain size is a result of 

the compression of the grains between the tip and the hard silicon substrate. Similar grain 

refinement under compression loading has been reported in other systems [12]. The distinct 

differences in grain size and CSL	  boundary type within these three regions are likely influenced 

by the complex stress state and boundary conditions imposed during the indentation process.  At 

the center of the indent, the stress state is dominated by compression, whereas at the flanks of the 

indents near the edges, more substantial shear stresses exist. 

The idea of substantial, rapid grain growth at cryogenic temperatures may seem to violate 

traditional metallurgical notions of migration kinetics.  However, recent modeling results have 

provided insight into the possible explanations for mechanically-induced grain growth at 

cryogenic temperatures. Sansoz and Dupont [13] performed molecular statics calculations of 

nanocrystalline Al at 0 Kelvin. The growth of the grains in their simulation was attributed to a 

shear-coupled boundary motion mechanism.  Additionally, molecular dynamics simulations 

performed by Janssens et al. [14] were able to estimate grain boundary mobility as a function of 

misorientation angle.  Although the exact nature of the mechanisms controlling boundary 

mobility is still uncertain, it is accepted that the mobility strongly depends on the 
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crystallographic misorientation between neighboring grains.  Certain grain boundaries with a Σ3 

type misorientation were noted to have a substantially higher mobility relative to other 

boundaries [14].  They reported that the near-Σ7 40° [111] boundary has an anomalously high 

mobility [14].  Olmsted et al. [15] also showed that there are several different types of Σ7 

boundaries that have very high mobilities, but not all Σ7 boundaries have this high mobility.  

Olmsted et al. [15] have also shown grain growth through simulations of boundary mobility and 

misorientation type. In their work, performed for Ni, the lowest energy boundary was found to be 

the coherent twin boundary Σ3 60° (111).  While the coherent twin is a Σ3 boundary, it is 

important to note that there are forty-one types of Σ3 boundaries, which all have the same 

misorientation between the grains, but possess different inclination planes and therefore possess 

a range of mobility values.  The Ni Σ3 boundaries had a range of energies from 0.06 J/m2 

(coherent twin) to 1.0 J/m2 [15]. Grain boundary energy, as noted previously, can provide a 

significant driving force for grain coarsening and contribute to which grains coarsen at a faster 

rate than their neighbors. 

	   Table 1 shows the number fraction of the coherent twin boundary, Σ3 60° (111), in both 

the undeformed and the indented samples.  In the undeformed material, it can be seen that of the 

40,812 boundaries analyzed, 4.9% of them were classified as coherent twin boundaries.  After 

cryogenic indentation, this fraction was reduced to only 0.4% coherent twin boundaries, an order 

of magnitude difference.  The significant reduction of twins suggests that a plausible mechanism 

of the grain coarsening was detwinning within the film under the indent, as described by Wang et 

al. [16].  

Field et al. [17] reported that grain growth is heavily dependent upon the twinning 

processes at low temperatures.  The twinned structure generally alters the energy and the 
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mobility of a mobile interface.  It has been shown that the slowest growing grains obtain the 

highest fraction of twin boundaries, as the new twin orientations presumably increase the 

boundary energy at positions where there is insufficient driving force to continue growth [16].  

The presence of the twins intersecting a grain boundary suppresses the mobility of that boundary, 

which can facilitate the primary recrystallization process.  When the grain boundary migration 

rate is high, few twins generally develop, while when the growth rate is low, more twins are 

found within the material.  The lack of twins in the pile-up, though presumably present prior to 

deformation based on the undeformed analysis, suggest that these grains grew quickly, as 

described by Field et al. [16]. Hence, the lack of twins is a result of a detwinning process 

accomplished by the collective glide of multiple twinning dislocations that form an incoherent 

twin boundary.  Moreover, Wang et al. [17] showed that detwinning can easily occur for thin 

films, and the driving force for such mechanisms is attributed to variations in the excess energy 

of coherent twin boundaries [17], as experimentally quantified to exist in the film's of this letter.  

These results imply that the high density of twins and their subsequent detwinning can be a 

dominant deformation mechanism and result in grain coarsening and the abnormal growth seen 

in the pile-up region.     

To date, this research has investigated the pre- and post- cryogenic indentation 

microstructure using TEM characterization.  The results have shown there is AGG that occurs in 

the pile-up region while there is a depletion of twin boundaries in this region.  What is not yet 

known is if this grain growth actually occurs during the indention or upon heating back to 

ambient temperature after indentation.  This same question can also be raised regarding the 

previous research performed by Zhang et al. [6].  To answer this existing uncertainty, we are 

currently performing an in situ cryogenic indentation experiment.    
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4.6 Conclusion 

 Nanocrystalline Cu thin films were deposited via PLD onto polished Si substrates, 

developing a columnar grain morphology with a high density of twins. The film was subjected to 

0. 5 N indentation at 77K. Subsequent quantification using precession enhanced electron 

diffraction determined the grain texture and grain-to-grain misorientation.  Three regions were 

identified: (i) undeformed which preserved the as-deposited microstructure (ii) pile-up and (iii) 

refined grains under the indent.  The grains within the undeformed film retained a high density of 

Σ3 boundary twins whereas the pile-up region showed significant grain coarsening, prevalent Σ7 

subgrain orientations and an order of magnitude decrease in Σ3 twin boundaries. Coupling these 

experimental results with prior simulations [16,17] suggests that detwinning is likely the 

contributing mechanism that allowed the grains to coarsen at significantly low homologous 

temperature, where diffusion based mobility would be inactive.  
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5.1 Abstract 

Nanostructured Cu films with and without a high density of twin boundaries in the <100> 

orientation were indented at approximately 77 K with a load of 0.5 N. Utilizing precession-

enhanced electron diffraction in the transmission electron microscope, the crystallographic 

texture, grain size, and grain-to-grain misorientation were quantified.  Unlike previously 

analyzed nanotwinned <111> Cu, which underwent grain growth in the pile-up region of the 

indent with a substantial increase in the Σ7 boundary fraction, the nanotwinned <100> Cu 

underwent grain growth with marked increases in the Σ3 and Σ5 boundary fractions. The 

untwinned Cu film without twin boundaries experienced little to no statistically observed grain 

growth. The twinned grain structure seems to facilitate the observed grain growth, either as a 
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result of the increased mobility of the twin boundaries and/or a complex mechanically-induced 

detwinning mechanism. 

 

5.2 Introduction 

 The high density of grain boundaries present in nanocrystalline metals can result in grain 

instability because of their inherent driving forces [1]. Grain growth occurs by the motion of 

grain boundaries, the velocity of which is represented by the product of a driving force and a 

boundary mobility. Since mobility is often dependent on atomic diffusion, temperatures of 

approximately one-half or higher of the melting temperature are usually required to observe 

substantial grain growth [2]. However, it has been reported that nanocrystalline grains have 

grown spontaneously in a matter of days while held at room temperature [3-5].  Additionally, for 

temperatures well below half of the melting temperature, it has been shown in a number of 

investigations [5-12] that mechanical loading can accelerate grain growth in nanocrystalline 

metals. Specifically, the work by Zhang et al.[1, 7] presented transmission electron microscopy 

(TEM) studies in which grain growth at room temperature occurred via indentation. In their 

reports, the starting grain size was approximately 40 nm, and after indentation, certain grains 

achieved sizes of nearly 300 nm. Even more surprising was a series of cryogenic indentations at 

77 K where the grains grew up to 700 nm [1].  At temperatures of several hundred degrees 

Kelvin, typical boundary velocities for Cu are on the order of 10-9 m/s [13], and at 77 K, one 

might expect grain boundary migration to occur only on geological time scales.  The ability for 

grains to grow under cryogenic conditions is not well understood. 

 Molecular dynamics (MD) simulations have provided some insight into the role of 

nanocrystalline grain boundary structure and motion under deformation [14-16]. Gianola et al. 
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[9] investigated grain growth in nanocrystalline Al and showed that discontinuous grain growth 

leads to the production of larger grains.  The grain growth driving force was attributed to the 

applied stress and not to inherent sources such as the grain boundary curvature. Tucker and 

Foiles [17] recently reported MD simulations to study the rate-dependency of grain growth in 

nanocrystalline Ni due to surface indentation at room temperature. Post-processing algorithms 

indentified individual grains and tracked the evolution of fundamental deformation mechanisms.  

Differences in the growth of the grains and the strain accommodation were correlated to 

differences in dislocation and twinning processes. Grains underwent refinement during the initial 

stages of indentation because of deformation accompanying dislocation nucleation/migration, 

twinning, and grain boundary plasticity [17]. As indentation continued, some grains near the 

indenter preferentially grew at the expense of smaller grains, while grains far from the indenter 

remain unaffected. This simulation did not indicate whether the grain growth is preferred in 

grains with particular grain boundary structures or if high or low-angle grain boundaries migrate 

more efficiently during indentation. 

 Zhang et al. [1] presented that the rate of grain growth and the hardness both increased 

when the deformation temperature was reduced to 77 K, an observation that was interpreted to 

indicate that growth was likely stress-induced and not thermally activated. In a paper recently 

published by the authors [12], a nanocrystalline <111> Cu thin film with a high density of as-

deposited twin boundaries was indented while submerged in liquid nitrogen. After post-

processing, the grains were found to undergo substantial grain growth in the ‘pile-up’ region of 

the indent, while the region at the center of the indent impression underwent grain refinement.  

Subsequent quantification using transmission electron microscopy-based precession-enhanced 

electron diffraction (PED) determined the crystallographic texture and grain-to-grain 
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misorientation. The grains within the undeformed region of the film retained a high density of 

Σ3-type twin boundaries, whereas the pile-up region showed significant grain coarsening, 

prevalent Σ7 subgrain formations and an order of magnitude decrease in Σ3 twin boundaries 

[12]. Coupling these experimental results with prior simulations, it was suggested that 

detwinning is likely the contributing mechanism that allowed the grains to coarsen as a result of 

significantly low homologous temperatures, where diffusion based mobility would be inactive. 

It is commonly accepted that the grain boundaries within a polycrystalline material differ 

in their structure, and in turn, their physical properties.  Specifically, populations of grain 

boundaries are categorized into several sets of sub-populations, with special boundaries being 

one of the most extensively used categories [18].  Twin boundaries form one of the subsets of 

special boundaries in face-centered cubic (FCC) metals [18].  They are distinguished by low 

surface energy and mobility variations (low mobility for coherent twin boundaries and high 

mobility for non-coherent twin boundaries), special misorientations, and a flat, step-like, 

geometry with sharp dihedral angles [18].  Despite the fact that twin boundaries are frequently 

observed in materials of technological importance, their geometry and effect on grain growth and 

related properties in polycrystals is still a matter of debate [18].  It has been suggested that they 

have a negligible effect on the flow stress [19], but this conclusion has been challenged [20].  

Recently, there have been studies conducted on the properties of twin boundaries and their role 

in the mechanisms that take place during the deformation of polycrystalline materials [18, 21-

23].  MD simulations have shown that twin boundaries can act as dislocation sources facilitating 

dislocation activity [24] as well as dislocation sinks [25]. 

Twin boundaries are not the only subset of special boundaries that may be contributing to 

grain growth.  Coincidence site lattice (CSL) boundaries have been the focus of numerous 
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studies [26-29]. Historically, the energy of a grain boundary was interpreted in terms of its S 

value, where a small value of S (high density of coincident boundary sites) suggests the lattices 

mesh well together, leading to lower boundary energy, however this pre-existing notion is 

currently under some scrutiny from researchers [27, 30]. It is unclear if these boundaries 

contribute to the grain growth behavior in metals. 

To determine the role that twin play in cryogenic indention induced grain growth of 

nanostructured Cu thin films, a series of nanostructured Cu films with and without a high density 

of twins was studied.  For the twins, the orientation of the film texture was compared between 

<100> and <111>, which would ideally modify the resolved shear stress from the indent on the 

twin plane.  The results of these experiments are compared, and the role of the grain structure is 

investigated.  The character of grain boundaries was examined by utilizing the ASTAR platform, 

which provides the possibility of reliable orientation/phase mapping with a spatial resolution as 

low as 3 nm [31].  

 

5.3 Experimental 

 As previously reported by the authors [12], Cu films approximately 500 nm thick were 

grown via a pulsed laser deposition (PLD) process onto polished silicon substrates. To form the 

twinned structure, the films were deposited at room temperature with a base pressure of 4.7*10-7 

Torr.  After deposition, in all three cases, the films had adopted a columnar-type grain 

morphology normal to the substrate surface with a high density of twin boundaries either 

horizontally or inclined to the substrate surface.  This type of grain structure has been identified 

as ‘nanotwinned’ [12] and will continue to be referred to as such in this paper.  Depending on the 

line-of-sight of the deposition target to the substrate, and thus the plum energy on impact, the 
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film exhibited two different textures; the center region was <111> and the outer perimeter was 

<100>, Figure 1(a) and 1(b). The pole figures from the orientation analysis were collected on a 

Bruker D8 with GADDS diffractometer.  For this work, these two textures will be considered as 

two different cases, a <100> nanotwinned and a <111> nanotwinned. 

 To determine the role of twin boundaries in grain growth, a nanostructured film was 

grown with little-to-no twin formation in the grains. This ~750 nm thick film was deposited via 

PLD onto a polished silicon substrate at an initial temperature of 117 K and a base pressure of 

5.3*10-7 Torr.  The resulting grains were columnar, without twin boundaries.  This type of grain 

structure is described as ‘untwinned’ throughout the rest of this paper.   

The indentation of the nanotwinned and the untwined Cu films was carried out using a 

custom-built immersion indenter, affixed with a modified Vickers indenter tip. To make the 

indents in this experiment comparable to the indent in the previous experiment [12], a 0.5 N 

normal force was implemented, and the sample was submerged in liquid nitrogen during 

indentation. The indenter tip was lowered at a rate of approximately 0.08 mm/s, until the indenter 

tip contacted the sample surface and was then held for 60 seconds. Details of the experimental 

instrumentation can be found in reference [12]. 

TEM cross-sectional foils containing the undeformed and the indented regions of the 

films were prepared at room temperature using a FEI Quanta 3D dual beam focused ion beam 

(FIB) equipped with an in-situ Omniprobe lift out micromanipulator according to a predefined 

lift-out procedure [32].  During the final milling steps, the acceleration voltage was reduced from 

30 to 5 keV to reduce surface milling damage [33].  After the foil was attached to a TEM grid, 

the specimen was further cleaned using a Gatan Precision Ion Polishing System (PIPS) operating 

at 2.5keV, 1.0 mA, and an inclination angle of 8 degrees. This last step was found to  
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Figure 5.1. X-ray diffraction pole figures from the nanotwinned Cu film a) <111> texture b) 
<100> texture 
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significantly improve foil quality by removing any residual FIB damage, yielding crisp 

brightfield images and precession enhanced diffraction patterns [12]. Comparing the indented 

region to the non-indented region in the same foil provided confidence that the specimen 

preparation did not produce artifacts in the data analysis and interpretation. 

The TEM foils were then analyzed in an FEI Tecnai F20 Supertwin TEM operating at an 

accelerating voltage of 200 kV and fitted with a NanoMEGAS© ASTAR PED orientation 

identification platform [34].  The ASTAR platform generates pseudo-kinematical electron 

diffraction conditions, which allows grain orientation to be measured.  This facilitates the 

collection and analysis of not only grain size but also the misorientation distributions.  The 

precession angle used for the analysis was 1 degree at step sizes of 10 nm.  

After collecting the PED data, the orientation of the diffraction pattern collected at each 

point was identified and was mapped using the nanoMEGAS software.  In order to provide 

detailed grain size and texture analysis, the orientation information was converted and exported 

for optimization through the OIM Analysis 5 software platform.  The conservative data 

processing parameters chosen in this study were a grain tolerance angle of 5 degrees and a 

minimum grain size of 20 nm, as well as a neighbor confidence interval correlations with a 

confidence interval of 0.05.  

 

5.4 Results 

 The cross-sectional inverse pole figure orientation map of the undeformed region of the 

nanotwinned Cu film with the <100> texture is presented in Figure 2(a).  The grains were 

generally columnar in nature with smaller grains found at the substrate surface, where the 

deposition process initiated.  These smaller grains were separated by low angle and Σ5  
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Figure 5.2. Undeformed nanotwinned <100> Cu film in cross-section a) inverse pole figure 
orientation map b) image quality map with CSL boundaries overlaid c) image quality map with 
twin boundaries overlaid 
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boundaries, as is shown in Figure 2(b), determined using Brandon’s criterion [35].  The 

grayscale in Figure 2(b) represents an image quality map of the scanned region with specific 

low-Σ CSL boundaries overlaid in color.  Additionally, in Figure 2(c), is an image quality map 

with the twin boundaries overlaid.  While there were twins found in the undeformed grains, the 

density of these twins is qualitatively not as high as the previously studied <111> nanotwinned 

Cu film [12].       

 Next, the cross-sectional inverse pole figure orientation map of the undeformed region of 

the untwinned Cu film is presented in Figure 3(a).  Once again, the majority of the grains shown 

were columnar in nature. The PLD process employed, whether executed at room temperature or 

onto a substrate cooled to 117 K, allowed for the Cu to first form seed grains along the substrate 

surface separated by low angle boundaries before it evolves into the columnar structure. In this 

untwinned case, there appears to be a higher density of low angle boundaries at the substrate 

surface as compared to the nanotwinned films. Figure 3(b) presents an image quality map of the 

undeformed region with the CSL boundaries, again calculated in accordance with Brandon’s 

criterion [35], overlaid. As the untwinned Cu film progressed upwards from the initial growth 

stage, the columnar grains were separated by Σ1 boundaries, Σ3 boundaries, and Σ7 boundaries, 

as opposed to the nanotwinned Cu in Figure 2(b), which qualitatively showed a higher 

prevalence of Σ5 boundaries. This difference in the initial growth stage is attributed to the 

substrate being cooled to 77 K in the untwinned case.  In addition to the initial growth stage 

orientation differences, the deposition temperature prevented twin formations in the columnar 

grains [12]. 

After cryogenic indentation and sample preparation were performed, the Cu specimens 

had three distinct regions, as shown in the representative micrograph in Figure 4(a).  The three  
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Figure 5.3. Undeformed untwinned Cu film in cross-section a) inverse pole figure orientation 
map b) image quality map with CSL boundaries overlaid c) image quality map with twin 
boundaries overlaid 
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Figure 5.4. Representative indent after cryogenic indentation a) SEM micrograph b) graphical 
cross-section of the indent 
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regions are designated as ‘parent’, ‘pile-up’, and ‘indented’ graphically represented in Figure 

4(b). PED orientation scans were completed for both the <100> nanotwinned and the untwinned 

Cu specimens in a manner previously reported for the <111> in reference [12].  The inverse pole 

figure orientation map of the <100> nanotwinned foil is presented in Figure 5(a). Each of the 

three regions of the indent possessed a distinct grain structure. Within the pile-up region of the 

indent, there were several grains that grew to a size much larger than the parent state. In Figure 

5(b), an image quality map of the scan is presented with the CSL boundaries overlaid. The large 

grains were bounded by Σ3 and Σ9 boundary types. There were very few low angle boundaries 

and few Σ5 boundaries in the pile-up region, although they were both populous in the parent 

region.   In Figure 5(c), the twin boundaries are outlined over the image quality map, with a 

prevalence of these boundaries located in the large grains. 

In the orientation map presented in Figure 6(a), the deformation-induced grain and twin 

morphology of the untwined Cu is vastly different than that previously observed in the 

nanotwinned Cu films, Figure 5 and reference [12].  There was clear grain deformation in the 

pile-up region and grain refinement under the indent.  The CSL boundaries overlaid on the image 

quality map in Figure 6(b) shows that there was a high density of low angle boundaries in the 

pile-up and indented regions of the untwinned film.  Qualitatively, these low angle boundaries 

appear to be more populous in the pile-up region than they were initially in the parent of the 

untwined foil.  This is opposite of what was observed in the <100> nanotwinned specimen and 

the previous <111> nanotwinned Cu [12], with these films showing significant grain growth in 

the pile-up.   
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Figure	  5.5	  	  Indented	  nanotwinned	  <100>	  Cu	  film	  in	  cross-‐section	  a)	  inverse	  pole	  figure	  
orientation	  map	  b)	  image	  quality	  map	  with	  CSL	  boundaries	  overlaid	  c)	  image	  quality	  map	  with	  
twin	  boundaries	  overlaid	  
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Figure 5.6. Indented untwinned Cu film in cross-section a) inverse pole figure orientation map 

b) image quality map with CSL boundaries overlaid c) image quality map with twin boundaries 

overlaid 
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5.5 Discussion 

 The nature of the original grain structure, governed by the deposition, plays a significant 

role in the grain growth behavior of these Cu thin films. Since the goal of this research was to 

determine the role of twin boundaries in the deformation behavior of Cu films being indented at 

77 K, being able to identify the grain size, the grain-to-grain misorientation, and the twin 

boundary content before and after deformation was critical in understanding the role of twin 

boundaries on the deformation mechanisms. By using the conservative optimization parameters 

outlined above, there was a chance that some of the smallest grains and some of the identified 

low angle boundaries were artifacts of the automated data analysis process.  The authors chose to 

keep these conservative parameters, however, so that the data presented was most representative 

of the films, and not manufactured by post-processing.  As the PED technique continues to 

mature, better optimization processes may become available, but the authors have utilized state-

of-the-art software platforms to improve the fidelity of the data.   

When twin boundaries are present in the undeformed structure (whether they be <100> or 

<111>), cryogenic indentation leads to grain growth in the pile-up region.  When the twin 

boundaries are not present, there seems to be grain refinement in the pile-up region.  The 

simplest way to quantitatively depict this difference is by plotting the cumulative grain size 

distributions for the parent, pile-up, and the indented regions found in the untwinned, the <100> 

nanotwinned, and the <111> nanotwinned shown in Figure 7(a-c), respectively.  To generate 

these plots, each grain was binned separately, and the cumulative area fraction was presented.  

Based on Figure 7(a), all three of the films had similar grain size distributions. Additionally, in 

Figure 7(c), the grain refinement observed within the indented region was similar for all three  
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Figure 5.7.  Cumulative grain size plots for the a) parent region b) pile-up region c) indented 
region. The <111> data is from reference [12].  UT refers to the nanostructured metal (without 
twins), whereas <100> and <111> refer to the two nanotwinned materials. 
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films.  They each contained grains that all measured less than 250 nm in diameter and exhibited a 

monomodal distribution. 

 The region in which the main differences between the three films is found in the pile-up 

on either side of the indent, Figure 7(b).  The untwinned film underwent grain refinement, with 

more than 75% of the grains (by area) having diameters less than 300 nm.  Originally, 

approximately 60% of the grains in the parent material of the untwinned film had a diameter less 

than 300 nm.  There were a few outlier grains with a relatively larger size. Upon reviewing 

Figure 6, these larger grains are located at or near the border separating the parent and pile up 

regions, which is not a clear distinct cut-off. Hence, these larger grains may be artifacts of 

residual grains from the parent material that did not experience significant evolution under 

deformation. 

In the previously studied <111> nanotwinned Cu [12], more than 80% of the grains (by 

area) had a diameter less than 400 nm.  In the pile-up region, only 50% of the grains (by area) 

had a grain diameter less than 400 nm.  There was considerable grain growth observed, with 

approximately 20% of the grains (by area) having a diameter larger than 600 nm.  Finally, in the 

<100> nanotwinned Cu examined in this paper, there was also considerable grain growth 

observed in the pile-up region.  Initially, in the parent region, 75% of the grains (by area) had a 

diameter less than 400 nm.  After indentation, in the pile-up region, 45% of the grains (by area) 

had a grain size larger than 600 nm.  The ledges within the cumulative distribution plots are 

representative of grains that evolved as a result of mechanical load on the film. 

 In an effort to understand how special grain boundaries play a role in this difference in 

grain growth, the CSL boundary fractions for the parent, pile-up, and indented regions of the 

untwinned, the <100> nanotwinned, and the <111> nanotwinned Cu were examined, and they 
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are presented in Figure 8(a-c), respectively. In the parent region, Figure 8(a), the films had 

similar distributions of CSL boundaries.  There was a high fraction of low angle boundaries and 

a fraction of Σ3 boundaries between 10 and 20% for all three of the deposited Cu films.  Both of 

the nanotwinned films contained Σ5 boundaries, and the untwined specimen contained a small 

fraction of Σ7 boundaries.  In the region under the indent, Figure 8(c), the three films again have 

very similar special boundary distributions.  The low angle boundary fractions have decreased 

slightly for the untwinned and <111> nanotwinned films. Interestingly, the low angle boundary 

fraction for the <100> nanotwinned film stayed approximately equivalent.  In this indented 

region, the Σ3 boundary fraction for all three films decreased to less than 10%, and the Σ5 and 

Σ7 fractions decreased as well. 

The pile-up regions of the indents show drastic differences in the boundary character 

between the three films, Figure 8(b).  The untwined specimen experienced almost no change in 

low angle boundary fraction, but the fraction of the Σ3 and Σ7 boundaries decreased 

significantly.  In the foil containing the <100> twin boundaries, the low angle boundary fraction 

decreased from the initial value of almost 40% to approximately 20% by boundary length.  As a 

result of the grain growth in the pile-up region and the coupled decrease in low angle boundary 

fraction, there is a sharp increase in the Σ3 boundary fraction and an increase in the Σ5 boundary 

fraction.  This is the only specimen that experienced growth in these two boundary types.  The 

<111> nanotwinned specimen and the untwinned Cu, however, both experienced a loss of Σ3 

boundaries and almost a complete loss of Σ5 boundaries.  The <111> nanotwinned specimen did, 

however, experience an increase in the fraction of Σ7 boundaries.  Initially, the fraction of Σ7 

boundaries was less than 2%, but in the pile-up region of the indent, this fraction increased to 

over 20% [12]. This increase in the Σ7 boundary fraction is attributed to the formation of the  
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Figure 5.8. CSL boundary fractions for the a) parent region b) pile-up region c) indented region. 
The <111> data is from reference [12]. 
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subgrains observed between the large Σ3 boundaries [12].  This subgrain formation is not 

entirely unanticipated because it is reasonable to assume that a polycrystal should be able to 

reduce the excess energy stored in the grain boundaries by reducing the grain boundary area as 

well as by grain boundary rotation [36]. The growth of these subgrains, by subgrain coalescence, 

was first reported by Hu [37]. Two neighboring subgrains coalesce by the elimination of the 

common low-angle grain boundary between them and become one larger, elongated subgrain 

[36]. Knowing this, these subgrains are further attributed to the process of the grown-in twin 

boundaries detwinning in response to the shear force along the flank of the indenter tip. 

The distinct differences in grain size and CSL boundary type within the three regions of 

the indents are likely influenced by the complex stress state and boundary conditions that are 

imposed during the indentation process.  At the center of the indent, the stress state is dominated 

by compression, whereas at the flanks of the indents near the edges, more substantial shear 

stresses exist. The similarity in these regions indicates that, while the CSL boundaries do play a 

significant role in grain boundary movement, they may not be the only contributing factor to the 

difference observed.  

Dynamic recrystallization in nanocrystalline metals is one possible mechanism for grain 

formation and growth [38, 39].  While the present study cannot definitively discount the 

possibility of a dynamic recrystallization process being responsible for the present observations, 

the very low temperature regime of the current observations appear to be more consistent with 

detwinning and related mechanisms for grain growth. 

 Sansoz and Dupont [40] performed molecular statics calculations at 0 K for 

nanocrystalline Al, under mechanically-induced grain growth conditions.  The growth of the 

grains in their simulation was attributed to a shear-coupled boundary motion mechanism [41].  
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This model, however, seems to fall short for the experimentally observed Cu system.  In the 

untwinned Cu, there is no observed mechanically-induced grain growth.  Instead, what is 

observed is actually the refinement of the grains under the indent and in the pile-up regions.  In 

contrast, <100> and <111> nanotwinned Cu exhibited substantial grain growth.  The presence of 

the twin boundaries is the only discernable difference between these samples. 

Wang et al. [42], Li et al. [43], and Jang et al. [44] showed that detwinning can occur 

relatively easily for thin films, and the driving force for such a mechanism is attributed to the 

variation in the excess energy of coherent twin boundaries [42].  From the results for the <111> 

nantowinned Cu foil, it can be inferred that the high density of twins, and their subsequent 

detwinning, can be a dominant deformation mechanism and can result in grain coarsening and 

grain growth. In the <111> film, twin boundaries were observed in the parent material that were 

oriented parallel to the substrate surface at a very high density. After indentation, the addition of 

mechanical stress allowed for catastrophic grain growth, with the twins no longer present.  The 

pile-up region contained large grains that contain several small grains.  In the main pile-up, these 

small grains were separated from the large grain by Σ7 boundaries.  The specific behavior of Σ7 

boundaries is not as well elucidated through numerical simulations as compared to Σ3, Σ5, or Σ9 

boundaries [26, 27, 29]. From this experimental study one could infer that the Σ7 forms in the 

wake of the detwinning process.   

This is not surprising, since recent research [45-48] performed on growth twins in 

nanostructured FCC materials has presented detwinning processes as a dominating deformation 

mechanism at the early stages of plastic straining. Cheng et al. [48] noted that dislocation arrays 

are often seen at the migrating twin boundary front of the receding twins and are highly active in 

the detwinning process.  Tucker and Foiles [17] showed that grain boundary relaxation and 
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atomic rearrangement during indentation can result in the emission of trailing partial dislocations 

that can eliminate stacking faults left behind leading partial dislocations.  These dislocation 

arrays form not only at the ends of the receding twins, but also at the sites of those dislocation 

walls that formed during processing.  There is collective glide of the partial dislocations at both 

twin ends, leading to detwinning [48]. This local dislocation movement allows the twinned 

region to convert back to the matrix stacking by dislocation movement, and the twin boundary 

disappears because of dislocation emission [48]. This was assumed to be the case for the <111> 

nanotwinned Cu. 

In the <100> nanotwinned Cu specimen, the density of twins is significantly lower than 

the <111> specimen.  In both films, qualitatively, the twins appear to be predominately parallel 

to the substrate, with a few inclined twins, Figure 2 and reference [12], however, this is only a 

two-dimensional view of the system.  The twins may in fact be at some angle to the substrate, as 

it is expected that two different textures should have differently angled twin boundaries but 

cannot be captured in a two-dimensional TEM foil. The pile-up region where grain growth was 

observed is known to have the most significant shear stresses.  The large grains in the pile-up 

region of the <100> nanotwinned Cu are outlined by Σ3 boundaries and Σ9 boundaries, of which 

the Σ9 forms at the triple junction with two Σ3 boundaries. In Figure 8(b), there is an increase in 

the boundary fraction of Σ3 boundaries for the <100> nanotwinned film as a result of 

deformation in the pile-up region.  While not all Σ3 boundaries are twin boundaries, the coupling 

of the increased Σ3 fraction with the twin map in Figure 5(c) is suggestive that the twin 

boundaries substantially increased in length within the pile-up region. The large grains, Figure 

5(a-b), in this case differ from those of the <111> nanotwinned Cu film [12] since these did not 

contain subgrains. This difference in behavior is attributed to the twin boundaries in the <100> 
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and the <111> textures responding to the applied load differently.  The orientation of the twin 

boundaries, with respect to the indenter tip and to the substrate surface, is inherently different in 

these two textures.  A difference in twin boundary orientation relates to a difference in the 

experienced resolved shear stress, which would be manifested in a difference in the observed 

grain growth. 

The untwinned Cu film did not have any observed grown-in twin boundaries. This 

difference in twin content appears to have led to a difference in behavior when loaded under 

cryogenic conditions.  The applied force from the indenter tip produced a similar shearing stress 

in the pile-up region. Without the twin boundaries in the parent material, the shearing stress led 

only to the distortion and refinement of the grains, as is presented in Figures 6(a-b).  The 

shearing effect on the grains allowed for the evolution of many low angle grain boundaries 

within the pile-up region – something that was not observed in either one of the nanotwinned 

cases (Figure 8(b)). 

Though grain growth was reported in previous nanostructured Cu films [1,7], the detailed 

characterization of the grain morphology was not reported. It is unclear if twins, if present, could 

have facilitated the reported grain growth.  If twins were present, the increased mobility 

associated with these boundaries and possible detwinning could explain the faster growth that 

Zhang et al. [1, 7] reported.  In our studies, when the twin boundary is perpendicular to the 

loading direction, which occurs directly under the indent tip, then detwinning is not intuitive 

because the resolved shear stress would be minimal. However, when the twins are inclined to the 

load, as is the case along the shank of the indenter tip and within the pile-up region, the 

appropriate shear stresses would be present and facilitate detwinning which has been previously 

observed [49].  To further understand how these twin boundaries contribute to the observed grain 
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growth in the pile-up region and to assess the orientation dependence of their behavior, in situ 

indentation would be required. In addition, such an in situ study would confirm if grain growth 

occurs at cryogenic temperature or when the film returns to ambient temperatures. These studies 

are currently underway.  

 

5.6 Conclusion 

 Cu thin films were deposited via a PLD process onto polished Si substrates to produce 

nanostructured films with and without a high density of twin boundaries. For the twinned films, 

two different film orientations, <100> and <111>, were compared. Each film was subjected to 

indentation using a load of 0.5 N, so that the deformation behavior could be compared to that of 

a previously studied <111> nanotwinned Cu [12]. Subsequent quantification, using PED, 

determined the grain size evolution and the grain-to-grain misorientation.  Three regions were 

identified within the TEM foil: (i) parent, which preserved the as-deposited grain structure, (ii) 

pile-up and (iii) refined grains under the indent. Grain growth was observed in the pile-up region 

of both of the nanotwinned Cu samples where as the untwinned Cu film underwent grain 

distortion and refinement.   It is proposed that the twin boundary mobility and a complex 

detwinning mechanism involving dislocation interaction at the twin front allows for shear stress-

driven grain growth since only the material containing twin boundaries experienced substantial 

grain growth.  While the two different textures both underwent grain growth, the grain boundary 

characters evolved in two different manners.  The <100> nanotwinned Cu experienced an 

increase in Σ3 boundary content and the <111> nanotwinned Cu showed an increase in Σ7 

content with subgrain formations. This distinction may be attributed to a difference in the twin 

boundary density between the two textures as well as a difference in texture (i.e. the inherent 
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differences in the angle of the twin boundaries between the <100> and the <111> films with 

respect to the indenter).  
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CHAPTER 6 

CONCLUSIONS AND FUTURE WORK 

 

In the case where grain boundary motion was driven by the grain boundary curvature and 

the addition of thermal energy, during the annealing of the Cu film, a manner of grain growth 

was observed that allowed for a monomodal grain size distribution to be maintained.  It was 

evident that the low angle grain boundaries (<15o) were consumed by measured increases in the 

boundary fractions of the Σ3, Σ5, Σ7, and Σ9 boundaries.  With the addition of thermal energy 

into the system, these low- Σ CSL boundaries were thermodynamically favorable for growth due 

to the low grain boundary energy associated with the symmetry of the boundaries.  Additionally, 

of the Σ3 boundaries identified within the system, many were identified as twin boundaries.  This 

was to be expected, since it is well known that Cu forms twin boundaries in response to 

mechanical loading, annealing, and from deposition.  These twin boundaries, however, were 

observed to allow for the grain growth and were responsible for the increase in the Σ3 boundary 

fraction.   

Alternatively, Ni was found to undergo a manner of grain growth that led to stages of 

grain size distributions that transitioned from monomodal to bimodal and then to monomodal 

again, although this second monomodal stage described a set of grains that were irregularly 

shaped.  While the bimodal grain size distribution was present, the boundary fractions of the Σ3 

and Σ9 CSL boundaries peaked.  Once these boundary fractions reduced to their ambient values, 
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this bimodal distribution was no longer present, indicating their involvement in the abnormal 

growth behavior.  Although there were also continual increases in the boundary fractions of the 

Σ5, Σ7, and Σ11 CSL boundaries, it was determined that the Σ3 and Σ9 boundaries allowed for 

the irregular growth of some of the Ni grains by minimizing the strain energy of the system. 

When alloying Cu and Ni at a fraction of Cu80Ni20, it was determined that a mode of 

grain growth was present that allowed for the film to maintain a monomodal distribution of grain 

sizes, similar to the Cu, although the distribution was much broader in this case.  The grains that 

grew large in this alloy system, however, were of a different orientation than what was 

thermodynamically favorable for the Cu or the Ni system.  The large grains were identified to be 

in a {-113} orientation.  This growth was accompanied by a large fraction of low angle grain 

boundaries and increases in the boundary fractions of the Σ3, Σ5, Σ7, Σ9, and Σ11 CSL 

boundaries.  Upon investigation, the Σ9 boundaries were identified as the boundaries that 

allowed for the growth of the {-113} grains in the alloyed system.   

In the case where grain boundary migration was driven by the application of a 

mechanical load at cryogenic temperatures, three regions were identified to undergo different 

forms of microstructural evolution.  These regions were characterized as (1) the parent region, 

(2) the pile-up region, and (3) the indented region (the grains under the center of the indenter 

tip).  When twin boundaries were present within the nanostructured Cu, there was observed grain 

growth in the pile-up region of the indent. For nanotwinned Cu with a <111> texture, this growth 

was attributed to a detwinning mechanism that left behind several Σ7 subgrains within the large 

grains.  In the <100> textured nanotwinned film, however, the grain growth that occurred was 

not attributed to a complete detwinning.  Instead, there was still a high density of twin 

boundaries found outlining the large grains in the pile-up region.  In both films, however, the 
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region under the center of the indenter underwent grain refinement.  It is proposed that the grain 

growth occurred, even at cryogenic temperatures, because of the shear forces acting on the twin 

boundaries within the flank of the indented region.  This observed growth is in contrast to what 

was observed in the nanostructure Cu film without twin boundaries.  As a result of the cryogenic 

indentation in the un-twinned case, the grains in the pile-up region responded to the shear 

stresses by undergoing refinement and distortion.   

While this research provides experimental validation to many published simulations, 

there is still work that can be done in the future for in situ annealing experiments and for 

cryogenic indentation research.  Future annealing research could focus on alloyed thin films.  

This work showed that the addition of an alloying element alters the grain growth mechanisms, 

and in this case, it was attributed to the alloying element coming out of solid solution and 

segregating to the grain boundaries.  Future work could be designed in order to quantify this 

segregation to specific grain boundaries. Additionally, in this case, the films were deposited onto 

silicon nitride windows, which did not allow for atom probe tomography due to its insulating 

properties. Future work could quantify not only the segregation of solute atoms to grain 

boundaries but could compare the relative solute content present at specific CSL and twin 

boundaries.  

In the cryogenic study, future experimental work could be done to determine if the same 

growth behavior is seen in other metal films with grown-in twin boundaries.  This research 

showed that when twin boundaries are present in the microstructure, growth occurs in the pile-up 

region – where shear stresses are present.  Additionally, future work could investigate the 

cryogenic indentation induced growth mechanisms of nanotwinned Cu in a bulk form.  This 

study investigated the indentation of thin films, but future work could look into a more three-
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dimensional stress field to determine the depth at which this growth is allowed.  There has been 

limited modeling that has been done to elucidate this behavior, but there have not been any 

experimental studies performed on the indentation of a nanotwinned bulk sample.  Future 

modeling work could be perfomed in order to investigate the specific detwinning processes 

associated with shear stresses at cryogenic temperatures.  This could elucidate whether or not the 

observed differences in grain growth between the <111> and the <100> nanotwinned films in 

this research was due to a difference in texture or due to a difference in twin boundary density.  

Whichever the case may be, the experimental results of this study can provide forward feeding 

direction for future computational studies.  
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CHAPTER 8 

APPENDICES 

 

Appendix A. Procedure for the collection of a PED scan using the nanoMEGAS ASTAR system 

 

1. Load sample into FEI Tecnai TEM 

2. Select sample holder in Tecnai user interface 

3. Turn on Digistar P1000 nanoMEGAS communication controller 

4. Turn on nanoMEGAS GIS box 

5. Turn on nanoMEGAS Laptop 

6. Open Digistar Control software on laptop 
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Figure A.1. nanoMEGAS desktop showing the Digistar Control software icon 
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7. Click Beam Scan on 

 

Figure A.2. Digistar control software platform showing the location of the Beam Scan button 

 

8. Set C2 aperture to 1 

9. Set FEG register to nanoMEGAS (SA, Spot size of 9) 

10. Align using normal procedures 

a. C2 alignment at 125kx 

b. Condenser stigmation at 400kx 

c. Find eucentric height 

d. Beam tilt pivot points at 400kx 

e. Rotation centering at 86kx 

f. Re-stigmate at 400kx 

11. Open RED Software (TEMdpa.exe) 
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a. Check to make sure the factory settings are still the preset values 

i. Format 7 Mode 7, Y8 

ii. AOI width: 144, height: 144, x offset: 24, y offset: 0, Speed: 400, Packets: 

496 

12. Precession Alignment 

a. Achieve optimal focus 

i. Click scan diffraction pattern (under configuration tab), adjust focus until 

the transmitted spot does not translate 

b. In Digistar software, click operate 

c. Select degree of precession (1o) 

d. Click Precession on 

e. Go to Bright Field image 

f. Click Beam Pivot Point at 32kx 

i. Use all four knobs on digistar controller to make one fine spot 

g. Click Descan Align 

i. Go into diffraction mode 

ii. Make transmitted beam one fine spot 

h. Click Image Pivot Point 

i. Go to bright field image 

ii. Bring the beam to one fine spot (corrects anything descan align disrupted) 

13. Bring up small phosphorus screen 

14. Place Stingray camera over window, turn off lights and TEM monitors 
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15. Name the scan under ‘Serial Name’ 

 

Figure A.3. nanoMEGAS’s Red software interface 

 

 

 

 

 



 

122 
 

16. Click Grab to go live from the camera 

17. Configuration tab 

a. Voltage 200000V 

b. X scale 0.5 nm/step 

c. Y scale 0.5 nm/step 

d. Image calibration 170.0 ppcm 

e. Camera Length 6.2 cm 

f. Target Drawing 100 

g. Initial Orientation 0o 
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18. Scanning Control 

a. For a 2 um x 2 um scan box, 

i. X axis: Point Count of 200, Step Width of 20 

ii. Y axis: Point Count of 200, Step Width of 20 

b. With precession on, the PC and SW have to be a factor of ten of each other 

 

Figure A.4. nanoMEGAS’s Red software showing the scanning control tab 
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19. Click show to see the scanning area in Bright Field image 

20. Go into diffraction mode, center the transmitted beam 

a. Insure the pattern is not translating by using the focus knob 

21. Unclick Grab, Start Scan 

22. Check that all the blocfile information is correct 

23. Click Update Blocfile 

24. When the scan is completed, the file will be on the C drive in a folder named blocfiles 

within ASTAR 

 

-‐ From here down, all analysis can be done off-line 

 

Creating a Bank of Diffraction Patterns for Analysis 

1. Open the GRAY software (DiffGen.exe) 

 

Figure A.5. nanoMEGAS’s Grey software showing the template bank creation 
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2. Diffraction settings 

a. Input TEM voltage of 200 KV  

b. Maximum convergence angle of 3-4o 

c. Excitation error of 1 

3. For cubic materials, use a step count of 50 

4. For lower symmetries, use a step count of 100 

5. Import structure on the right screen 

6. Click Create Bank 

a. Create File, NOT replace current 

7. Save created bank to the analysis folder 

 

Analyzing the blocfile 

1. Open the GREEN software 

2. Start a New Project (or Open an Existing) 

3. Images drop down menu 

a. Open image from block  
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Figure A.6. nanoMEGAS’s Green software showing how to open an image from a block file 
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b. Select block file from the analysis folder 

c. Edit the virtual bright field image by altering the virtual field zoom 

d. Click and drag on virtual bright field to find a strong diffraction pattern 

e. Click Open 

 

Figure A.7. nanoMEGAS’s Green software showing how to select a diffraction pattern from the 
orientation scan. 
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4. Template drop down menu 

a. Add template bank 

 

Figure A.8. nanoMEGAS’s Green software showing how to add a template bank 

 

5. Picture tab 

a. Spot detection radius of 2.15-3 as a default 

b. Softening loops of 2 

c. Spot enhance loops of 1 

d. Noise threshold of 10 

e. Gamma correction of 0.5 

f. Max working radius of 115 
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6. Centering tab 

a. Smoothing radius allows a unique max just under saturation (5-10 px) 

b. Center shift max (10 px) 

c. Click Auto Center 

 

Figure A.9. nanoMEGAS’s Green software showing how to optimize the diffraction pattern’s 
center spot 
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7. Camera Length tab 

a. Scan camera length 

b. Identify clear intensity maximum 

c. Left click to zoom in on local maximum 

d. Right click on local maximum to set to block file 

 

Figure A.10. nanoMEGAS’s Green software showing how to optimize the camera length 

 

8. Distortion tab 

a. Input any known disorientations 

b.  of -40 to start 
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c.  of 25 to start 

d. Under Parameter to Optimize, click on  then scan values 

e. Use the left click to zoom in and the right click to identify a maximum 

f. Under Parameter to Optimize, click on  then scan values 

g. Use the left click to zoom in and the right click to identify a maximum 

 

Figure A.11. nanoMEGAS’s Green software showing how to optimize the distortion values 



 

132 
 

 

9. Click Index Block File 

a. Name the Result file, Save to analysis folder 

b. Click Start 

	  

Figure A.12. nanoMEGAS’s Green software showing how to index the collected block file 

 

Viewing the indexed maps 

1. Open the WHITE software (MapViewer.exe) 

 

 

 

 

 

 



 

133 
 

2. Click Files 

a. Open Result File 

b. Select Result File from analysis folder 

 

Figure A.13. nanoMEGAS’s White software showing how to view the indexed orientation maps 
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3. Exporting the scan file for TSL OIM 5 Analysis 

a. Click File 

b. Export - .ang 

 

Figure A.14. nanoMEGAS’s White software showing how to export the orientation map to a 

.ang file 

 

 

A few housekeeping notes: 

-‐ The files created from the PED orientation mapping scans are several gigabytes, please 

remove the collected files from the folder labeled ‘blocfiles’ as soon as the scans are 

completed and move them to a backed up folder. 
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-‐ When the orientation mapping is completed, please move all of collected files from the 

laptop onto an external hard drive so that the analysis can be done on the support. 

computer and so the laptop does not end up slowing down due to too much saved data 

-‐ The laptop is what runs the nanoMEGAS, please be very careful with it and with what is 

loaded onto it. 

-‐ The precession alignment can take up to another hour after the TEM is aligned, and each 

scan can take from 15 minutes to hours depending on the scanned area of interest, please 

schedule time accordingly. 

-‐ The Stingray camera is very light sensitive, do not open the door during the scan or bump 

the table, as these will cause the run to be a failure. 
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Appendix B. Preparation of PED-Ready TEM Foils 

 

1. At a tilt of 52o, blindly deposit Pt at a voltage of 30 keV and a current of 0.1 nA over a 

region 45 x 5 µm in area with a thickness of 200 nm. This layer will protect the surface of 

the film from any potential ion damage during imaging and focusing. 

2. At a tilt of 52o, focus on the sample using the ion beam, and deposit Pt at a voltage of 30 

keV and a current of 0.3 nA over a region 40 x 2 µm with a thickness of 3 µm. This Pt 

bar will be the cap for the TEM foil. 

3. At a tilt of 52o, perform a ‘Regular Cross Section’ cut over a box adjacent to the bottom 

long edge of the Pt bar, measuring 42 x 8 µm to a depth of 7 µm with a voltage of 30 keV 

and a current of 3 nA. 

4. Repeat Step 3 on the top side of the Pt bar. 

5. At a tilt of 52o, perform a ‘Cleaning Cross Section’ cut over a box adjacent to the bottom 

edge Pt bar, measuring 42 x 0.5 µm to a depth of 7 µm with a voltage of 30 keV and a 

current of 1 nA. 

6. Repeat Step 5 on the top side of the Pt bar. 

7. Tilt the stage down to 22o and perform a cut along the bottom of the foil measuring 38 x 

0.5 µm to a depth of 2 µm with a voltage of 30 keV and a current of 0.3 nA. 

8. At a tilt of 22o, completely cut the left side of the foil free from the substrate with a box 

measuring 0.5 x 7 µm with a voltage of 30 keV and a current of 0.3 nA. 

9. At a tilt of 22o, cut through the right side of the foil with a box measuring 0.5 x 5 µm with 

a voltage of 30 keV and a current of 0.3 nA, being sure to leave the top attached. 



 

137 
 

10. Tilt to 0o. Insert the Omniprobe in situ manipulator and attach the probe to the free end of 

the foil using Pt deposition at a voltage of 30 keV and a current of 0.1 nA. 

11. At a tilt of 0o, cut the attached edge of the foil free from the substrate at a voltage of 30 

keV and a current of 0.1 nA. 

12. Attach the lifted out foil to a Cu Omniprobe grid using the Pt deposition at a voltage of 

30 keV and a current of 0.1 nA. 

13. Cut the Omniprobe free from the foil at a voltage of 30 keV and a current of 0.1 nA. 

14. Compucentrically rotate the foil -135o and deposit Pt along the back edge of the foil, 

connecting to the Cu Omniprobe, grid at a thickness of 500 nm at a voltage of 30 keV 

and current of 0.1 nA. 

15. Tilt to the angle at which the TEM foil is normal to the ion column (approximately 52o) 

and insure that the scan rotation is set to 180o. 

16. Tilt -1.5o relative to the normal and thin the bottom of the foil using a ‘Cleaning Cross 

Section’ measuring the length of the foil by 200 nm, starting from the bottom and 

working upwards, at a voltage of 30 keV and a current of 50 pA. Using the ‘Cleaning 

Cross Section’ for the thinning process was found to produce more uniform foils, as 

compared to traditional rectangle cuts. 

17. Tilt 1.5o relative to the normal and thin the top of the foil using a ‘Cleaning Cross 

Section’ measuring the length of the foil by 200 nm, starting from the top and working 

downwards, at a voltage of 30 keV and a current of 50 pA. 

18. Repeat Step 16 and Step 17 until the thickness of the foil is approximately 150 nm. 
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19. Tilt -1.5o relative to the normal and scan over the length of the TEM foil using a voltage 

of 5 keV and a current of 0.23 nA.  This has been found to clean some of the damage 

done from thinning. 

20. Tilt 1.5o relative to the normal and scan over the length of the TEM foil using a voltage 

of 5 keV and a current of 0.23 nA.   

21. Remove the foil attached to the Omniprobe grid from the FIB and load it into the Gatan 

PIPS. 

22. Using a voltage of 2.5 keV and a top and bottom angle of 8o, the PIPS was utilized for 6 

minutes in order to remove any residual FIB 


